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FOREWORD 


This volume of the TRansactions—the fourteenth of the Institute of 
Metals series—contains 32 papers dealing with metallurgical phenomena 
of current and permanent interest, which represent an enormous amount 
of painstaking work on the part of the authors. 

Five papers deal with the constitution of important systems. Three 
are primarily concerned with the strength properties of alloys but addi- 
tional information dealing with mechanical properties is presented, inci- 
dentally, in several other papers concerned primarily with other problems. 
Seven papers relate to deformation and recrystallization, one to aspects 
of oxidation that are important in the annealing of copper alloys, while 
— one deals with corrosion phenomena under static stress. 

The breadth of subjects covered and the quality of the papers is 
apparent. Much credit should be given to the chairman, Cyril Stanley 
Smith, to the vice-chairman, E. E. Schumacher, and to the members of 
the Papers and Programs Committee for their untiring work in organizing 
meetings and in editing materials for this volume. 

The Annual Lecture, by E. H. Dix, Jr., Chief Metallurgist of the 
Research Laboratories of the Aluminum Company of America, on “ Accel- 
eration of the Rate of Corrosion by High Constant Stresses,”’ is outstand- 
ing in this series of Annual Lectures. The lecturer clarified the relations 
between stress and the electrochemical aspects of corrosion that are 
responsible for ‘‘stress cracking” and thus removed much of the mystery 
which has veiled this phenomenon to which both ferrous and nonferrous 
alloys may succumb. 

The work of the Membership Committee is extremely important and 
the effort that has been given to it by L. R. Van Wert, the chairman, and 
by the members of his committee is greatly appreciated. 

As Chairman of the Division, I want to thank the members at large, 
the officers, the chairmen and members of the various committees for their 
efforts in carrying forward the work of the Institute of Metals Division. 


Epmunp M. Wiss, Chazrman, 
Institute of Metals Division. 


Bayonne, N. J. 
June 24, 1940. 
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Epa@ar H. Drx, Jr. 


Institute of Metals Division Lecturer ,31940 


Acceleration of the Rate of Corrosion by High Constant 
Stresses 


By EH. H. Drx, Jr.,* Memper A.I.M.E. 
(Institute of Metals Division Lecture +) 


In selecting the subject, “Acceleration of the Rate of Corrosion by 
High Constant Stresses,” for the 1940 Institute of Metals Division Lec- 
ture, I have been influenced by its highly theoretical and speculative 
nature as well as by the great practical importance of the correct inter- 
- pretation and appraisal of the engineering significance of the phenomenon. 
I lay no claim to originality in talking on this topic, since it has been the 
subject of discussion for over a quarter of a century. However, as our 
_ technical thinking advances, old phenomena take on new and more 
significant aspects. In our studies at the Aluminum Research Labora- 
tories, we have encountered many perplexing and seemingly contradictory 
results and have been fascinated by the problem of dovetailing all of the 
many pieces of information to make a complete picture. I hope that in 
the brief period of this lecture I may share with you some of the enjoy- 
ment we have had in attempting to meet this challenge to metallur- 
gical science. 

The emphasis generally has been placed on the spontaneous failure by 
cracking of a metal under the combined action of high stress and corrosion, 
hence the present-day use of the terms “stress corrosion” or ‘‘stress 
corrosion cracking.”’ The older term ‘‘season cracking,’ applied more 
specifically to copper-base alloys, includes, by inference, the element of 
time. For the purpose of the discussion today I will use ‘“‘stress corro- 
sion” to cover broadly the effect of stress in accelerating the rate of 
corrosion of metals. To stay within the limits of allotted time the dis- 
cussion will cover the effect of high static stresses rather than repeated or 
dynamic stresses, which would take us into the related field of corro- 
sion-fatigue. 

The subject is particularly appropriate for an Institute of Metals 
Division Lecture because much the same phenomenon has been observed 
in almost all metal systems. Thus, in addition to the season cracking of 
brass may also be mentioned the ‘“‘caustic embrittlement”’ of steel boiler 


* Chief Metallurgist, Aluminum Research Laboratories, Aluminum Company of 
America, New Kensington, Pa. 

+ Presented at the New York Meeting, February 1940. Nineteenth Annual 
Lecture. Manuscript received at the office of the Institute March 12, 1940. Issued 
as T.P. 1204 in Merats TecHnovoey, June 1940. 
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plate, the “embrittlement” of lead cable sheath and the “spontaneous 
cracking” of the old, impure, zinc-base die-casting alloys. Certain 
aluminum alloys and some types of stainless steel are also known to be 
susceptible to stress corrosion. 

The principal factors in stress corrosion vary greatly in their relative 
influence and may interact, one accelerating the action of another. 
These factors are stress, corrosive environment, time and the internal 
structure of the alloy. The internal structure is dependent upon the 
composition, method of fabrication (‘‘as cast,’’ hot-worked or cold- 
worked), thermal treatments and often the extent of natural aging. 

Aging, as I expect to show during the course of this discussion, plays 
a very important role in determining whether or not a metal will be 
susceptible to acceleration of corrosion by stress. It is particularly 
appropriate, then, that stress corrosion be discussed but a few months 
subsequent to the comprehensive symposium on precipitation-hardening 
at the last National Metals Congress. 

The literature on the subject of stress corrosion is voluminous and it 
will not be possible to cover, even superficially, the many important 


articles on this subject. Rather, it shall be my purpose to treat the. 


subject in a speculative manner in the hope that the new experimental 
evidence presented and the theory of the mechanism of stress corrosion 
suggested will lead to a better understanding of the phenomenon among 
metallurgists interested in the different metal systems and will aid in a 
more intelligent engineering appreciation of its practical significance. 
About a quarter of a century ago, EK. Heyn, in the May lecture of the 
British Institute of Metals, chose for his subject Internal Strain in Cold 
Wrought Metals, and Some Troubles Caused Thereby.!. While that 
lecture was devoted primarily to a consideration of the mechanical aspect 
of the effect of stress, the influence of surface damage produced by local- 
ized corrosion was recognized. In 1918, the significance of corrosion in 
the season cracking of brass was well recognized in a discussion on this 
subject? contributed to by such well-known metallurgists as William 
Campbell, W. H. Bassett, W. R. Webster, P. D. Merica, W. B. Price, 
H. 8. Rawdon and C. H. Mathewson. Yet, in 1919, Rosenhain and 
Archbutt,’ in attempting to explain the mechanism of the failure of some 
high-zine aluminum-base alloys, ignored the significance of the role of 
corrosion and suggested that viscous flow of the amorphous material at 
smooth, regularly formed grain boundaries was responsible for the crack- 
ing. Rosenhain also defended this theory in 1922 in discussing the failure 
of metals under internal and prolonged stress,‘ although apparently 
without convincing C. H. Desch, L. Archbutt, W. H. Hatfield, D. Han- 
son, O. W. Ellis and others who also participated in the discussion. The 


References are at the end of the paper. 
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excellent correlated abstract on the embrittlement of boiler steel, by 
Partridge and Schroeder® also should be mentioned as illustrating the 
mass of conflicting literature available on only one phase of this wide 
subject. The author, in preparing this lecture, has more than once 
regretted his temerity in selecting such a broad and frequently discussed 
subject. Many of the ideas that will be expressed today have been 
advanced by others at various times in the past. However, it is hoped 
to be able to present a fresh aspect and a somewhat different emphasis, as 
indicated by the title, ‘Acceleration of the Rate of Corrosion by High 
Constant Stresses.’’ 

As so often occurs, practical solution has preceded acceptable scientific 
explanation. The season cracking of brass has been largely eliminated 
by low-temperature annealing to minimize the internal stress. Zinc-base 


_ die castings have been greatly improved by the use of very high-purity 


zine and the addition of certain corrective elements. Caustic embrittle- 
ment of boilers has been practically overcome by the proper selection of 
steel and suitable treatment of boiler waters. More suitable aluminum 


alloys have replaced the high-zinc compositions, and the stress cracking 


of stainless steel is being avoided by corrective additions, proper thermal 
treatment and pilot tests, such as are described by Hoyt and Scheil,® to 
determine the type of steel best suited for a new application. 

Since the time of Rosenhain’s stress-cracking experiments with the 
high-zine, aluminum-base alloys, the commercial aluminum alloys have 
been peculiarly free from service failures attributable to stress corrosion. 
However, within recent years the industrial utilization abroad of a new 
group of strain-hardened high-magnesium, aluminum-base alloys has 
again drawn attention to this phenomenon and the recent literature,’~" 
particularly in Germany, is replete with articles discussing the stress corro- 
sion of these alloys and methods of prevention that are being studied. 

In our own experience, about ten years ago, a very spectacular example 
of stress corrosion closely resembling the season cracking of brass was 
encountered. A pan drawn from cold-reduced sheet, which had not 
been subsequently annealed, of an aluminum-magnesium alloy containing 
10 per cent Mg, was found to be in the condition shown in Fig. 1 after a 
few months during which New Kensington tap water was stored in it. 
This experience, fortunately occurring in the early stages of the investi- 
gation, focused attention on the possibility of this type of failure in new 
and untried alloys and resulted in a rather extensive research on this 
phenomenon by the writer and his co-workers. The wisdom of this 
procedure became evident in comparison with the procedure abroad, 
where certain of these alloys achieved considerable engineering use before 
this characteristic was discovered. 

In any modern industrial laboratory, research is a coéperative effort, 
in which a group of experts bring their specific knowledge to bear on the 
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problem in hand and the result, achieved through this effective manner 
of operation, is truly the result of teamwork in which one person, such as 
your lecturer, has only a small part. Were I to attempt to give credit to 
all the individuals who have had a part in the researches contributing 
toward this lecture I would have to name a large number of the personnel 
of the Aluminum Research Laboratories. I shall mention but a few in 
the course of this discussion but I here wish to acknowledge my indebted- 
ness and appreciation to the Director and Assistant Directors of the 
Aluminum Research Laboratories and to the management of the Alum- 
inum Company of America for the far-sighted and broad-minded policies 
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that have made it possible for me to present this lecture today. I wish 
especially to mention my co-workers, W. L. Fink and L. W. Kempf, to 
whom belongs a large share of the credit for planning and coérdinating 
the many laboratory investigations which have been necessary for an 
understanding of stress corrosion. It is our hope that the more impor- 
tant of these investigations will be published in detail later. I wish also 
to express my appreciation to R. B. Mears, R. H. Brown, G. F. Sager and 


J. J. Bowman, who have kindly aided in the preparation of this lecture. — 


MECHANISM OF INTERGRANULAR CORROSION 


Any discussion of the metallurgical considerations that determine 
whether or not an alloy is susceptible to stress corrosion should, quite 
naturally, begin with the well recognized fact that, with few exceptions, 
the path of a stress-corrosion failure follows grain boundaries. This 


fact is of both theoretical and practical importance. Theoretically, it 
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furnishes an important clue to the mechanism of stress corrosion and, 
practically, it permits, by means of microscopic examination, a correct 
diagnosis of the cause of a service failure. Fractures produced by over- 
loading, at room temperature, either by static or dynamic load, are, in 
most cases of industrial alloys, intragranular, as opposed to the inter- 
granular nature of a stress-corrosion failure. The intergranular corrosion 
of metals and its relation to stress cracking or stress corrosion was dis- 
cussed at some length in 1927 by Rawdon,'* who made the following 
significant statement: ‘The susceptibility of duralumin to this type of 
corrosive attack (intergranular) appears to be intimately related to the 
structural conditions obtaining at the grain boundaries as the result of 
heat-treatment procedures and mechanical treatment.’ In 1930, the 
late W. H. Bassett!® stated: ‘It has been our observation that there 
is a certain relation between dezincification and season cracking. We 
‘are not able to make an exact statement but, generally speaking, the 
brasses which dezincify or are subject to selective solution will season 
crack under what we may call ordinary conditions or atmospheric con- 
ditions. Those that are not subject to selective corrosion are much less 
liable to stress cracking.”’ ‘“‘ Dezincification”’ is the brass man’s name for 
a special type of corrosion, which is frequently intergranular. 

A little over a decade ago L. J. Weber and I developed the essence of a 
- theory to explain the intergranular corrosion of certain types of the heat- 
treated aluminum-copper alloys that have been either too slowly quenched 
or reheated after the solution heat-treatment. This theory was based 
on two facts, which will be discussed in some detail. 

First, an understanding of the microstructural conditions that brought 
about susceptibility to this type of attack was obtained in 1926, when 
H. H. Richardson and I* were able to show, for the first time by micro- 
scopic examination, the presence of discrete particles precipitated from an 
aluminum-copper solid solution by aging for two weeks at 200°C. sub- 
sequent to a solution heat-treatment. It was found that in all of the 
as-cast alloys with which we worked precipitation at the grain bound- 


aries was in a more advanced stage than within the grains. ven when 


precipitation within the grains was indicated only by a mottled appear- 
ance produced after etching, the precipitate at the grain boundaries 
was readily resolvable and was found to be surrounded by narrow zones 
that etched smoothly. This condition is shown in Fig. 2. Since these 
results were obtained there has been considerable development, largely 
through the efforts of F. Keller, in the metallographic and etching tech- 
nique applied to aluminum alloys. The important and convincing work 
of W. L. Fink and D. W. Smith!’-” has confirmed these early indications 
in the aluminum-copper alloys. They have also found that similar con- 
ditions exist in aluminum-magnesium alloys and that in cold-worked 
sheet of both alloy systems the initial precipitation occurred along slip 
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planes as well as grain boundaries. Bain, Aborn and Rutherford?! have 
also concluded that carbide precipitation occurs at the grain boundaries of 
stainless steels that are sensitive to intergranular corrosion. 

The second fact necessary for the theory was contributed by the work 
of J. D. Edwards and C. 8. Taylor,?? who showed that, in chloride solu- 
tions, pure aluminum is electronegative to many of its alloys, particularly 
duralumin. They also found that aging at an elevated temperature, sub- 
sequent to a solution heat-treatment, changed the solution potential of a 
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Fia. 2.—GRAIN-BOUNDARY ZONE IN ALUMINUM-COPPER (1.6 PER CENT CU) ALLOY AFTER 
PROLONGED AGING AT 200°C. 2000. ErcH, 1 PER cenT NaOH. 


duralumin-type alloy in the anodic direction, and they connected this fact 
with the lowered resistance to corrosion produced by such reheating. 

Although the conception of Weber and Dix, previously referred to, 
was never published in detail, in 192823 the latter wrote as follows: 


. our experiments regarding the solution potential of aluminum as compared to 
the alloy would indicate that there is a difference in solution potential between the 
material composing the grains and that at the grain boundaries, and that the direction 
of this potential would be such as to cause the solution of the metal at the grain 
boundaries to be greatly accelerated. The solution of the very small amount of metal 
in the grain boundaries would proceed rapidly and the corroding solution would be 
drawn by capillary attraction farther and farther below the surface, following always 
the films of purer aluminum along the grain boundaries. In this way, the strength 
and ductility of the alloy would be rapidly destroyed. 


L. J. Weber and F. P. Somers,” continuing the work of Edwards and 
Taylor, found that, for a given piece of duralumin-type alloy, the sus- 
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ceptibility to intergranular corrosion as influenced by heat-treating con- 
ditions could be related to the solution potential of the alloy as measured 
in a sodium chloride-hydrogen peroxide solution. Such measurements 
have proved valuable in laboratory studies but are limited in their gen- 
eral applicability, as pointed out by J. B. Johnson.?5 

F’. Keller‘ found that particles of precipitate could be observed at the 
grain boundaries in duralumin-type alloys that had been made susceptible 
to intergranular corrosion, either by quenching too slowly or by reheating 
after a solution heat-treatment. Also, the contrast in etching charac- 
teristics between grains of different orientation was definitely less than 
in rapidly quenched material, Such microscopic indications have been 
valuable aids in differentiating between duralumin-type alloys that have 
been heat-treated so as to be immune to intergranular corrosion and those 
in which the heat-treatment has been such as to make them susceptible 
to this type of attack. 

It has been shown” that, in chloride solutions, copper and silicon in 
solid solution in aluminum make the solution potential more cathodic. 
- On the other hand, magnesium and zinc in solid solution make the solu- 
tion potential more anodic. Thus, aluminum is anodic to aluminum- 
copper solid solutions, but cathodic to solid solutions of aluminum and 
magnesium. When magnesium and silicon are present in aluminum in 
the ratio of the compound Mg,Si, a solution heat-treatment results in no 
significant change in the solution potential of the alloy. The numerical 
values obtained for the solution potentials of some aluminum solid solu- 
tions and intermetallic compounds are given in Table 1. These values 
agree remarkably well with those published by Akimow and Oleshko.?¢ 
There is now considerable evidence to indicate that the first particles to 


TaBLE 1.—Potentials of Aluminum Solid Solutions and Constituents* 
NaCl-H:20, Solution’ N/10 Calomel Scale 


soto k Be oo Loree GE ag IRR Aluminum containing 4 per cent 
CuAls.., —0.53} Mg in solid solution........... —0.87 
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Aluminum containing 4 per cent Zn in solid solution............ —1.02 
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¢R. H. Brown, Aluminum Research Laboratories. 
®53 grams NaCl + 3 grams HO; per liter. 


be precipitated in these systems do not have the same crystal forms as the 
compounds CuAl, and MgsAls under equilibrium conditions. However, 
it seems reasonable to assume that the solution potentials of the transition 
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phases will not differ greatly from those of the equilibrium compounds. 
While it has not yet been possible to determine the solution potential of 
the compound M¢g,Si, it has been demonstrated, by corrosion experiments 
on surfaces that have received a metallographic polish, that there is no 
appreciable galvanic attack in chloride solutions between particles of 
the Mg.Si constituent and the surrounding aluminum matrix. Hence 
its solution potential either does not differ appreciably from that of 
aluminum or polarization occurs so rapidly as to prevent any significant 
current flow. In similar experiments it was found that the aluminum 
solid solution matrix was corroded adjacent to the particles of the alu- 
minum-copper compound CuAly. In contrast, under similar conditions 
the particles of the compound Mg;Als, were corroded without affecting 
the surrounding aluminum-magnesium solid solution. Thus, these 
experiments confirm the potentials given in Table 1. It will be observed 
also that the potential of the compound MnAlg is approximately the same 
as that of pure aluminum. These facts undoubtedly account for the 
excellent resistance to corrosion of the aluminum-Mg,Si and the alumi- 
num-manganese alloys. 

It is evident in aluminum-copper alloys that, if the thermal treatment 
has been such as to produce localized precipitation at the grain boundaries, 
the depleted solid solution zone adjacent to the precipitate will be anodic 
to the solid solution richer in copper within the grains and also to the 
particles of precipitate. Owing to the relatively small areas o -these 
depleted zones, the current density will be high and the solution of these 
zones will be rapid. In the aluminum-magnesium alloys the situation is 
somewhat different. The particles of precipitate will be anodic to both 
the depleted solid solution and the solid solution richer in magnesium 
within the grains. Therefore, the particles of precipitate will be 
rapidly attacked. 

To test the validity of the electrochemical theory of intergranular 
corrosion, R. H. Brown, working in collaboration with W. L. Fink and 
R. B. Mears, performed the following experiment. A piece of coarse- 
grained aluminum-copper (4 per cent Cu) alloy sheet was given a solution 
heat-treatment, followed by artificial aging, in order to put it in a condi- 
tion susceptible to intergranular corrosion. Two specimens were then 
cut from this sheet. The grain boundaries of one of these were painted 
with Bakelite varnish so that only the grain areas would be exposed. 
The grain areas of the other specimen were masked out in a similar man- 
ner, so that only the grain boundaries were exposed. Of course, owing 
to the difficulty of the operation, the grain-boundary width was about 
1 mm., which was greater than desired. The specimens were then 
immersed in a sodium chloride-hydrogen peroxide solution and measure- 
ments of open-circuit and closed-circuit potentials and of current flow 
between the two specimens were made in a manner shown schematically 
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in Fig. 3. The open-circuit potential of the specimens having the grain 
areas exposed to the electrolyte was —0.748 volt, and that of the speci- 
men having the grain boundaries exposed was —0.792 volt. Thus, the 
grain boundaries were found to be anodic to the grain areas by 0.044 
volt. Had it been possible to follow more closely the grain boundaries 
in the masking operation, the recorded difference in potential undoubtedly 
would have been greater. The closed-circuit potential of the two 
specimens joined electrically was —0.788 volt, which corresponds rather 
closely with the potential of the more anodic areas. For comparison, 
it may be noted that under similar conditions the solution potential of 
pure aluminum is —0.84 volt, 
and of the rapidly quenched Fate 
aluminum-copper (4 per cent Cu) g 
solid solution —0.69 volt. 

While these potential measure- 
ments are of great interest and 
are in confirmation of the proposed 
theory of the mechanism of inter- 
granular corrosion, the real 
measure of the amount of metal 
consumed by corrosion is the cur- 
rent that flows between the areas  ExPOsED 
of high and low potential. Brown 
found that, in the aluminum- 
copper alloy specimens described, 
which were immersed in the solu- 
tion so that the total exposed area cea 
of the pair of specimens was 56 sq. —R-REFERENCE ELECTRODE 
cm., the current was 2.1 milliam- Fig. 3.—APPARATUS FOR MEASURING 

: : POTENTIAL AND CURRENT FLOW BETWEEN 
peres. The current density on  gpary pouNDARIBS AND GRAINS. 
the exposed areas of grain bound- 
aries, therefore, is relatively high. The highly specialized technique 
required to make measurements of this sort has been described 
previously. ?”-*8 

By a further development of this technique, Brown has succeeded in 
measuring the potential of very small local areas on the surface of the 
same aluminum-copper alloy. This was accomplished by using a small 
capillary tube drawn down to a diameter of 1 mm. A rubber tube con- 
nected this capillary tip to the calomel electrode. A drop of potassium 
chloride solution was permitted to flow through the tube and was held by 
surface tension to the capillary tip. This drop (about 1 mm. in diameter) 
was brought in contact with the surface of the alloy. The potentials 
obtained in this manner are shown in Fig. 4. These results confirm the 
previous findings in indicating that the grain boundaries are more anodic 
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than the grains. They show also that the difference in potential between 
any grain and its boundary varies considerably and in some cases is as 
high as 0.20 volt. A further important fact is that the potentials of 
the centers of the grains also vary considerably. It was suggested 
that the measured potential may be related to the orientation of the 
grains as determining the number of copper atoms in the faces exposed to 
the electrolyte. 

These electrochemical measurements, made on an alloy in which the 
susceptibility to integranular corrosion is directly related to a heat-treat- 
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Fic. 4.—PorTpnTIAL OF GRAIN BOUNDARIES AND GRAINS. 


ment that causes selective precipitation at the grain boundaries, indicate 
that, if similar painstaking measurements are made on alloys of other 


metals, the reason for their susceptibility to intergranular corrosion may | 


be established and methods of prevention developed. 

In the preceding discussion no mention has been made of the surface 
film that protects some metals from corrosion under many conditions. 
In environments in which the film is partially broken down, selective 
corrosion is likely to occur in alloys in which localized precipitation has 
occurred along grain boundaries (or, at times, slip planes) in an arrange- 
ment providing a more or less continuous path for corrosion to penetrate. 
Corrosion will occur along these pathways when the great volume of the 
material (the grains) is cathodic to the precipitated phase or the depleted 
zones adjacent to it. U. R. Evans?® has discussed in further detail the 
electrochemical relations between the three different areas referred to and 
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the factors influencing the flow of current, with especial reference to the 
criteria set up by G. Akimow.®*° 

I have spent considerable time in discussing the intergranular corro- 
sion of aluminum alloys, largely because I have had access to more com- 
plete data on these alloys. Perhaps it would be well, however, to take 
an example from another metal system. Bain, Aborn and Rutherford?! 
have attributed intergranular corrosion of stainless steel to the depletion 
of the chromium content of the solid solution at the grain boundaries 
caused by precipitation of chromium carbide. They feel that the corro- 
sion along the grain boundaries is well accounted for by the lower resist- 
ance to corrosion of the impoverished iron-chromium solid solution.* 
It has been our opinion*! that the difference in solution potential between 
the depleted solid solution and the solid solution of higher chromium con- 
tent within the grains was a contributory if not the main factor. It is 
' known that low-carbon steel is strongly anodic to austenitic chromium- 
nickel steels, hence the depleted grain boundaries would be expected to 
be anodic to the grains. Hodge and Miller* state: 


Such intercrystalline corrosion (referring to austenitic chromium-nickel steels) is 
undoubtedly accelerated because of the presence of the resistant matrix and resistant 
chromium carbides in contact with the impoverished areas, thus establishing ideal 
conditions for the formation of an electrolytic couple. 


In the examples just discussed the nature and the origin of the precipi- 
tated phase is known because of the large amount of investigation that 
has been devoted to these metal systems. In other cases the reason for 
selective corrosion at the grain boundaries is not so well understood, and 
many may seriously question whether precipitation is the only mechanism 
in wrought alloys by which significant differences in the solution potential 
of the grain boundaries as compared to the grains can be produced. 
Rawdon** has discussed the intergranular corrosion of extremely high- 
purity lead (99.99 per cent) in solutions of lead acetate and nitric acid. 
Another case in point is the discovery, by F. H. Rohrman,** that very 
high-purity aluminum rapidly quenched from a high temperature suffers 
intergranular corrosion in a 10 per cent HCl solution, whereas if slowly 
cooled, no preferential attack occurs. R. H. Brown,** applying the 
technique previously described, found that in aluminum sheet of 99.986 
per cent purity quenched rapidly in cold water after being heated for 
1 hr. at 620°C., the grain boundaries were anodic to the grains in a 20 per 


* A. B. Kinzel has attributed the selective corrosion at the grain boundaries to 
strain and electrolytic effect increasing the rate of attack over the rate of formation of 
a passive film. He feels that chromium impoverishment is entirely unnecessary to 
account for the corrosion phenomenon. (Reference: discussion of paper by Bain and 
Aborn: Nature of the Nickel-chromium Rustless Steels. Amer. Soc. Steel Treat. 
(1930) 18, 875; Minute Nonferritic Particles in Steel. Jnl. Applied Sci., 8, No. 5, 
May 1937.) 
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cent HCl solution and the measured current flowing from the grain 
boundaries to the grains was about 0.01 ma. On the other hand, in sheet 
slowly cooled from the same temperature, the grain boundaries were 
cathodic to the grains and the current flow was 0.09 ma. Clearly, the 
altered structural conditions brought about by different rates of cooling 
from the high temperature were responsible for a reversal in the solution- 
potential relations between the grains and the grain boundaries. Such 
behavior suggests a precipitating phase at the grain boundaries controlled 
by the rate of cooling even in this very high-purity metal. 


INFLUENCE OF STRESS 


So far in this discussion, little has been said about the effect of stress 
in accelerating the rate of corrosion. In stress corrosion the relative 
importance of the two factors—stress and corrosion—may vary Over a 
wide range. Obviously, if a metal is stressed nearly to its breaking 
strength a very small amount of surface corrosion might be expected to 
initiate a crack. On the other hand, with stresses in the neighborhood 
of the yield strength or lower, a great deal of corrosive attack would be 
required to produce failure if there were not an interaction between stress 
and corrosion. 

‘Stress’? may be defined as the unit internal force by which deforma- 
tion is resisted. A condition of stress may be brought about by unequal 
deformation from part to part within the metal or by the application of 
an external load. The actual stress may vary greatly from point to 
point within the metal and in some locations may be much higher than 
the value calculated as load divided by net area. In fact, it seems likely 
that very small areas of a metal structure may be stressed nearly to the 
yield strength where the over-all average stress is much lower. 

In most discussions of season cracking and stress corrosion, stresses 
induced by a condition within the metal (i.e., without external constraint) 
are referred to as “internal stresses.”” This term is not really descriptive, 
since all stresses are ‘“‘internal,’’ yet it has become accepted by common 


usage. More descriptive terms are ‘‘initial,” ‘‘locked-up,” or “residual.” . 


None of these, however, seems sufficiently accurate to warrant adoption 
for this lecture. Such stresses may be produced by nonuniform deforma- 
tion of the metal by cold-working, by unequal cooling from a high tem- 
perature, or by internal structural rearrangement involving volume 
changes. Stresses induced when a piece is bent, straightened or other- 
wise deformed (as, for instance, in the assembly of two poorly fitting 
parts), those induced by press and shrink fits, and in rivets** and bolts, 
may also be roughly classed as “‘internal stresses.’ 

These ‘‘concealed”’ stresses are often of greater importance in sires 
corrosion than the actual operating stresses for which the part was 
designed. Operating stresses, as taken into consideration in design, are 
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generally low enough to be of relatively little importance in the problem 
of stress corrosion except as they may be additive to the internal stresses. 
Design stresses are selected so as to avoid any permanent deformation 
in service and often are determined by the endurance limit of the metal. 
When the “factor of safety,” required in the design of any structure to 
take care of unforeseen conditions in service, is added to the other limita- 
tions, the resulting stresses are almost always below a safe value as regards 
stress corrosion, providing the initial internal stress is not too high. 
Most workers in the field of stress corrosion have agreed that tension 
stresses approaching the yield strength of the metal are necessary to 
promote stress-corrosion cracking. 

In the past the greatest amount of attention has been directed to 
cases where stress cracking is brought about by internal stresses with no 
external load applied. Thus, many papers have been written on the 
cracking of cold-formed brass articles such as cartridge shells. Stress 
cracking in tubing has also received much consideration.*? The prac- 
tical means of avoiding stress cracking in such articles is a low-temper- 
- ature anneal carried out as a compromise between the desire, on the one 
hand, to relieve internal stress and, on the other, to retain sufficient 
strength and hardness. It has also been recognized, as pointed out by 
Crampton,*” that fabricating processes involving cold-work can be car- 
ried out in such a way as to minimize the magnitude of the resulting 
stresses. For example, it is known that the sinking of tubing—drawing 
without the use of an internal mandrel—produces high stresses and 
should be avoided in materials susceptible to stress corrosion. 

Stresses induced by internal structural changes are of great importance 
in relation to stress corrosion, especially so because such changes are 
often localized. When the reactions occur at the grain boundaries, high 
stresses may be induced microscopically in just those locations where 
corrosion may be greatest because of solution potential differences. It 
has been suggested‘ that recrystallization occurring at the grain bound- 
aries, with a local diminution of volume, would cause considerable 
intensification of stress, leading to the initiation of a crack. Fink and 
Smith conclude* that in aluminum-magnesium alloys the “lattice param- 
eter is not changed by precipitation of minute particles during age- 
hardening as it is by precipitation under equilibrium conditions.” Since 
magnesium in solid solution in aluminum expands the lattice consider- 
ably, precipitation should result in contraction of the lattice. This 
apparently either occurs only in such highly localized areas as not to be 
revealed by X-ray diffraction methods or else the local contraction is 
restrained from taking place by the surrounding material. In either 
case, high localized stresses would be expected where precipitation has 
occurred at relatively low temperatures. In cold-formed material, 
precipitation occurs on slip planes as well as at the grain boundaries and 
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the same condition of stress probably exists on these planes. Stress- 
corrosion failures of such material often progress along slip planes as well 
as along grain boundaries. 

Many investigators have studied the effect of the magnitude of the 
“internal” stress on the time required to produce stress cracking under 
a specific condition. In general, the magnitude of the internal stress 
has been calculated from measurements made on the change in shape of 
the article when the stress is relieved by machining. 

The effect of quantitatively known stresses produced by applied 
external loads has received less consideration.* In 1921, Moore, Beck- 


STRESS—LB. PER SQ. IN. 


100 125 150 250 
BREAKING TIME — HOURS 


Fig. 5.—STRESs-TIME CURVES OF QUENCHED AND AIR-COOLED SAMPLES OF NAVAL BRASS 
(Morzts**). 


insale and Mallison® investigated the effect of known tensile stresses 
produced by an applied external load on the time to cause fracture in 
test pieces of 70-30 brass treated with a mercurous nitrate solution. 
They found that, in general, the time increased with decrease in stress 
and, within the limits of their test, fractures did not occur when the 
stress was less than 20 to 50 per cent of the tensile strength of the material. 
Parr and Straub,* in an extensive series of experiments beginning about 
1926, stressed specimens of boiler steel by an externally applied load 
while subjecting them to the action of caustic solutions. Rawdon“ 
stressed specimens of duralumin in tension and found that in certain 


manganese bronze, Monel metal and aluminum bronze to 16,000 lb. per sq. in. (the 
calculated working stress) by means of dead-weight loads, and exposed them to the 
weather near the Ashokan Reservoir, New York, to determine whether these materials 
would stress-crack under such conditions. No cracks had occurred by 1918. (Dis- 
cussion on corrosion cracking of brass. Proc. Amer. Soc. Test. Mat. (1918) 18, pt. IT, 
203.) 


*In 1915, Ernst Jonson stressed hot-worked rods of gun metal, Naval brass, 
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corrosive conditions there was little, if any, acceleration of the rate of 
corrosion by a stress somewhat less than the yield strength. In 1930, 
Alan Morris‘! studied the influence of externally applied stress on the 
time required to produce stress cracking in annealed brass. Of especial 
interest are his experiments on Naval brass quenched and air-cooled from 
500°C., which are reproduced in Fig. 5. These indicate that quenching 
greatly increased the resistance of the alloy so that higher stresses were 
required to produce stress cracking. A similar effect of smaller magnitude 
was found for Muntz metal. This again illustrates the influence of 
thermal treatment on susceptibility to stress corrosion, probably by 
controlling precipitation. 

In studies carried out at the Aluminum Research Laboratories on the 
effect of stress in accelerating the rate of corrosion of metals, several 


Fig. 6.—ELASTICALLY SPRUNG AND PREFORMED SPECIMENS FOR ACCELERATED STRESS- 
CORROSION TESTS. 


different methods of applying stress by external loading have been used. 
The simplest of these stressing methods consisted in springing sheet speci- 
mens in the form of an arc and holding them in this position by suitable 
devices. This method of stressing has been used by many investi- 
gators but, as previously employed, had the disadvantage that the mag- 
nitude of the stress was unknown. A method by which the tensile stress 
in the outer fibers may be roughly controlled is shown in Fig. 6. In 
this case, the magnitude of the stress is controlled by the length of the 
specimen in relation to the distance between the two holding grooves. *? 
The specimens shown to the right of Fig. 6 have been plastically deformed 
with a U-bend in the center of the specimen prior to stressing. 

In our early tests applying a known stress by means of a dead-weight 
load, a cantilever specimen of such shape that the stresses are constant 
over most of its length was employed. Following a method developed 
by R. G. Sturm,‘ it is possible to load the specimen to a stress within 
plus or minus 5 per cent of the desired value. In this test, the specimens 
were subjected to corrosion by immersion in a severely corrosive medium, 
generally a standard solution containing 53 grams sodium chloride and 
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3 grams hydrogen peroxide per liter. When a more accelerated test 
was desired, the specimen was made the anode in a 6 per cent sodium 
chloride solution with an applied potential of approximately 0.9 of a 
volt. Although the magnitude of the stress can be readily varied, the 
test offers only a single criterion of behavior, the specimen cracks or it 
does not. With such very severe corrosive conditions, it is sometimes 
difficult to tell whether the final failure is actually the result of stress 
corrosion or merely corrosion that has reduced the strength of the speci- 
men so that it fails under the dead load it is carrying. Often the final 
decision can be made only after a microscopic examination to determine 
whether the crack is of the characteristic intergranular stress-corro- 
sion type. 
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Fic. 7.—SIMPLE BEAM-STRESS CORROSION TEST, TOTAL IMMERSION. 


For metals used as structural parts, it is important to know not only 
when a stress of a given magnitude will produce stress cracking but also 
whether stresses likely to occur in the operation of a part will accelerate 


the rate of corrosion in the environment to which the part is subjected. . 


For the last fifteen years or so, it has been the practice in our laboratories 
to evaluate the effect of corrosion by determining the reduction in tensile 
strength and elongation of standard tensile specimens. These properties 
of specimens that have been exposed to corrosive conditions are compared 
with those of similar specimens that have been stored for the same period 
of time but protected against corrosion. 

In order to determine the possible effect of known stresses of different 
magnitudes in accelerating the rate of corrosion, two types of tests were 
developed, one for sheet specimens and the other for cylindrical speci- 
mens. For the sheet tests, standard tension specimens were loaded as a 
simple beam at third points (Fig. 7), and totally immersed in a corrosive 
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solution. Several different methods of loading and of subjecting to 
corrosion were employed. In every case duplicate specimens were 
exposed in the same container without externally applied stress. Fig. 8 
shows the method of dead-weight loading employed for atmospheric 
exposure; Fig. 9, the method of loading sheet tension specimens so that it 
is possible to subject them to alternate immersion. The latter method 
permits loading of the specimen by a dead load as in the previous test but 
uses also a locking device, so that once a specimen has been loaded to the 
desired amount by dead weights the loading plunger may be locked in 
place and the test conducted as a constant deflection test rather than 
dead load. 


Fic. 8.—SIMPLE BEAM-STRESS CORROSION TEST, DEAD-WEIGHT LOADING, ATMOSPHERIC 
: EXPOSURE. 

The results of a test performed in this manner on sheet specimens 
0.064 in. thick of the early aluminum alloy containing 20 per cent Zn 
and 3 per cent Cu, which Rosenhain and Archbutt? found to be subject 
to stress corrosion, are shown in Fig. 10.44 The tests were made on cross- 
grain, machined tensile specimens stressed as simple beams and exposed 
for 15 min. by alternate immersion in the standard sodium chloride- 
hydrogen peroxide solution. The stresses indicated are those to which 
the specimens were subjected by dead-weight loads, after which the deflec- 
tion, corresponding to this stress, was maintained constant throughout 
the test. It will be observed that the stress produced by an external 
load has had little effect in accelerating the rate of corrosion, as indicated 
by the percentage of loss in tensile strength, below a value of about 50 per 
cent of the yield strength. 
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The method for loading cylindrical specimens (0.437 in. dia.) in direct 
tension is shown in Fig. 11. The stress is applied by forcing in the two 


Fic. 9.—SIMPLE BEAM-STRESS CORROSION TEST. 
Dead-weight or constant deflection loading, alternate immersion. Apparatus 
cover removed. 
80 
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Fia. 10.—EFFEcT OF STRESS IN ACCELERATING RATE OF CORROSION AS MEASURED BY 
LOSS IN TENSILE STRENGTH. 
Early aluminum alloy (20 per cent Zn, 3 per cent Cu). 


side members, which induces a tensile stress in the bar without the danger 
of torsional stresses, which would probably be caused if the nuts were 
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merely tightened. Knowing the stress deformation curve for the mate- 
rial under test, the desired stress is obtained by measuring the deforma- 
tion with a sensitive extensometer. Throughout the test the deformation, 
rather than the load, is held con- 
stant. For total immersion, the 
specimen is surrounded by a con- 
tainer to hold a corrosive liquid 
(Fig. 12). Unstressed specimens 
similarly immersed may be 
observed in the second and fourth 
rows. This method of stressing 
is also convenient for other types 
of exposure such as salt spray, Fig. 11.—DIR&ctT TENSION, STRESS-CORRO- 
: ; SION FIXTURE. 

outdoor alternate immersion and 
‘atmospheric. In the development of these testing devices, the computa- 
tion of stresses and the subsequent testing of the specimen, appreciation 
is expressed to R. L. Templin and members of his staff who worked in 
collaboration with W. L. Fink, C. M. Craighead and G. F. Sager. 


INFLUENCE OF COLD-WoRK 


The part played by many types of cold forming in inducing high 
internal stresses—which, in turn, are responsible for most stress-corrosion 


Fig. 12.—DrIrEectT TENSION STRESS-CORROSION TEST, ‘TOTAL IMMERSION. 


failures—has already been discussed. Simple cold-reduction operations 
as, for instance, in the cold-rolling of sheet, also have a pronounced effect 
in promoting sensitivity to stress corrosion in materials that have this 
tendency. The effect of cold-rolling in accelerating corrosion even with- 
out any stress induced by an externally applied load is strikingly illus- 
trated by a series of aluminum-alloy sheet specimens (0.064 in. thick) 
containing 6, 8 and 10 per cent Mg, which were tested after different 
periods of exposure, up to 10 years, on the roof of the Aluminum Research 
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Laboratories at New Kensington, Pa. The change in tensile strength 
and elongation brought about by this extended exposure was small in 
the annealed sheet of the 6 and 8 per cent Mg alloy. Sheet of the 6 per 
cent Mg alloy that had been cold-reduced 50 per cent also showed only a 
small change in properties. The 8 per cent Mg alloy cold-reduced 50 
per cent showed no appreciable losses after 2-yr. exposure. However, 
the effect of the cold-work in accelerating the rate of corrosion was 
clearly evident after 5-yr. exposure and at the end of 10 yr. this material 
had lost almost all of its tensile strength and elongation. The annealed 
aluminum alloy containing 10 per cent Mg had lost a considerably higher 
percentage of its tensile strength and elongation than the annealed alloys 
of lower magnesium contents. In this alloy the effect of cold-work was 
noticeable after the first year of exposure and after 2 yr. this material 
had lost substantially the same amount as the cold-reduced aluminum 
alloy containing 8 per cent Mg lost in 5 yr., and likewise the cold-reduced 
alloy containing 10 per cent Mg had lost as much in 5 yr. as the cold- 
reduced alloy containing 8 per cent Mg had lost in 10 yr. After 10 yr. 
exposure, none of the samples in this test showed any appreciable amount 
of surface corrosion but the cold-worked aluminum-magnesium alloys 
of the higher magnesium contents gave no metallic sound when struck 
a sharp blow and, of course, offered almost no resistance when tested 
in tension. 

The corrosion of the cold-reduced sheet was intergranular, following 
planes parallel to the surface. Even in the annealed specimens, the edges 
that had been sheared subsequent to annealing had corroded intergranu- 
larly. The effects described may be attributed to induced stresses and 
different rates of precipitation during aging, the rates being greatly 
accelerated by the cold reductions and increase in magnesium content. 

The following experiment is of interest in showing the acceleration 
of the rate of stress corrosion caused by plastically deforming annealed 
sheet. A number of sheet samples (0.064 in. thick) have been exposed, 
some on the roof of the Aluminum Research Laboratories and others to 


outdoor alternate immersion in a 3.5 per cent sea-salt solution in New - 


Kensington for a period of over 5 years. Some of the samples were 
stressed by springing in the form of an are in the manner shown in Fig. 6 
while others were preformed as shown at the right of that picture and 
then elastically stressed in the same manner. Of 12 unpreformed speci- 
mens of an alloy in the annealed temper, containing about 7 per cent Mg 
and 0.3 per cent Mn, none have cracked in the New Kensington atmos- 
phere, and of a similar number exposed in the sea-salt solution only two 
have cracked. However, 13 of the 14 preformed specimens have cracked 
in the New Kensington atmosphere in periods ranging from 300 to 1250 
days, with an average period of 535 days, whereas of those exposed in 
the alternate immersion test, 12 of 14 have cracked in periods ranging 
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from 130 to 1030 days, with an average of 309 days. In the case of 
unpreformed specimens of the same alloy that had been given about 
15 to 20 per cent cold reduction, 5 out of 10 exposed to the New Kensing- 
ton atmosphere cracked in periods of 316 to 1931 days (average 1080) 
and all 10 exposed in the sea-salt solution cracked in from 211 to 1448 
days (average 762). 


THE INFLUENCE OF TIME 


Time may play a dual role in stress corrosion. Corrosion attack 
progresses with time of exposure although, in the absence of stress, often 
at a decreasing rate. Also, structural changes such as precipitation 
proceed with aging time. Therefore, the time required for the alloy 
to reach an internal condition susceptible to stress corrosion should be 
considered separately from the time for a stress-corrosion failure to occur 
after this condition is reached. Often, however, these effects are over- 
_lapping. It has been found that some alloys, immediately after a heat- 
treatment or cold deformation, do not show susceptibility to stress 
corrosion in a standardized accelerated laboratory test; but if tested after 
aging at room temperature for 6 months or a year may have, in that 
interval, become markedly susceptible to stress corrosion as revealed by 
the same test. In the development of new alloy compositions this ele- 
ment of time considerably complicates the evaluation of the suscepti- 
bility of the new alloy to stress corrosion. 

The rate of aging is increased by increasing the temperature above 
that of room temperature and, in consequence, long-time room-tempera- 
ture aging effects can probably be duplicated in a relatively short time 

of storage at a somewhat increased temperature. It is well known, 
however, that elevated-temperature aging of some alloys produces 
susceptibility to intergranular corrosion whereas long-time room-tem- 
perature aging does not. Consequently, the device of using elevated- 
temperature aging to simulate room-temperature aging can only be 
employed with the greatest caution. 

Fig. 134° illustrates the effect of aging at 100°C. to simulate long- 
time room-temperature aging on aluminum-magnesium (10 per cent Mg) 
alloy sheet annealed and cold-reduced 10, 20 and 40 per cent. The 
annealed sheet, which cracked when exposed to the salt spray in the form 
of elastically sprung specimens only after 510 days, when aged for 8 hr. 
at 100°C. cracked in 11 days in the same test. With only 10 per cent 
- cold reduction the same material stress-cracked in 172 days when exposed 
in the same manner, whereas after 8-hr. aging at 100°C. it cracked in one 
day’s exposure. With greater amounts of cold-work the times required 
for stress-corrosion failures are very much shorter even in the absence 
of aging. Aging, however, does accelerate the rate of attack, for, in the 
sheet cold-reduced 40 per cent, cracking occurred in 13 days but this time 
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was reduced to less than 7 hr. by aging 8 hr. at 100°C. The effect of 
room-temperature aging is illustrated by a cold-worked aluminum alloy 
containing about 7 per cent Mg and 0.3 per cent Mn.“ This material 
tested soon after fabrication did not crack when stressed to three-quarters 
of its yield strength in a standardized electrolytic stress-corrosion test. 
However, after aging for 514 yr. at room temperature it cracked in the 
same standardized test. In another test, bars of an experimental alloy 
stressed in direct tension to approximately the yield strength and sub- 
jected to total immersion in the standard sodium chloride-hydrogen 
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Fig. 18.—EFFEcT OF COLD-WORK AND AGING ON TIME .TO FAILURE IN ACCELERATED- 
STRESS CORROSION TEST. 
Aluminum-magnesium (10 per cent Mg) alloy sheet. 


peroxide solution after different periods of room-temperature aging failed 
in 52 hr. after 6-months aging, in approximately 15 hr. after 8-months 
aging, and in less than 1 hr. after 314-yr. aging. 


INFLUENCE OF COMPOSITION 


In a treatise of this nature involving alloys of different metals the 
effect of composition cannot be discussed in any detail. The principles 
involved have been covered in the section on Intercrystalline Corrosion. 
Several examples will be given to illustrate the application of the testing 
methods previously described in studying the effect of composition on 
susceptibility to stress corrosion. R. H. Brown*®* has applied these 
methods to a series of brasses containing from 5 to 35 per cent Zn. 
Standard tensile specimens were loaded as simple beams to three-quarters 
of their yield strength and totally immersed in a solution containing 10 
grams mercurous nitrate plus 5 ¢.c. concentrated nitric acid per liter. 
The curves of Fig. 14 show how the time required to produce cracking 
decreased with increase in zinc. In a 48-hr. exposure no cracks were 
encountered in the brasses containing less than about 15 per cent Zn. 
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In the higher-zine alloys a low-temperature treatment to reduce the 
internal stress has increased the time required to produce failure in 
externally loaded specimens. 

35 
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TIME TO FAILURE—MINUTES. 
_ Fie. 14.—MERcUROUS NITRATE TEST OF BRASS SPECIMENS STRESSED TO 75 PER CENT OF 
YIELD STRENGTH. 

Tensile specimens of the cold-worked sheet were also exposed with- 
out the application of external load. Specimens of compositions that 
did not crack were removed after 48 hr., and specimens of compositions 
that did crack were removed after the times required to produce failure. 
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Fic. 15.—EFFrEcT OF STRESS ON RATE OF ATTACK ON COLD-WORKED BRASS. 


The percentage of losses in tensile strength were obtained by comparing 
the tensile strengths of the specimens subjected to the mercurous nitrate 
solution with those of specimens that had not been so exposed. The 
results are plotted in Fig. 15. It will be observed that the percentage of 
less in tensile strength in the specimens exposed without application of 
external load is relatively low. It is evident that corrosion in the 
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absence of external loading has not weakened the specimen sufficiently to 
account for the cracking that occurred. 

The aluminum-magnesium alloys afford another interesting illustra- 
tion. The results previously described confirm those of electrolytic 
stress-corrosion tests shown in the graph of Fig. 16.*° These data were 
obtained on specimens of aluminum-alloy sheet of different magnesium 
contents cold-rolled 50 per cent and heated for 4 hr. at 100°C. to simulate 
long-time room-temperature aging. Uniformly stressed cantilever speci- 
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Fia. 16.—PROBABILITY OF STRESS CORROSION IN ACCELERATED TESTS OF COLD-WORKED 
ALUMINUM-MAGNESIUM ALLOYS. 


mens were loaded by dead weight to three-quarters of the yield strength 
and totally immersed in the standard sodium chloride-hydrogen peroxide 
solution. <A potential of 0.9 volt was applied in a direction to make the 
specimen the anode. Specimens that cracked under these conditions 
were considered susceptible to stress corrosion. The figures beside the 
points on the curve indicate the number of lots of material of the magne- 
sium content indicated that were tested. The curve is a theoretical 
probability curve calculated on the basis of the experimental points. It 
shows that the probability of stress corrosion occurring in cold-worked 
sheet subjected to severely corrosive environment increases rapidly above 
about 5 per cent Mg. 

In contrast to the unfavorable indications obtained on wrought 
aluminum-magnesium alloys containing more than about 6 per cent Mg 
when highly stressed, the alloys of lower magnesium content, say 5.25 per 
cent or less, possess remarkable resistance to corrosion, especially to salt 
water and salty atmospheres. Considerably higher magnesium contents 
are permissible in castings, where the upper desirable limit seems to be 
about 10 per cent Mg. 


INFLUENCE OF CORROSIVE ENVIRONMENT 


Stress-cracking in different metal systems is generally associated 
with some specific environments, such as ammonia in the case of brasses. 
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The mercurous nitrate test commonly employed in testing brass seems to 
be a special case, in which the action is somewhat like that of solders or 
other molten metals in producing intergranular cracks in stressed articles. 
Mercury will penetrate along the grain boundaries of many metals. 
Schroeder and Berk*’ have shown that the addition of small amounts of 
sodium silicate to sodium hydroxide solutions greatly accelerates the 
embrittlement of boiler steel. Copper sulphate solutions are employed 
in testing stainless steels. J. A. Jones*® has shown that nitrates will, 
in a few days, stress-crack a medium-carbon steel that does not stress- 
crack in chlorides or sodium carbonate in 100 days. Many other exam- 
ples have been given in the literature of metals that have corroded evenly 
and uniformly under one set of corrosive conditions whereas under 
another set of conditions corrosion has occurred rapidly at the grain 
boundaries and stress-cracking has resulted, often with very little 
‘surface corrosion. 

Considerable evidence has been presented to show that intergranular 
corrosion is caused by the grain boundaries (either the precipitated phase 
or the depleted area surrounding it) being anodic to the grain areas in the 
corrosive environment to which the material is being subjected. It 
would be expected therefore that if this difference in solution potential 
could be overcome by an applied external potential or by altering the 
electrolyte so as to reverse the potential relations between the grain 
boundaries and the grains, stress corrosion could be prevented. 

R. H. Brown** found that cold-worked aluminum-magnesium (10 per 
cent Mg) alloy specimens did not stress-crack even when stressed to 
three-quarters of the yield strength in a sodium chloride-hydrogen 
peroxide solution if an external potential of 0.9 volt was applied so as to 
make the specimen the cathode. When the circuit was broken the speci- 
men cracked in the usual time, measured from the instant of the breaking 
of the circuit. General corrosion of the specimen occurred, presumably 
because of the hydroxide formed at the cathode. He also showed that, 
by adding 10 grams per liter of sodium hydroxide to the 6 per cent NaCl 
solution, the corrosion of the specimen was general and stress corrosion 
did not occur. Solution potential measurements showed that the addi- 
tion of the sodium hydroxide had reversed the potential relation. Pure 
aluminum is cathodic to the aluminum-magnesium (10 per cent Mg) 
solid solution by 0.06 volt, which in turn is cathodic to the beta 
aluminum-magnesium constituent by 0.17 volt in the sodium chloride- 
hydrogen peroxide solution. However, in a solution of 6 per cent NaCl 
containing 10 grams per liter of sodium hydroxide, pure aluminum and 
the aluminum-magnesium (10 per cent Mg) solid solution were found to 
be anodic to the beta aluminum-magnesium constituent by 0.34 volt. 
This experiment is a strong confirmation of the electrolytic theory of 


stress corrosion. 
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Often stress corrosion occurs under such mild corrosive conditions 
that it is difficult to understand how corrosion could have influenced the 
failure. Several investigators have tried to prevent stress-cracking in 
metals known to be markedly susceptible to this condition, by attempting 
to protect them from corrosive influences. For instance, Grogan and 
Pleasance*® found that the time required for failure of a specimen could 
be greatly increased by storing itina vacuum. The following very inter- 
esting experiment was carried out by F. P. Somers and C. M. Craighead.™ 

An experimental alloy stressed a few thousand pounds above its 
yield strength in direct tension cracked in a few hours in the sodium 


chloride-hydrogen peroxide solution and in 18 days in the atmosphere at ~ 


New Kensington. The same alloy, stressed the same amount, was 
immersed in a neutral mineral oil (Nujol) and the time required to 
produce cracking was increased to 735 days. It was reasoned that the 
oxide film on the surface of the specimen had absorbed sufficient moisture 
between the time the specimen was machined and the time it was 
immersed in the Nujol to produce a mildly corrosive condition. Subse- 
quently, a specimen of a similar alloy so susceptible to corrosion that one 
specimen stressed in direct tension to its yield strength failed in a few 
hours in the laboratory atmosphere, was machined under Nujol and kept 
covered while being stressed to its yield strength. It was then stored in 
Nujol and the time of failure was extended by these precautions to 1246 
days. In our opinion, this experiment merely illustrates how difficult 
it is to completely protect against corrosive influences and offers a striking 
example of the effect of the corrosive environment on the time required 
for stress-cracking to occur. As a matter of fact, bars of similar alloys 
have been exposed on the roof of the Aluminum Research Laboratories 
for 614 yr. and none stressed less than about 60 per cent of the yield 
strength have cracked. 


SIGNIFICANCE OF ACCELERATED STRESS-CORROSION TESTS 


By the ingenious selection of the test conditions, it is probable that 


most metals in engineering use today can be made to fail by stress corro-. 


sion. To obtain results of practical value the test conditions must be 
selected with due regard to the service to which the metal will be sub- 
jected. Correlation between laboratory stress-corrosion tests and service 
performance is difficult to obtain and often requires many years. If 
the test conditions are intelligently selected, accelerated stress-corrosion 
tests are useful in the development of new alloys. The results of such 
tests on new alloy compositions may be compared with those obtained 
on established alloys whose performance over a number of years of 
service is known. In this way a comparative rating may be obtained and 
the probability of the new alloy failing in service by stress corrosion 
estimated with considerable accuracy. 
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Process oF Stress Corrosion 


Stress corrosion of metals has been surrounded by mystery. The 
preceding discussion helps to explain why. There are many variables : 
only a few can be evaluated in any particular case. When the interacting 
effects of the various factors that have been discussed are considered, 
the process of stress corrosion is understandable. First, there must exist 
in the alloy a susceptibility to selective corrosion along more or less 
continuous paths as, for instance, at the grain boundaries. This sus- 
ceeptibility is present when the internal structure of the alloy is micro- 
scopically heterogeneous and the phase forming the continuous paths is 
anodic in the specific corrosive medium to the areas composing the major 
part of the structure. Second, there must exist a condition of high stress 
acting in a direction tending to pull the metal apart along these continu- 


ous paths. If these two conditions exist simultaneously and the metal is 


subjected to a corrosive environment producing the specified potential 
relations, corrosion will start along the anodic paths. This will produce 


-a concentration of stress at the bottom of the notches so formed. As the 


stress increases, fissures will begin to develop, destroying any protective 
film and thus exposing fresh anodic material to the corrosive medium. 
Corrosion will proceed more rapidly and at the same time the stress will 
increase at an accelerated rate, especially if the material is subjected to a 
high external load. These mutually accelerated actions will continue at 
an increasing rate until the metal fails. 

One of the curious aspects of stress-corrosion failures is the wide 
difference in the time required for failure, which varies from a matter of 
minutes to many years. There are several reasons for such wide varia- 
tions. First, there is an incubation period in many alloys during which 
structural changes are occurring. Second, a long time may be required 
before corrosion proceeds to the extent that the rapidly accelerated process 
begins to act. It is obvious that the more severe the corrosive conditions 
and the higher the initial stress, the sooner this process will start. 

Finally, failure of an alloy in accelerated stress-corrosion tests does 
not necessarily indicate that stress-corrosion failures are to be expected 
with it in practice. Experience has shown that in the absence of high 
internal stresses or excessively high stresses from external loading (often 
caused by faulty engineering), stress-corrosion failures are not encoun- 
tered in service. This is even true of many alloys which, under the 
severely corrosive conditions used in accelerated tests, show an increase in 
their rate of corrosion when subjected to high stresses. 

What, then, is the value of such accelerated tests as have been 
described? First, they enable the metal producer to determine which 
alloy compositions are markedly susceptible to stress corrosion under 
severely accelerated test conditions. Second, for alloys that are found to 
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be susceptible, the manufacturer may determine the fabrication condi- 
tions required to reduce or eliminate this tendency. Third, accelerated 
tests are useful as a means of technical control, to insure that the proper 
fabrication procedures are being consistently employed. Fourth, by 
studying the susceptibility to stress corrosion in accelerated tests, in 
comparison with that of alloys in general commercial use which have 
long and satisfactory service records, a decision can be reached on the use 
of any specific alloy composition for a given application. 

It is important to recognize that many alloys that are subject to 
acceleration of rate of corrosion under high constant stress and corrosive 
conditions possess other valuable characteristics, often including high 
resistance to general corrosion. Such alloys have been extensively used 
commercially with satisfactory results for many years. It is clear, there- 
fore, that there is nothing mysterious about susceptibility to stress 
corrosion; it is just another physical characteristic, which should be con- 
sidered in the same light as such properties as endurance limit or yield 
strength in the selection of an alloy for a given application. 
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Variation of Internal Friction with Grain Size 


By CLARENCE ZmneER,* Junior Memper A.I.M.E., anp R. H. RanpAuu* 
(New York Meeting, February 1940) 


THEORETICAL considerations by one of the authors have led! to the 
prediction that the dynamic internal friction of annealed metals has a 
broad maximum at a certain grain size. This prediction they have veri- 
fied? for alpha brass. In the present paper the theory is extended to 
include the precise manner in which the internal friction varies with grain 
‘size on either side of the maximum. New experimental data are pre- 
sented to test this extended theory. 

The physical basis for the type of internal friction that is being investi- 
gated lies in the interplay between stress and temperature. Just as local 
fluctuations in temperature give rise to local fluctuations in stress, so like- 
wise fluctuations in stress give rise to fluctuations in temperature. But 
temperature gradients give rise to necessarily irreversible thermal cur- 
rents, and hence to internal friction. The theory for this type of internal 
friction has been developed quantitatively,? and has been experimentally 
verified,*»> for the particularly simple case of the transverse thermal cur- 
rents accompanying transverse vibrations. Of more fundamental impor- 
tance are the intercrystalline thermal currents accompanying all types of 
vibration. The variation in stress across grain boundaries arises from the 
elastic anisotropy and at least partial random orientation of the individual 
crystallites. An exact quantitative treatment of the internal friction due 
to these thermal currents is of course out of the question. However, 
much information can be obtained from general arguments.'® Thus when 
the frequency of vibration f is low, or when the grain size d is small, adja- 
cent grains remain nearly in thermal equilibrium, and vibration proceeds 
isothermally with little internal friction. Again, when the frequency is 
high, or the grain size large, the heat flow per cycle is small, the vibration 
proceeds adiabatically with little internal friction. The internal friction 
will become a maximum in the transition region. The degree of adiabatic- 
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ity can depend only upon frequency, grain size, and the thermal diffusion 
constant D, defined by 


thermal conductivity 
specific heat X density 


Since this constant has dimensions of length?/time, the internal friction 
can depend upon these factors only in the dimensionless combination 
fd?/D. In their preceding paper? the authors have subjected this deduc- 
tion to a rigid test by measuring the internal friction of annealed alpha 
brass over a wide range of grain size (0.006 to 4 mm.) and at several 


frequencies (6,000, 12,000 and 36,000 cycles per second). The internal ~ 


friction was found in fact to be a function only of fd’. As the parameter 
fd?/D increased from 0.005 through unity to 16,000, the internal friction 
increased from a very small value to a maximum, and again returned to a 
comparatively small value. 

In the following section equally general arguments are presented 
showing that in the extreme isothermal case (fd?/D < 1) this internal fric- 
tion varies as the square of the grain size, while in the extreme adiabatic 
case (fd?/D > 1) it varies inversely as the first power of the grain size. 
The comparative inaccuracy of grain-size measurements in the two 
extreme cases renders a direct experimental test difficult. However, this 
is not necessary, since this type of internal friction is a function of 
frequency and grain size only in the combination fd?. Hence a test may 
be made upon a single specimen by measuring the internal friction at 
several accurately known frequencies. In the extreme isothermal case 
the internal friction should be a linear function of df; in the extreme 
adiabatic case a linear function of 1/df*. Such a test is presented in 
this paper. 


THEORY 


The alternate extensions and compressions of a vibrating solid are 
associated with alternate lowering and raising of the average temperature. 


The inhomogeneities in stress between adjacent crystallites tend to 


superimpose upon this average rise and fall fluctuations that vary from 
grain to grain. On the other hand, thermal currents tend to equalize 
these temperature fluctuations. 

We shall first show that in the extreme isothermal case (fd?/D <1) 
the density of these thermal currents is proportional to the grain size of 
the specimen. Through any point in the specimen we imagine drawn a 


closed surface, which, momentarily, is everywhere at the same tempera- 


ture. The rate at which heat flows out of, or into, the enclosed region is 
such as nearly to maintain thermal equilibrium with the surroundings. 
We now imagine all microscopic linear dimensions of the specimen to be 
increased in the same ratio. The total flow of heat across the surface is 


i 
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proportional to the volume of the enclosed region, and hence to the cube 
of the linear dimensions. But the area of the surface across which this 
heat flows is proportional only to the square of the linear dimensions. 
Hence the mean current density over the surface, as well as the actual 
current density in the vicinity of our original point, is proportional to the 
first power of the linear dimensions; i.e., to d. Now the rate at which 
the entropy of an elementary region increases is an even function of the 
thermal current density,* and so must be proportional to the square of 
the thermal current density, and hence to d?, provided this density is not 
too great. Finally, the internal friction of a specimen vibrating at 
constant amplitude is proportional to the rate at which heat is being 
generated, and hence to the rate of increase of entropy. It is therefore 
proportional to d?. 
In the extreme adiabatic case (fd?/D > 1) the flow of heat out of or 
‘into any region tends to vanish unless it is very close to another region 
with an appreciable temperature difference. The only regions so favor- 
ably located are in the immediate vicinity of the grain boundaries, across 
which the elastic constants change discontinuously. Hence the internal 
friction in this case is proportional to the total area of the grain bound- 
aries. Since the number of grains in a unit volume is proportional to 
1/d*, while the area of each grain varies as d?, we find that the internal 
friction due to thermal currents varies as 1/d. 


EXPERIMENTAL MrtrHop 


The measure of internal friction used by the authors is Q-'. This is 
(1/2) times the specific damping capacity. It is obtained either by 
observing the time r+ required for the amplitude of longitudinal free 
oscillation to decay to one nth of its initial value, or by obtaining the 
ratio of the width Af of a resonance curve at half maximum amplitude to 


* An equation connecting the rate of increase of entropy with the thermal current 
density may readily be obtained. Let (dq/dt) dv be the rate at which heat is flowing 
into an element of volume dv. Then 


dq/dt = kA?T 


where k is the thermal conductivity and 7 the temperature. We obtain the rate of 
increase of the entropy of a system by dividing dq/dt by T and integrating over the 
volume of the system. 


dS/dt = kfT 27 do. 


The right-hand member of this equation may be transformed into two terms by 
means of Green’s theorem. The first is the integral of Jk grad,7' over the surface 
of the system. This gives the rate of entropy increase due to flow of heat into the 
system. The second term is the volume integral of kT~? (grad T')?; i.e., of K-17? 


(thermal current density ).? 
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the frequency f at maximum amplitude. In the former case 
Q-! = log, n/a7f 

in the latter 
Qt = 3“as/s. 


The method of exciting and detecting vibrations is shown in Fig. 1. 
The specimen is supported by two horizontal silk threads at nodes of 
vibration, except for the first harmonic. For this harmonic the supports 
were within 49 of a wave length from the one central node. This 
method of support is considerably more stable than the vertical loops 
used earlier? and is less liable to cause dissipation at the supports. The 
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driving force comes from the reaction of a magnetic field due to a perma- 
nent magnet M upon the eddy currents induced in the specimen by an 
alternating current in the driver coil. An electromotive force is induced 
in the detector coil by the eddy currents generated in the specimen by its 
motion in the magnetic field due to a second permanent magnet M’. In 
the previous experiments it was necessary to compensate for direct induc- 
tive feed-over between driver and detector, by means of a third coil con- 
nected to the source of power and opposing the field of the driver. In 
the present experiment improved shielding in the form of heavy copper 
boxes surrounding both driver and detector reduced inductive feed-over 
to a negligible amount. It was necessary to ground the reed at one of 
the points of support to avoid electrostatic coupling. 


In the free-decay method values of m from 3 to 30 were used. The 


decay time was measured with an electrical stop clock in such a way as to 
avoid many of the errors in calibration of the amplifier system as well as 
the constant physiological timing errors. The stop clock was started as 
the amplitude of the decaying free vibration reached a predetermined 
value, as read on the amplifier output meter. The amplification was then 
quickly increased nfold by means of a calibrated potentiometer in the 
second stage of the amplifier and the stop clock stopped when the output 
meter read the same value as formerly. 

The free-decay method gave good precision with the brass, where the 
time of decay was fairly long. With the zinc the higher internal friction 
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shortened the time of decay to the point where the resonance method 
became more suitable. 

In order to eliminate possible frequency errors in calibrating the 
source of alternating driving voltage, the successive harmonics of the 
reeds were taken as a more reliable measure of relative frequencies. In 
the curves shown, therefore, the frequency has been plotted as exact 
integral multiples of the fundamental. 


Data AND Discussion 


Specimens of alpha brass were used in the investigation of the extreme 
isothermal case. These were the smallest grain-size samples of a set 
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furnished by C. 8. Smith and E. W. Palmer, of the American Brass Co. 
Their preparation is fully described in reference 2. Their estimated 
grain sizes were 0.006, 0.009 and 0.015 mm., and their respective annealing 
temperatures 350°, 400° and 450° C. 

Measurements taken at the first six harmonics of longitudinal vibra- 
tion are plotted in Fig. 2 against frequency. Over this frequency range 
the measurements on the 350° and 400° C. anneal specimens lie upon a 
straight line within experimental error. The measurements on the 
450° C. anneal specimen, of larger grain size, show an appreciable depar- 
ture from linearity. This is associated with departure from the condi- 
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tion for nearly isothermal vibration, fd?/D «<1. The theoretical linear 
variation with fd? in the extreme isothermal case implies that the slopes 
of the left-hand portion of these curves should be proportional to the 
squares of the respective grain sizes. The ratio of these slopes for the 
400° and 450° C. anneal specimens is consistent with the grain sizes 
estimated by comparison with standard micrographs; namely 0.009 
and 0.015 mm. Assuming these grain sizes to be correct, the ratio of the 
slopes of the 400° and 350° C. anneal specimens requires that the grain 
size of the latter be 0.007 mm., as compared with 0.006 mm. estimated by 
the standard method. The three experimental curves do not extrapolate 
at zero frequency to zero internal friction. The residual internal friction 
must be due to some cause other than thermal currents. Its value, 
about 0.15 X 10~ for all three specimens, is very small compared with the 
maximum internal friction of 9 X 10~> caused by intercrystalline thermal 
currents,? or with the maximum internal friction of 200 X 10~* caused by 
transverse thermal currents accompanying transverse vibrations.* 

Measurements over an extended frequency range have already been 
published? for the specimens with largest grain size (up to 4 mm.) of the 
same set of brass samples. These measurements do not vary in a linear 
manner with 1/f”, as is anticipated by the theory for the extreme adia- 
batic case fd?/D> 1. The origin of this disagreement probably lies in 
the narrowness of the twin bands. These are so narrow that at the 
frequencies used the vibrations were not adiabatic in the interior of the 
bands. Thus although the internal friction was a surface effect as far 
as the intercrystalline thermal currents were concerned, it was a volume 
effect with respect to the flow of heat in and out of the twin bands. 

The authors were fortunate in having suitable samples (dimensions 
30 X 1 X 0.45 cm.) of asecond metal. These were the largest grain-size 
specimens of a set of zinc samples furnished by Gerald Edmunds, of the 
New Jersey Zine Co., with a d of the order of magnitude of 0.3mm. A 
description of this set will be given elsewhere, with a complete analysis 
of the internal friction. 


The measurements are plotted in Fig. 3 against 1/(frequency)”. © 


Over the frequency range used the measurements on the 400° C. anneal 
specimen lie upon a straight line. The measurements on the 350° C. 
anneal specimen, of smaller grain size, show an appreciable departure 
from linearity. This is associated with departure from the condition for 
nearly isothermal vibration, fd?/d>> 1. The theoretical linear variation 
with 1/f“d in the extreme adiabatic case implies that the slopes of the 
extreme left-hand portion of these curves be inversely proportional to 
the grain size. Hence, from these data alone, before grain counts have 
been taken, the authors can conclude that the ratio of the grain size of the 
400° to the 350° C. anneal specimen is 2, the reciprocal of the ratio of the 
corresponding slopes. The extrapolated internal friction at 1/f*= 0 may 
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be regarded as the part of the internal friction that is not due to ther- 
mal currents. 


SUMMARY 


The internal friction arising from intercrystalline thermal currents 
is examined from a theoretical standpoint. It is found that in the extreme 
isothermal case of small grain size d this internal friction varies as d?, 
while in the extreme adiabatic case of large grain size it varies as 1/d. 
These predictions may be tested by examining a single specimen over a 
range of frequencies of vibration. 

Experimental data are presented which are in complete agreement 
with these theoretical predictions. It is found possible to estimate the 
part of the internal friction that does not arise from thermal currents. 
This residual internal friction is very small in the specimens examined. 
‘The relative grain sizes of specimens may be obtained from internal 
friction measurements with an accuracy comparable with that obtained 
from grain counts. 
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DISCUSSION 
(E. E. Schumacher presiding) 


So oo po 


R. ScHNuRMANN,* Derby, England.—The extrapolation of a “residual internal 
friction’”’ seems to be a serious consequence of the authors’ dimensional considerations. 
There is no evidence that the two curves, which are postulated to be straight lines, 
might not actually tend toward the origin at low frequencies, although the points 
measured in the frequency range of 6 to 36 kilocycles per second lie satisfactorily on a 
straight line. If the authors’ argument actually applied, the difficulty would arise 
of explaining the existence of internal friction, when the vibration frequency is zero. 

The hypothetical ‘residual internal friction” is extrapolated by the authors to 
about 0.15 X 10-* and compared with the maximum internal friction of 9 x 1075 
caused by intercrystalline thermal currents. Dr. Zener and his colleagues had meas- 
ured this maximum of internal friction as a function of the grain size and established 
it for grain sizes between 0.05 and 0.2 mm. with vibration frequencies between 36 and 
6 ke. per sec., respectively. For the present grain sizes of 0.009 and 0.015 mm., the 
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internal friction measured with 6 ke. per sec. was found to be about 0.3 X 10~° and 
0.6 X 10-5, respectively; i.e., only two to four times the value of the ‘‘residual inter- 


nal friction.” 


R. L. Wecet, * New York, N. Y.—It is remarkable that this explanation of energy 
degradation in solids, so long known in fluids, should have been so long delayed—no 
doubt because earlier workers had no means of experimenting with small enough 
strains. The authors are to be congratulated on their energy in carrying on this 
neglected problem of physics. ; 

The paper states that internal friction, as measured by energy loss per cycle at a 
specified strain amplitude, when considered either as a function of the test frequency 
or of the surface area of a grain, should be linearly increasing for smaller values of the 
variable, then pass over a broad maximum, and finally decrease according to a square ~ 
root law. It is also claimed that a quantitative theoretical treatment is impossible. 
The latter contention seems a little pessimistic, as it can be shown that the function 
described applies only to a material in which all ‘‘grains” are sharply defined, of 
substantially equal size, and have shapes in which the shortest dimension is not greatly 
different from the longest. Theoretical work on special hypothetical cases indicates 
also that laws other than those mentioned are possible. Similar considerations sug- 
gest that the grain boundaries are less likely to be responsible for the measured result 
than the differences in reaction of the various grains to stress. In a series of specimens 
of a metal having elongated grains or in which phase changes occur with or without 
crystal growth, quite different laws are to be expected. The authors seem to have 
made a good case for the proposition that most of the small strain friction in alpha 
brass is thermodynamic and that the “grains” are to be identified with the crystallites. 


C. ZENER AND R, H. Ranpaut (authors’ reply).—The authors were not surprised 
at the existence of a residual internal friction that cannot be interpreted in terms of 
thermal currents. They had suspected that internal strains contribute to internal 
friction, as well as creep, particularly at high temperatures. These specimens were 
especially prepared to minimize these effects, but it could hardly be expected that the 
effects could be entirely eliminated. 

The authors are glad of this opportunity to express their indebtedness to Dr. Wegel 
for advice on the technique of measuring internal friction. Their experimental 
method is, in fact, essentially that developed by Dr. Wegel in his own work on internal 
friction in metals. 


R. F. Mrut, discussion on page 168. 
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Changes in Damping Capacity during Annealing of 
Alpha Brass 


By Joun T. Norron,* Memper A.I.M.E. 
(New York Meeting, February 1940) 


In recent years, the damping capacity of metals has come to be 
recognized as an important index of certain types of structural change. 
In a number of instances, this property has proved to be particularly 
sensitive, but insufficient work has been done to permit a general inter- 

pretation. There is considerable question at the present time as to just 
what factors are responsible for the internal dissipation of energy when 
a metal is carried through a cycle of stress, and these factors must be 
ascertained if the value of the damping method as a metallurgical tool 
is to be determined. Since internal stresses are among the chief causes. 
of dissipation of internal energy, or damping capacity, it was thought that 
a study of the changes in damping during the recovery and recrystalliza- 
tion of a cold-worked metal might throw some light upon the subject, 
particularly if the damping changes were correlated with other properties 
that are better understood. Probably more work has been done on the 
recrystallization phenomena of alpha brass than on any other metal, so 
this was chosen as the material for the present investigation. 

Damping measurements on brass have been made by Forster and 
Koster. They showed that the annealing of a brass that had been 
cold-drawn to 50 per cent reduction produced a rapid fall in the damping, 
a flat minimum occurring at approximately the temperature of recrystal- 
lization. The damping remained at a low value until grain growth was 
well under way and then it increased rapidly with increasing grain size. 
Koster and Rosenthal? continued the work in greater detail. They 
pointed out that the damping decrease does not correspond to the hard- 
ness drop but occurs at a lower temperature, suggesting that the relief 
or redistribution of internal stresses has a large effect while the actual 
recrystallization effect is small. They also show the increase in damping 
at the higher annealing temperatures. Their curves are reproduced in 
Rigs 1. 
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Their work closely parallels that of the present investigation but their 
method of measuring damping was quite different. They used extremely 
small stress cycles in bending at rather high frequencies, determining the 
damping from the resonance curve of the specimen. The present work 
employed very low frequency stress cycles in torsion with a wide range of 
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Fig. 1.—ReEsuuts or KésteER AND ROSENTHAL’S EXPERIMENTS.? 


Showing damping and hardness as a function of annealing temperature in cold-. 


drawn brass. 


stress, which in some tests exceeded the elastic range of the material. 
The results, however, are in general agreement. 

Recently, Randall, Rose and Zener® have published results showing 
that in stress-free samples of brass there is a proper combination of grain 
size and frequency at which a considerable damping is produced due 
to thermal currents set up by the elastic distortion of the grains. How- 
ever, the frequency of the torsion pendulum system used in the present 
experiments was so low that the distortion process must be essentially an 
isothermal one and energy dissipation due to thermal currents cannot 
play any considerable part in the present results. 
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The problem thus resolves itself into two parts; one an observation 
of the damping changes that take place during the recovery and recrystal- 
ization, and the other an evaluation of the damping as an indicator 
of the internal stress and of the growth of the crystal grains. The experi- 


Fig. 2.—ToORSsION PENDULUM DAMPING APPARATUS. 


ments are of an exploratory nature and represent one of the preliminary 


steps in a detailed study of damping phenomena in metals. 


EXPERIMENTAL PROCEDURE 


The material used in the present work was a 70-30 brass of commer- 


cial purity (68.7 per cent Cu by analysis), supplied through the kindness 
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of Dr. Cyril Stanley Smith, of the American Brass Co. The annealed 
square bar was cold-drawn from 0.896 in. square to 0.750 in. square, giving 
a reduction in area of 31.5 per cent. Several months elapsed between 
the cold-working operation and the tests to be described, so that the 
material had come reasonably close to equilibrium at room temperature. 
The specimens for the damping tester were machined from the square rod. 

The damping capacity of these specimens was measured by a modified 
torsion pendulum apparatus‘ (Fig. 2). Briefly, it consists of a massive 
base in which is clamped the lower end of the specimen. This latter is a 
cylindrical rod with enlarged square ends to fit in the clamps. To the 
upper end of the specimen, an inertia bar is clamped, which is constrained 
to rotate about the axis of the specimen by a pivot system. The specimen 
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Fig. 3.—TyPicaAL DAMPING RECORD. 


is strained in torsion by rotating the inertia bar through the desired 
angle, where it is held by a pair of electromagnets. Upon the release 
of the magnets, the inertia bar describes a series of damped oscillations, 
using the specimen as the elastic element. The motion of the inertia bar 


is recorded by a rotating drum camera. The cylindrical portion of the | 


test specimen was 4 in. long by 0.25 in. diameter. The moment of inertia 
of the inertia bar was such as to give a frequency of vibration of about 
15 cycles per second. This frequency could be read directly from the 
damping record but no calculations of changes in the Coulomb modulus 
during annealing were made. 

A typical record is shown in Fig. 3. From the amplitude of any cycle 
and the constants of the apparatus, one is enabled to calculate the surface 
strain or surface stress in the specimen. The difference in amplitude 
between two successive cycles is used to calculate the specific damping. 
Specific damping is defined as the ratio of the energy loss per cycle to the 
elastic potential energy at the maximum amplitude of the cycle, and 
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frequently is expressed in percentages. Other investigators, for instance 
K6éster and Rosenthal,” have used the logarithmic decrement as a measure 
of the damping, and it is possible to show that the specific damping is 
almost exactly twice the logarithmic decrement, which makes a com- 
parison of results quite easy. 

A damping record such as shown in Fig. 3 enables one to calculate 
the damping at a number of different stresses. Since the damping is not 
constant for a range of stresses, but increases with increasing stress, the 
results on any one specimen are given by a curve of stress vs. damping 
rather than by a single value. This is an important consideration 
because equal specific damping at low stress does not mean equal values 
at a higher stress. In order to simplify the presentation of results in 
this paper, damping is expressed as a function of temperature, for several 
different stress levels, these points being taken from the individual 
- damping curves. 

One must be careful that the initial stress applied to the specimen 
does not produce a permanent twist, because even the slightest cold-work- 

-ing changes the damping. The safest procedure is to increase the initial 
stress by small increments, making a record of each run; when a point 
is reached where the lower parts of the curves no longer agree, it is a sign 
that the specimen has been overstrained. This also illustrates the diffi- 
culty of comparing the results on hard and soft specimens at the same 
stress level. It is hardly fair to compare one that is well within its 
elastic range with another that is stressed beyond this range and is deform- 
ing in a truly plastic fashion. But in spite of this difficulty, the ability 
to measure damping over a range of stresses is a real advantage because 
it is an indication of an important property of the material. 

The reproducibility of the damping values on a single specimen is of 
the order of 5 per cent. The energy losses in the tester itself, including 
the air damping of the inertia bar, which is the largest item, correspond 
to a specific damping of less than 0.02 per cent. 

In the as-received condition, separate specimens varied by something 
more than 10 per cent in their damping values. After recrystallization, 
however, the values come into much better agreement. For this reason 
it seems more significant to show the changes in a particular specimen 
at the various stages in the heating schedule. A similar procedure was 
used for the other property measurement. Duplicate specimens were run 
in all cases and the curves show the same shape and yield the same inter- 
pretation, although the numerical values at the beginning are slightly 
different. These differences are assigned to slight differences in the 
amount of cold-work the specimen had received before testing. 

Electrical resistivity was measured on the cylindrical portion of the 
damping specimen after each step in the heating schedule by means of a 
Kelvin double bridge. The hardness was measured on the squared ends 
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of the damping specimen, the values given being averages of readings on 
both ends. The X-ray diffraction pictures were made on separate 
blocks cut from the 0.75-in. square bar and these blocks were heat- 
treated at the same time as the damping specimens. A back-reflection 
technique was employed, with a stationary sample and film, to show the 
changes in the width of the diffraction lines and the first appearance of 
new grains. These specimens were also examined microscopically. 
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Fig. 4.—HARDNESS AND ELECTRICAL RESISTIVITY AS FUNCTIONS OF REHEATING 
TEMPERATURE. 


Since it was desired to follow the behavior of individual specimens — 


through the heating schedule, each specimen was examined in the cold- 
worked condition and then heated successively for one hour at each of the 
following temperatures: 100°, 200°, 250°, 275°, 300°, 325°, 350°, 375°, 400°, 
425° and 475°C. After each temperature the specimens were air-cooled 
to room temperature and the observations were made. 


RESULTS 


The results of the observations on hardness, electrical resistivity and 
damping are shown as functions of reheating temperature in Figs. 4 and 5. 
The damping is expressed by a series of four curves, each giving the values 
at a particular stress level. 


2 


ee 


a eS hail 


JOHN T. NORTON 55 


The hardness changes in exactly the manner to be expected, showing 
a gradual rise of a few points as the reheating proceeds, followed by a 
pronounced drop in the recrystallization range. After the drop is com- 
pleted, further heating produces little change in hardness. 

The electrical resistivity begins to decrease between 100° and 200°C., 
falling gradually to about 250°C. It then remains practically constant 
until 325°C. is reached, when another decrease occurs corresponding to 
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the drop in hardness. At the higher temperatures, the resistivity 
remains practically constant. 

The damping curves show a decrease on the first heating at 100° and 
this decrease continues to the minimum point at 250°C. In the cold- 
worked sample, the damping is much greater at the higher stress levels, 
but at the minimum points of the curves, the effect of increasing stress is 
quite small. The minimum point of the 3000-lb. per sq. in. level corre- 
sponds to a damping value that is just about the energy loss in the damp- 
ing tester itself and represents a sample that is almost perfectly elastic. 

At the lower stress levels, the damping curves rise gradually with 
increasing temperature up to the limit of the range employed. At the 
higher stress levels, the curves rise abruptly at a temperature correspond- 
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ing to the drop in hardness, which is an indication that these stresses are 
beyond the elastic range of the brass in its soft state. 

The X-ray diffraction results are summarized in Table 1. This 
indicates that the first evidence of grain growth or development of new 
grains is found at 325°C., while at 350°C. the recrystallization is well 
under way. It is also interesting that at the time when the first new 
grains appear there is still a background of very broad lines, showing no 
resolution of the alpha doublet. 


TABLE 1.—Results of X-ray Diffraction Pictures 


Temper- 


ature, Condition Condition 

Deg. C. 

C. W. | Very diffuse lines. Diffuse lines plus a few spots. 
100° | Very diffuse lines. Many spots on a slightly diffuse background. 
200° | Very diffuse lines. Many spots on sharp background. 

300° | Diffuse lines. Larger sharp spots. : 


Discussion OF RESULTS 


In planning these experiments it was hoped that it would be possible 
to use the well-known phenomena of recovery and recrystallization to 
explain the observed changes in damping. Possibly this implies a better 
understanding of these phenomena than is available at present. It 
would be extremely helpful if one could decide to what extent the meas- 
ured damping is due to the presence of internal stresses and to what extent 
it is dependent upon the grain size. During recovery and recrystalliza- 
tion both of these factors change but the several other available methods 
of investigation are, to some extent at least, dependent on both factors. 
Only by a correlation of these observations can one expect to find an 
answer. 

In the cold-worked brass one visualizes a structure made up of many 
small grain fragments and these fragments are elastically distorted 
by a system of heterogeneous elastic stresses ranging all the way up to 
the elastic limit of the material. The high values of the hardness, 
resistivity and damping, and the broad X-ray lines are all evidence of this 
condition, although it is difficult to estimate the relative influence of stress 
and of grain fragmentation. 

It seems reasonable to suppose that the effect of low reheating tem- 
peratures upon the cold-worked metal would be confined primarily 
to the relief of the internal stresses. The damping shows by far the 
greatest change of any of the properties at this stage of the process. 
Késter and Rosenthal? showed that simply allowing the freshly cold- 
worked sample to stand at room temperature for periods of the order of 
20 hr. reduced the damping to about one-half its original value. The 


JOHN T. NORTON OG 


specimens used in the present work had come to equilibrium at room 
temperature but an hour at 100°C. produced a decrease of similar mag- 
nitude. The same treatment produced no measurable change in hardness 
or resistivity, which is clearly an indication of stress relief. 

At a reheating temperature of 250°C., the damping reaches a mini- 
mum, and what is particularly important, it is low even for the highest 
stress level. This means that the sample is elastically fairly stable and 
suggests that the internal stresses are at a minimum, yet the hardness is 
at a maximum, the X-ray lines are diffuse and the resistivity has only 
begun to decrease. 

The damping rises slowly and continuously from the minimum 
through the recrystallization temperature when the low stress levels are 
considered if this temperature is measured by the abrupt drop in hard- 
ness. At the higher stresses, the damping rises sharply coincident with 
the softening but this is merely an indication that the elastic range has 
been exceeded and the sample is being plastically deformed. This shows 
the value of testing the sample at several stress levels, for twosamples 
might have identical damping capacities at one level but be entirely 
different at others. The gradual rise at 3000 lb. per sq. in. suggests that 
even this stress is slightly too high for the softened samples. Késter and 
Rosenthal showed no rise in this range when very low stresses were used. 

An analysis of these results points definitely to the view that the 
principal source of energy dissipation in these experiments is due to a 
plastic deformation of the sample produced by the application of an 
external stress cycle. In the cold-worked material, the internal stress 
system cooperates with the externally applied stress to produce plastic 
flow in local regions. In the softened material, the larger values of 
external stress produce general plastic flow directly. However, in the 
state where the internal stresses are largely relieved, as after heating at 
250°C., but the hardness is still high, the external stress is unable to 
produce any considerable plastic deformation, either local or general, 
and the damping islow. Thus, if the damping tests are properly carried 
out, the specific damping is a sensitive indicator of internal stress. 

One point suggested by these results is of particular interest. If the 
damping indications of the presence of internal stress are accepted, the 
minimum point in the damping curve must represent the state of lowest 
internal stress. In the present experiment, this occurs at a somewhat, 
lower temperature than the evidences of recrystallization. One might 
speculate on this basis as to the causes of the high hardness, the fairly high 
electrical resistivity and the broad X-ray lines at this temperature, if the 
stresses have been removed. There is the further question of just what 
happens when the hardness does drop and the X-ray lines sharpen, a 
phenomenon that has little effect upon the damping. Possibly these are 
phenomena in which stress plays a minor role, the fragmented grains 
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taking the lead. To carry the speculation a step further, one might sug- 
gest that the internal stresses in the cold-worked metal actually reduce 
the hardness produced by the very fine grain fragments, and that when 
the stresses are relieved the hardness rises. Such speculation is of little 
value when based upon the limited evidence presented here but suggests 
the importance of further work upon the subject. But if this further 
work establishes the fact that the damping observations will distinguish 
between the effects due to internal stresses and those due to fine grain 
sizes, an extremely useful tool will be made available for metallurgi- 
cal studies. 


SUMMARY 


The present experiments confirm the fact that when metals are 
tested at comparatively low frequencies, the principal cause of energy 
dissipation is local or general plastic deformation. In cold-worked 
metals, the internal stress system is an important factor in the production 
of localized plastic flow. The relief of internal stresses by annealing 
reduces the damping to a low value and the value is low over a con- 
siderable range of applied stress. At the recrystallization temperature, 
the damping capacity shows little change, provided the applied stress 
is well within the so-called elastic range of the material. Considered 
from the point of view of a metallurgical tool, the damping capacity is a 
sensitive indicator of internal stresses but is relatively insensitive to 
changes in grain size. 
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DISCUSSION 
(EZ. E. Schumacher presiding) 


G. Sacus,* Cleveland, Ohio.—There is the rather surprising point in Professor 
Norton’s paper that low-temperature anneals cause a pronounced reduction of the 
specific damping, while the width of X-ray lines has been found to be little affected. 
Heretofore, both the increased damping and the broadening of X-ray lines caused by 
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cold-work have been attributed to the same factor; namely, the presence of residual 
stresses. An anneal therefore should produce corresponding changes in these two 
properties. It would be interesting to know by what method the widths of the lines 
in the cold-worked brass were measured. 


C. ZenER,* New York, N. Y.—Professor Norton has shown that annealing has 
the same qualitative effects upon the damping capacity measured at low frequencies 
as when measured at comparatively high frequencies. This suggests that the damping 
capacity associated with cold-working 


may be independent of the frequency 0.06 Se aes 0009 017 

used in measuring it. Of even more sig- pee) 

nificance is his lack of correlation be- 005 + 6000cycles per sec. : 
tween hardness and damping capacity A 6000cycles per sec. 

measured at high stress levels, which sai ee 1 
indicates that damping capacity has § 0.04, a eae 42 

little connection with plastic flow, at 5 6 
least at room temperature. nS 

' Professor Norton states that the Dike + S A a 
effect of increasing stress level is small -§ — & S = 
at the minimum of his curves in Fig. 5. 2 5 2 44 S 
On the contrary, disregarding the part 93 ; 5 8 = 
of the measured damping capacity that 2" = 3 eee 
arises from apparatus losses, an increase as bee, 

of stress level may cause a greater per- + r S De % 42 
centage of rise in damping capacity at 0.01 14 De 

the minimum than to the left of the min- # A eee a, 5 { 
imum. It is thus of interest to have a+ Nee ae 
measurements on similar material in ome bance WA Tees ‘te Jo 
which the apparatus losses are negligi- Ding 00 Sc O00 #08 52500 
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ble. Such measurements, at very low OT ened 
Fig. 6.—DaMPING CAPACITY OF ALPHA 


stress levels, are given in Fig. 6, where it BRASS, NEGLIGIBLE APPARATUS Loss. 
is shown that, at the minimum, the 
damping capacity of alpha brass measured at low frequencies and at a low stress level 
is less than 0.001 per cent. The specimens are completely described in reference 3. 
The frequency variation shown in this figure is especially interesting. The damp- 
ing capacity of the recrystallized specimens has been satisfactorily interpreted in 
terms of thermal currents flowing between adjacent grains, and the frequency variation 
has been found to be a sensitive indicator of the size of the grains.2 The frequency 
variation of the damping capacity of the specimens annealed 200° below the recrystal- 
lization temperature is more similar to that of specimens with 0.009-mm. grain size 
than to that of the original grain size of 0.06 mm. before reduction. This suggests 
that the low-temperature recovery is accompanied by the breaking up of the original 
highly distorted grains into smaller grains with perhaps less distortion. The initial 
drop in resistivity shown in Fig. 4 might be associated with this process.. 


S. E. Mappican,{t Waterbury, Conn.—It is interesting to compare the resistivity 
annealing curves given here with the results obtained by Maddigan and Blank (page 170, 
this volume). The results from the latter paper have been replotted in Fig. 7 as 
conductivity rise versus reduction in cross section. Depending on the grain size, the 
conductivity change after }4-hr. annealing at either 200° or 260°C. for 31 per cent 
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reduction is 1.9 to 3.6 per cent. After 5-hr. annealing, the change is 2.3 to 4.3 per 
cent. After complete annealing the change is 5 to 9 per cent, which is in good agree- 
ment with results of other investigators. * ; 

The present report shows a change for complete annealing of only 2.5 per cent. 
Annealing for 1 hr. at 200°C. has produced a resistivity change of only 0.4 per cent. 
On further annealing for 1 hr. at 
250°C., a change of 1 per cent occurs, 
giving a total change of 1.4 per cent. 
Thus, the course of the resistance- 
temperature curve is not in agreement 
with the results of Maddigan and 
Blank, nor is the total resistance 
change in agreement with accepted ~ 
values. 

Some doubt exists concerning the 
values reported in the curves for 
electrical resistivity. The value of 
resistivity for annealed alpha brass 
is about 7 X 10-§ ohm-cm. For the 
dimensions given in the paper, the 
resistance of the specimen should 
therefore be 2 X 10-4 ohms. 

20 40 60 80 It is known that the working of 

plop! dot peed the metal during the drawing of a 

Fra. aA EE ac a So square bar of the size used here is not 

PLease a aaa : uniform, therefore we might expect a 

considerably smaller amount of working near the center of the bar, where both resis- 

tivity and damping measurements were made. No clue to this could be given from 

the Rockwell hardness values, as these were made on the square unmachined ends of 
the bar. 

The steep slope of the curve occurring between 200° and 250°C. rather than at 
lower temperatures may be due to the presence of impurities, and it would be of value 
if the author would present an analysis of the alloy. The phenomenon might also 
be explained if any unusually large grains exist in the specimen. ' 
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N. P. Goss,t Youngstown, Ohio.—Professor Norton says that in cold-worked 
brass the high values of hardness, resistivity, damping, and broad X-ray lines indicate 
the presence of heterogeneous elastic stresses, ranging all the way up to the elastic 
limit of the material. In my opinion, the hardness of any metallic aggregate is related 
to the particle size, or grain size. Cold-working an annealed metal simply fragments 
the grains into smaller crystallites, which differ in size and orientation from each other 
and the parent grain, and, in a sense, may be looked upon as new grains produced by 
mechanical means. The smaller the grains, or crystallites, become, the greater the 
resistance to further deformation and the harder the metal, which after all is only a 
measure of resistance to further deformation. 

Wood has recently shown that grain fragmentation does not proceed without limit, 
but that there is a lower limiting value of the order of 10-5 em. This explains why 
the most drastic cold-working does not harden a metal as much as other means. 

When a single crystal is cold-worked, new crystallites are produced and therefore 
more internal surface. The spacing between the displaced crystallites must increase 
See SE SE Ee Sa ise Ne oe et BRE SS Ee aay 
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since work has been done in fragmenting the grains, and has created new orientation 
relationships. This requires an increase in the potential energy and demands a slight 
increase in the spacing between the displaced lattice blocks. Suppose that a large 
single crystal of iron is deformed. Slipping will take place by rotation on the {110} 
planes. Before slipping the spacing of the {110} planes is the same throughout the 
crystal; after slipping, the adjacent lattice blocks are rotated with respect to each 
other, and this causes the spacing between the displaced lattice fragments to increase. 

X-rays cannot detect or measure this change in spacing. Since this occurs on 
many thousands of slip planes a slight decrease in density is to be expected. 

Line broadening, in view of results obtained by myself and others, indicates that it 
must be associated with particle size, and not internal stresses. It should be pointed 
out that X-ray technique can be responsible for spurious line broadening unless certain 
precautions are exercised. 


R. F. Ment, discussion on page 168. 


An Electron Diffraction Study of Anodic Films 


By R. A. Harrincron* anp H. R. Netsont 
(New York Meeting, February 1940) 
Tue structure of anodic films formed on aluminum and other metals 
under varied conditions is not well known despite the wide use of such 
films both as protective coatings and as the dielectric medium in elec- 


trolytic condensers. The present work was undertaken as a survey of © 


the possibilities of electron diffraction in the investigation of anodic films, 
especially in comparing the properties of anodic films formed under dif- 
ferent sets of conditions and subjected to various subsequent treatments. 
In addition, an effort has been made to compare surface films formed on 
aluminum by anodic treatment with surface films formed by heating, 
immersion in chemicals, etc. The electron diffraction method in many 
cases has been successfully applied to the study of thin surface films. Its 
principal advantage is that it can be used without removing the films 
from the base material upon which they have been formed. The low 
penetrating power of electrons, in the ‘‘reflection”’ diffraction method 
which has been used in this work, prevents the appearance of diffraction 
patterns from substances at depths greater than about 100 Angstrom 
units (10-* em.). 

Different investigations of the structure of anodic films have shown 
widely varying results, depending on the methods used in preparing the 
films. Apparently under some conditions these films are crystalline and 
under other conditions they are amorphous, and it has been difficult to 
say which type of structure will be found in any particular case. Schmid 
and Wassermann’s! X-ray diffraction patterns of eloxalt films show two 
broad, diffuse bands, which these investigators attribute to finely divided 
cubic y-Al,.03.§ Burgers, Claassen, and Zernicke* obtained sharp X-ray 


The greater part of this article was taken from a dissertation submitted to Ohio 


State University by R. A. Harrington in partial fulfillment of the requirements for 
the degree of Doctor of Philosophy. The work was done under a fellowship in the 
Research Education division of the Battelle Memorial Institute. Manuscript 
received at the office of the Institute Oct. 30, 1939. Issued as T.P. 1158 in Mrerats 
Trecuno.oeay, February 1940. 

* Now with the B. F. Goodrich Co., Akron, Ohio. 

+ Battelle Memorial Institute, Columbus, Ohio. 

1 References are at the end of the paper. 

{ The product of a German commercial process for protective anodic coating of 
aluminum in an oxalic acid bath. 

§ The maxima of the bands correspond closely with the electron diffraction maxima 
obtained by Preston and Bircumshaw? from an amorphous oxide film formed on 
aluminum in air. 
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patterns from anodic film material formed on aluminum, titanium, 
tantalum, and zirconium, showing that the films were crystalline in 
structure. They concluded that their film on aluminum, formed in a 
boiling electrolyte of borax-boric acid solution, consisted of y-AlsO3. 
From a further analysis of their results Verwey‘ concluded that this film 
consisted of a modified y-AlgO; which he named y’-Al,O3. Belwe® 
obtained electron diffraction patterns by transmission through extremely 
thin anodic films; these showed two moderately sharp rings. Belwe’s 
films that had anodic treatment of more than a few seconds’ duration 
were too thick to transmit electrons; by ‘‘reflection” technique these 
showed diffuse patterns of apparently random scattering. 

The greater part of the present work is concerned with anodic films 
formed on aluminum in a number of different electrolytes, and with the 
effects of sealing and heating treatments on these films. The results 
of anodic treatments of other metals, including titanium, tantalum, 
chromium, nickel, copper and iron, are compared with those for alumi- 
num. Films formed by immersing aluminum in hot chemical solutions 
are compared with results of the anodic process. 


PREPARATION OF ANODIC FILMS 


Specimens of aluminum and other metals* were given anodic treat- 
ments in a number of different electrolytes, some of which were used 
both at room temperature and at boiling temperature. The specimens 
were cut to such a shape that they would fit conveniently into the electron 
diffraction apparatus. Each had one flat face with an area of about one 
square centimeter, polished either with grade 0000 emery paper or with a 
fine abrasive (alumina or magnesia) on a wet polishing wheel. Each 
specimen was provided with a handle, usually of its own material, by 
which it could be suspended in the electrolyte. Anodic treatment was 
carried out in a 400-c.c. beaker containing the electrolyte and a platinum 
cathode, while a glass motor-driven stirrer agitated the solution. Imme- 
diately after anodic treatment each specimen was rinsed with distilled 
water, alcohol and ether. Care was taken not to contaminate the surface 
with grease or nonvolatile matter. Diffraction patterns were obtained 
both before and after anodic treatment. 

The conditions of treatment for the specimens are given in Table 1. 
The voltage given represents the maximum or final voltage across the 
cell; often the voltage was raised slowly to this value to avoid excessive 
currents. The initial current density} given is the highest during the 


* The aluminum specimens of 99.95 per cent purity were supplied by the Aluminum 
Research Laboratories of the Aluminum Company of America, through the coopera- 
tion of Dr. W. L. Fink. Specimens of other metals were of commercial purity. 

+ The current densities given are probably in error because of a tendency toward 
high current concentration on the handle of the specimen at the electrolyte 
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treatment. The table shows that some of the anodic films were highly 
resistant to electrolysis, since high voltages were required to pass small 
currents. Examples are the films formed on aluminum in borax electro- 
lytes, and the films formed on tantalum. Such films are the basis of 
commercial electrolytic condensers, and they possess rectifying properties 
that have been used commercially. The highly resistant films are always 
very thin. Thicker films, formed on aluminum in electrolytes such as 
sulphuric and oxalic acids, are useful for protection of the metal against 
corrosion and abrasion. Still other electrolytes, such as potassium 


hydroxide, do not build up protective or resistant films on aluminum 


because they can dissolve anodic film material rapidly. 

Other metals not listed in the table were given anodic treatments. 
Chromium did not build up a resistant film in 144 normal boric acid. 
Three specimens of nickel, treated anodically in 144 normal solutions of 
phosphoric acid, oxalic acid, and sodium carbonate did not build up resis- 
tant films. A copper specimen, given an anodic treatment in 44 normal 
potassium ferricyanide, developed a thick brown film of crystalline 
material, probably cupric ferricyanide. Iron specimens treated anodi- 
cally in sodium hydroxide and sodium sulphide solutions developed no 
protective or insulating film. 


ELEctTRoN DIFFRACTION APPARATUS 


The electron diffraction apparatus is similar in design to that of 
Thomson and Fraser,® especially in the construction of the motions 
adjusting the position of the specimen. A hot-filament source of elec- 
trons replaces Thomson and Fraser’s discharge tube, and lantern slide 
plates are used in an improved plate magazine following closely the 
design of Yearian and Howe.’ The electrons are accelerated by a 
35-kilovolt potential rise from cathode to anode; this is supplied by a 
mechanically rectified unit with an 0.01 microfarad condenser in shunt. 
The electrons have a de Broglie wave length of 0.064 A. The “‘reflec- 
tion”’ diffraction method is used with a specimen-to-plate distance of 
40.5 centimeters. 


DIFFRACTION PaTTerRNS oF ANopic FiILMs 


The most important diffraction patterns, including a few that are 
typical of a large group of electron diffraction exposures, are represented 
schematically in Fig. 1. The diagrams of this figure represent by their 
abscissas the positions of the observed diffraction maxima, and by their 
ordinates the relative diffraction intensities, estimated visually. Broad 
diffuse bands are represented by squat curves, and sharp rings by vertical 
lines. The scale of the figure is such that the distances between curves 


surface. The values may still be taken as a relative indication of the insulating 
properties of the film. 
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Fie. 1.—DIrrrRAcTION-PATTERN DIAGRAMS REPRESENTING POSITIONS, BREADTHS AND 
RELATIVE INTENSITIES OF RINGS IN PATTERNS. 


_ Heights of curves should be understood to represent a comparison of intensities 
within a single diagram only. 
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in the diagrams are proportional to the corresponding distances between 
rings on the electron diffraction plates. The scale at the bottom of the 


: r ; 
figure gives value of een 0? for sharp rings these are equal to interplanar 


spacings in crystalline material. For amorphous material (having broad 
bands) there is not necessarily any important spacing in the material 


aN : ; ; 
equal to the value of F sin 8 at the diffraction maximum. !8-2° 


Most of the diffraction patterns of anodic films consisted of a few 
broad, diffuse bands rather than the sharp rings ordinarily obtained from 
crystalline material. Typical of these is Fig. 2, obtained from an alumi- 
num specimen anodized at room temperature in sulphuric acid solution. 
This diffraction pattern is represented schematically by the curves of 
Fig. 1-A. Anodic films formed at room temperature in 14 normal solu- 
. tions of other electrolytes, including phosphoric and oxalic acids, Na3PO,, 
NazCO;, NaHCOs;, borax, and ammonia, gave diffuse patterns of the 
same general appearance. Figs. 3 and 4, obtained from anodic films 
formed on aluminum at higher temperatures, show bands that are not as 
broad as those of Fig. 2. Fig. 4 (see also Fig. 1-C) does not agree with 
the sharp X-ray pattern obtained by Burgers, Claassen and Zernicke® 
from a specimen similarly anodized (Fig. 1-/). Fig. 5 (see also Fig. 
1-D), which shows a few sharp rings, is the pattern of an anodic film 
prepared through the cooperation of Dr. W. L. Fink at the Research 
Laboratories of the Aluminum Company of America, New Kensington, 
Pa. The relatively sharp rings in this pattern indicate that a crystalline 
material is present, possibly in addition to an amorphous material whose 
diffraction pattern consists of broad bands. 

Anodic films on metals other than aluminum often had diffuse diffrac- 
tion patterns, especially if formed under conditions in which the films 
were highly insulating. Tantalum anodically treated in borax solution 
and titanium anodized in phosphoric acid solution (Fig. 1-H) (both at 
room temperature), gave diffuse diffraction patterns like Fig. 2. Tanta- 
lum anodized in H;BO;-borax solution at boiling temperature gave the 
pattern of Fig. 1-F,, consisting of a few sharp rings and a few broad bands, 
neither of which coincided with the diffraction maxima obtained by 
Burgers, Claassen and Zernicke? for a similarly treated specimen. The 
specimen of titanium anodized in boiling HsPO, solution gave the pattern 
represented in Fig. 1-G, which agrees very well with the X-ray pattern 
of Burgers, Claassen and Zernicke for anodized titanium. These authors 
attribute their pattern to the anatase (tetragonal TiO.) structure. The 
fifth and seventh rings of both the X-ray and electron diffraction patterns 
correspond to pairs of anatase rings (105 and 211, 116 and 220). The 
coincidence of each doublet for the anodic films suggests the axial ratio 
/6 (or 2.45) for the tetragonal lattice instead of the value 2.51 obtained 
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from Wyckoff’s data for anatase. A calculated pattern using the axial 
ratio 2.45 agrees very well with observed spacings and intensities of the 
pattern of this anodic film. The modified tetragonal lattice has param- 
eters a = 3.81 A. and c = 9.35 A, as compared with 3.78 A. and. 9.50 A. 
for ordinary anatase. The third mae of Fig. 1G does not arise. ‘from the 


; Figs. 2-5.—DIFFRACTION PATTERNS OF ALUMINUM. 
Fig. 2. Anodized in 0.5 normal H,SO, at 25°C. (See Fig. 1-A.) 
Fig. 3. Anodized in 0.5 normal H,SO, at 98°C. 
Fig. 4. Anodized in H;BO;-borax solution at 99°C. (See Fig. 1-C.) 
(eee +E yer by the Aluminum Company of America in H2SOy, solution. 
ig. 


tetragonal lattice. It is sharper than the other rings and apparently 
belongs to a different substance. In the pattern of titanium anodized at 
room temperature a broad band appears at the position of this third ring. 

When the broad-band pattern of Fig. 2 and other similar patterns 
had been obtained, it was deemed necessary to determine whether the 
diffuseness was due to the structure of the film material or to other causes. 
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Kirchner® and others have pointed out that diffuse electron diffraction 
patterns may be obtained from surfaces that are smooth enough to give 


large refraction effects. To determine whether or not. the broad band 
patterns were due to the surface finish, an aluminum specimen anodized 
in sulphuric acid solution was abraded lightly with grade 0000 emery 


Fig. 6.—B6OuHMITE LAYER PRODUCED BY ‘‘SEALING’’? ANODIZED ALUMINUM IN 


HOT WATER. (SuHE Fie. 1-H.) 
Fig. 7.—FACE-CENTERED CUBIC CRYSTALS FORMED ON ELECTROLYTICALLY POLISHED 


ALUMINUM BY HEATING AT 646°C. (Srp Fia. 1-Q.) 


paper and electron diffraction patterns were taken before and after 
abrasion. The two patterns, each consisting of broad bands, were 
identical within the errors of measurement. 

Another possible cause of diffuseness of the pattern is the charging-up 
of a film due to emission of secondary electrons during the electron 
diffraction exposure. The charge can become great when the film is a 
good insulator such as an anodic film, and can so seriously distort the 
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patterns as to make them appear diffuse. It was found that this dis- 
tortion could be minimized by rotating the specimen during the exposure, 
The specimen was turned at 30 r.p.m. about an axis normal to the surface 
being investigated, and the electron beam struck this surface at a point 
one or two millimeters away from the axis. The charge then had an 
opportunity to leak away from each point of the surface during the part 
of the revolution in which the electron beam was striking the surface 
elsewhere. The use of this method gave sharp diffraction patterns when 
crystalline material was present, even with specimens that had a strong 
tendency toward charging up (e.g., Figs. 5 and 6), but the diffuse ring 
patterns were unchanged. It is concluded, therefore, that the diffuse 
rings are not due to electrostatic charging. 


INTERPRETATION OF THE DirFusE PATTERNS 


The diffraction pattern of Fig. 2 and patterns of several anodic films 
formed in other ways are diffuse enough to be similar to X-ray patterns 
of glass.!° This admits the possibility that the anodic films giving such 
patterns are amorphous, in the same sense that glass is amorphous. 
Another possible interpretation of the broad ring patterns is that they 
may arise from crystalline material of small grain size. According to the 
work of Scherrer!' on the broadening of diffraction rings due to small 
grain size, the half-intensity width of the rings is given (for small glancing 
angles) by 

nN 
B= 0.945 
where B is the ratio of the width of the ring to the distance from specimen 
to plate and D is the length of the edges of the crystals, which are con- 
sidered cubic in shape. Taking the width of the rings to be 0.2 em. 
(as it often measured) gives B = 0.0049. With = 0.064 ve this gives 
D = 12 A.* Since this size is less than twice the edge of the unit cell 
of cubic y-Al.Os3, it seems to the authors that there is little real difference 
between an amorphous material and a crystalline material of this grain 
size. With the anodic films formed at higher temperatures, however 
(Figs. 3 and 4), by the same reasoning a crystal size of 30 to 80 A. is 
obtained. In these cases it is perhaps most desirable to describe the 
film material as fine-grained crystalline. 

It was thought that under high-temperature conditions there might 
be a transition of amorphous or microcrystalline anodic films to crystal- 
line material of large grain size. Accordingly, several aluminum speci- 
mens anodized in 44 normal H2SO, solution were heated for 160 hr. at 


* Because this method of grain-size estimation is subject to many kinds of errors 
the results can be taken as giving only the order of magnitude. 
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temperatures up to 650°C. These treatments failed to bring about any 
significant changes in the diffraction patterns of the films. 

In the specimen anodically treated by the Aluminum Company of 
America there is undoubtedly some crystalline material present. Here 
differences in electrolytes or differences in the preparation techniques may 
account for the contrast between Fig. 5 (Fig. 1-D) and Fig. 2 (Fig. 1-A). 

The disagreement between Fig. 4 (Fig. 1-C) and the corresponding 
X-ray pattern of Burgers, Claassen and Zernicke* (Fig. 1-7) may be due 
to a difference between the structure near the surface of the anodic 
film (which determines the electron diffraction pattern) and the structure 
of the underlying film material. It may also be due to differences in the 
history of the films subsequent to anodic treatment, since Burgers, 
Claassen and Zernicke removed their film by dissolving the underlying 
aluminum, then washed the film material and dried it by heating at 80°C. 
The disagreement in the case of tantalum may be due to material other 
than tantalum which had been present on the electron diffraction speci- 
men before anodic treatment. This material (possibly an oxide of 
tantalum) prevented the appearance of the diffraction pattern of the 
metal prior to the anodizing treatment. 


IMMERSION TREATMENTS 


In commercial practice, protective aluminum anodic films are made 
impermeable to stains either by a steam treatment or by a hot-water dip. 
Such treatments seal the pores of the anodic film by filling them with a 
softer material. Each aluminum specimen of Table 1 was immersed in 
boiling water for 30 min. After this treatment each specimen, without 
exception, gave the pattern of Fig. 6 (Fig. 1-H). This pattern has been 
identified as that of béhmite!? or a-Al,O3-H2O; it agrees with the pattern 
of Schmid and Wassermann! for a steam-treated anodic film, and agrees 
roughly with several of the aluminum hydroxide patterns given by Biltz, 
Lehrer and Meisel.'® Fig. 6 shows rings that are stronger in some parts 
than in others, which indicates a slight degree of preferred orientation 
of the bohmite crystals. Because the structure of béhmite has never 
been reported, it has not been possible to determine the nature of this 
preferred orientation. 

An attempt was made to find the X-ray diffraction pattern of the 
bohmite layer by transmitting a beam of soft (Fe-K) X-rays through 
several thicknesses of aluminum foil that had been anodized in sulphuric 
acid until it was transparent, and then boiled in water for an hour. The 
X-ray showed only a faint pattern due to the residual aluminum, indi- 
cating that the béhmite layer was very thin in comparison with the rest of 
the anodic film. After a very light abrasion with grade 0000 emery paper 
a “sealed” anodic film no longer gave the pattern of bohmite; instead it 
gave a diffuse pattern. This again indicates that the layer is fairly thin. 
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However, it must not be concluded from this abrasion experiment 
that béhmite is formed only over the top surface of the anodic film. 
Undoubtedly it is formed throughout the minute pores that extend into 
the anodic layer. Abrasion would expose too little of this interstitial 
béhmite to be detectable. 

Treatment of unanodized aluminum in boiling water produced a film 
giving the bohmite pattern. This identifies béhmite as a hot-water 
corrosion product of aluminum. Electron diffraction experiments 
showed that boéhmite can be formed on both anodized and unanodized 
aluminum in water at temperatures of 80°C. and above, but not at 60°C. 
Immersion of anodized tantalum and titanium in boiling water did not 
produce an analogous crystalline material. 

An aluminum specimen that had been anodized in sulphuric acid and 
“sealed” in hot water at the Aluminum Company laboratories gave a 
pattern that coincided with Fig. 6, although the rings were broader so 
that fewer of them appeared, and undoubtedly béhmite was present. 
After this specimen had been heated for 165 hr. at 646°C., it gave the 
pattern of Fig. 1-Z, which is nearly identical with the X-ray pattern 
(y’-Al.03, Fig. 1-J) obtained by Burgers, Claassen and Zernicke* from an 
anodic film that had been removed, washed and dried at 80°C. It was 
not determined in the present work whether or not such a treatment 
can produce y’-Al,O; from other anodic film material; but it seems 
possible that such a treatment could transform at least a portion of an 
amorphous film to a crystalline substance. 

Immersion treatments are often used commercially for protection 
of unanodized aluminum against corrosion. In these processes aluminum 
is dipped in a boiling chemical solution, which forms a protective film. 
Some of the aluminum specimens were treated for 30 min. in boiling 
solutions of the following compositions: (1) a bath identical with that 
used for anodic treatment by the method of Burgers, Claassen and 
Zernicke,* containing 100 grams boric acid and two grams borax per liter; 
(2) a bath patented by Newsome," containing 2.5 per cent potassium 
oxalate; (3) a similar bath with an addition (recommended in Newsome’s 
patent) of 0.4 per cent sodium aluminate; and (4) a modified Bauer-Vogel 
(MBV) bath, similar to that widely used in Germany,!® containing 5 
per cent sodium carbonate and 1.5 per cent sodium chromate. 

All of the immersion treatments of aluminum produced definitely 
crystalline substances, giving sharp ring patterns in contrast to the usual 
case for anodic films. Immersion in Burgers, Claassen and Zernicke’s 
solution produced a substance (Fig. 1-K) whose pattern could not be 
identified as due to an aluminum compound of known structure. An 
unsuccessful attempt was made with Hull-Davey charts to find the 
crystallographic system of this substance. Newsome’s oxalate bath 
produced a film whose pattern (Fig. 1-L) is consistent with a hexagonal 
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lattice having a = 5.26 A., c= 14.88 A. The same bath with sodium 
aluminate added produced a béhmite film. The MBV bath produced a 
film whose diffraction ring radii were in the ratio 1/6:\/8:\/11:\/18 
(Fig. 1-M). Too few rings were present for any conclusion as to whether 
or not the film has a cubic structure. The rings would be consistent 
with a cubic structure having lattice parameter 6.50 A. 


Heat OxIDATION oF ALUMINUM 


“Reflection” electron diffraction patterns of air-formed oxides on 
aluminum have not been previously reported. Accordingly, for a com- 
parison of the diffraction patterns of anodic films with patterns of films 
formed by oxidizing aluminum in air, a group of aluminum specimens of 
99.95 per cent purity was heated for 160 hr. at various temperatures up 
to 650°C. Before heating, the specimens were polished with fine alumina 
and each showed the diffraction pattern of metallic aluminum. Heating 
at temperatures below 300°C. produced only broadening and weakening 
of the aluminum rings, which would be expected if the aluminum surface 
_ were covered with a very thin layer of amorphous oxide. 

Treatment of aluminum at temperatures between 300° and 450°C. 
produced patterns like that of Fig. 1-N. In these patterns the rings 
were faint and somewhat broadened so that their radii were difficult to 
measure. However, there is a surprising coincidence between observed 
maxima and those of a-Al.O3 (Fig. 1-O).* Despite this coincidence, it 
seems unlikely that a-AlzO3 would be formed at such low temperatures, 
especially since other compounds appear at the higher temperatures. 
The pattern of the air-formed oxide that Steinheil!” has named e-Al,O3 
was not found in any of these experiments. 

After heating aluminum at temperatures from 550° to 650°C., a 
variety of crystalline patterns (e.g., Fig. 1-P) was obtained, each appar- 
ently due to two or more crystalline substances. One of these substances 
occurred alone on a specimen that had been polished electrolytically by 
Jacquet’s method" and heated 162 hr. at 646°C. This specimen gave a 
pattern (Fig. 1-Q) that corresponds to a face-centered cubic lattice with 
parameter a = 8.30 A. The positions of the relatively intense parts of 
several of the rings indicate that the crystals have a slight tendency to lie 
with their 111 planes parallel to the surface of the specimen. The pattern 
is somewhat similar to that of y-Al.Os3, but there are distinct differences 
both in the lattice constant and in the indices of rings that are present. 
The lattice constant is in the range of the spinels, although it seems 
probable that the material is nearly pure aluminum oxide. Oxidation 
products of thin aluminum foil produced by evaporation never gave pat- 


* Drawn from X-ray measurements given to the authors in a private communica- 
tion through the courtesy of Dr. Kent R. Van Horn of the Aluminum Company of 


America. 
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terns similar to those mentioned above. By treatment of foil at tem- 
peratures greater than 500°C. y-Al,O3 was always obtained. 


Discussion OF RESULTS 


It should be pointed out that the results obtained by electron diffrac- 
tion on anodic films can be strictly said to apply only to the structure 
within about 10-* em. of the surface. To investigate material below this 
depth by electron diffraction it would be necessary to abrade or etch 
away successive strata of the films. An alternative would be to remove 
the films entirely and use X-ray diffraction or chemical analysis, but 
these methods would not detect thin surface layers which electron diffrac- 
tion experiments might reveal. Comparison of the present work with 
that of Burgers, Claassen and Zernicke® indicates that in some cases the 
surface structure of an anodic film may be quite different from that of 
the underlying material. 

When sharp diffraction patterns are obtained it is possible to identify 
the crystalline material from which they have come, first by comparing 
the unknown pattern with the available diffraction patterns of known 
crystalline substances, and second, if this fails, by synthesizing com- 
pounds and obtaining their diffraction patterns until the unknown is 
duplicated. Thus it is possible (though often not easy) to find the chemi- 
cal composition of a specimen if its diffraction pattern is sharp. In the 
case of amorphous materials it is not possible to determine the chemical 
composition by a diffraction pattern alone, since two chemically different 
amorphous materials may have identical or nearly identical diffraction 
patterns.* In the case of anodic films on aluminum the chemical com- 
position is uncertain with regard to water content. The diffuse diffrac- 
tion patterns of anodic films, then, cannot be interpreted fully without 
further experimental results. 

The crystalline patterns given here have been compared with all the 
readily available diffraction data on compounds with which they might 
be identical. For the compounds not identified in this way, the second 
step (synthesis of compounds and investigation of their diffraction pat- 
terns) has not been taken because of lack of time. 


CONCLUSIONS 


From the fact that aluminum anodized at room temperature usually 
gave diffuse patterns, it is inferred that anodic films formed on aluminum 
in a wide variety of electrolytes at ordinary temperatures are amorphous. 
Anodic treatment in solutions at higher temperatures tends to produce 
anodic films having less random structure, which may possibly be 


* There are imaginable cases in which crystalline substances of different chemical 
composition might give identical diffraction patterns. Practically, this does not occur 


except for closely similar substances (e.g., the pair tantalum and columbium in the 
metallic state). 
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described as crystalline with very small grain size. Heating the anodic 
film on aluminum at temperatures up to 650°C. does not appreciably 
change its structure, although crystalline oxidation products are formed 
on unanodized Shaesntnt at temperatures above about 300°C. In this 
respect the anodic film is different from the ordinary air-formed oxide film 
on aluminum, since the latter is probably transformed at these tem- 
peratures to crystalline substances. 

Under certain conditions anodic films formed on tantalum and 
titanium are at least partly crystalline, and under other conditions they 
are probably amorphous. 

Immersion of anodized or unanodized aluminum in water at tempera- 
tures above 80°C. produces a thin layer of béhmite (a-Al,O3-H.O). A 
film produced in this way is transformed to y’-Al,O; at temperatures 
_ around 650°C. Immersion of metallic aluminum in boiling chemical 
solutions gives definitely crystalline films, in contrast to the usual 
results with anodic treatment. 
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Determination of Orientations by Etch Pits 


By Cuarves S. Barrert,* Memper, AND L. H. Levenson, t Junior Memser A.I.M.E. 


(New York Meeting, February 1940) 


Tue orientation of metal crystals and grains, both large and small, 
can be determined conveniently and accurately without the use of X-ray 
apparatus. This seems to be appreciated by so few metallurgists that it 
may be useful to explain in detail the method we have found most satis- 
factory in the laboratory—the reflection of light from crystallographic 
etch pits. This note includes a description of a suitable inexpensive 
instrument and instructions for etching various metals and for plotting 
the data. As the stereographic projection is used to facilitate handling 
the data, this note may be considered as an appendix to an earlier review 
of the metallurgical uses of the stereographic projection. 

Various methods involving etch pits have been used by other investi- 
gators. Bridgman’s method? consists of attaching the specimen to a 
sphere (a transparent sphere is convenient‘), holding it at arm’s length, 
and marking a spot on it when it has been turned so that the etch pits 
reflect light into the eye of the observer from a lamp standing behind him. 
It hasan accuracy of about 2° and is extremely rapid. A greater accuracy 
can be obtained by having the reflected light fall on a screen, as has been 
done by Czochralski,® Chalmers, ®and Schubnikov.’? All of these methods 
have been intended for undeformed single crystals. 'Tammann and his 
coworkers** developed a method for estimating the number of grains in a 
polycrystalline aggregate having orientations in a given region of the 
stereographic triangle and thus obtained statistical information about 
deformation and recrystallization textures. While the method has had 
some use in recent years,’ it is not applicable to the majority of problems 
in physical metallurgy. Smith and Mehl! determined orientations by 
plotting the directions of the sides of individual etch pits on a stereo- 
graphic projection. The accuracy is limited to about 3° and the method 
requires careful polishing and high magnification. 


Manuscript received at the office of the Institute Dec. 1, 1939. Issued as T.P. 
1171 in Mevaus Tecunoxoey, April 1940. 

* Member of Staff, Metals Research Laboratory, and Lecturer, Department of 
Metallurgy, Carnegie Institute of Technology, Pittsburgh, Pa 

} Research Assistant, Metals Research Laboratory, Carnegie Institute of 
Technology. 

1 References are at the end of the paper. 
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The most useful methods involve the measurement of the angles 
between the etch-pit faces in a goniometer, yet these seem to have 
received the least attention. Weerts!! has given a lengthy discussion of a 
technique using a three-circle goniometer and polarized light. A less 
elaborate method, which gives an accuracy that is sufficient for the great 
majority of investigations, consists simply of measuring the orientations 
of the etch-pit faces on a two-circle optical goniometer. While this 
method has been briefly mentioned in notes by McKeehan!?:!2¢ and by 
Potter and Sucksmith,'® with a few exceptions it has remained almost, 
unused among metallurgists in spite of the fact that it is the equal of 
X-ray methods in many cases, having an accuracy of 14° or 1°, and for 
certain problems it is definitely superior to them. 

The difficulties usually encountered in methods of this type are in 
getting satisfactory etch pits, in eliminating multiple reflections from two 
or more faces of the pits, in distinguishing the etch-pit reflections from 
the irregularly scattered light, and in reflecting from etched planes lying 
nearly perpendicular to the surface of the specimen. With the apparatus 
and technique described in this paper, these difficulties are readily over- 
come. The method has been in nearly constant use for a year in this 
laboratory with such success that it is frequently chosen in preference to 
X-ray methods. It operates satisfactorily with grains as small as 0.1-mm. 
diameter and has been used with cold-worked and annealed grains and 
single crystals. '4:!® 


An INEXPENSIVE GONIOMETER 


An inexpensive two-circle goniometer may be constructed for this 
work from an old surveyor’s transit (Fig. 1). It consists of the hori- 
zontal circle of the transit H; a vertical circle V (formerly the compass 
circle of the transit), mounted on the rotating cover of the horizontal 
circle; a shaft through the vertical circle for supporting the specimen S; 
a light and collimator C; and the transit telescope 7’, all mounted on a 
base plate. The specimen S is mounted with plasticene on the face plate 
F, on which are engraved concentric circles for aid in centering. (For 
wires or rods the face plate may be replaced by a small chuck.) The 
specimen surface is made to lie on the axis of the horizontal circle H by 
rotating the threaded shaft of the face plate through the hub of the verti- 
eal circle. When this adjustment is complete, the shaft is fixed in posi- 
tion by means of a lock nut, which causes the vertical circle to rotate with 
the specimen. The specimen is illuminated by parallel light from the 
collimator C, which contains a 6-volt lamp and lens, and is observed in 
the transit telescope 7’, which has cross hairs. For ordinary measure- 
ments of single crystals or large grains, a magnification of two or three 
times is used in the telescope. Higher magnifications may be obtained 
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by inserting additional lenses in the objective tube without altering the 
other adjustments of the goniometer. 

The grain to be measured is placed at the intersection of the vertical 
and horizontal axes of the instrument, and the axes of the telescope and 
collimator are made to intersect at this point. The axes of the collimator 
and telescope lie in a vertical plane and make equal angles of about 10° 
with the horizontal; with this arrangement, light that is multireflected 
from the three faces of an etch pit of cubic shape is returned in the incident 
direction and not seen in the telescope. With this instrument the posi- 
tions of maximum reflection can be observed even when the specimen 


Fic. 1.—OpricaL GONIOMETER. ; 
Specimen S is mounted on face plate 7, which turns with vertical circle V. V is 
mounted on rotating cover of horizontal circle H. Axes of telescope T and collimating 
tube C intersect at S. 


surface is within 5° of parallelism with the viewing direction; i.e., from 
etch-pit faces that lie almost perpendicular to the surface. A darkened 
room is best for the work. 


ErcHInG TECHNIQUE 


A large number of etchants for developing crystallographic etch - 


pits have been described in the literature, but we have so frequently 
been disappointed in the results they yield that we have worked out 
an independent list that appears to be entirely satisfactory. In the 
footnote to Table 1, reference is made to the etchants recommended by 
other investigators. 

An ideal etchant would be one that develops etch pits or facets with 
plane faces accurately parallel to crystallographic planes of low index. 
The etched metal specimen would then appear intensely bright when the 
normals to these planes bisected the angle between telescope and collima- 
tor, and perfectly black in all other positions. Actually, however, the 
etch-pit faces are always more or less rounded, causing the intensity of 


a a er 


CHARLES 8. BARRETT AND L. H. LEVENSON 


TaBLe 1.—Directions for Etching 


Etch- 
Metal Per Ont Etchants aes, Danced Remarks 
Min. 
Aluminum.... 99.95 9 parts HCl 2 {100} Use large quantity of 
3 parts HNO; etchant with respect to 
2 parts HI’ surface of specimen and 
5 parts HO avoid heating of etchant. 
M-IFOM. .. oe es Hz, purified de- | 1 part HNO: 4 {100} Avoid heating, as above; 
carburized | 4 parts H.O wipe during etching. 
mild steel 
Coppers..ane< OFHC 1 part HCl 10 {100} 
1 part H.O; mixture 
saturated with 
FeCl36H20 
AFOSR cae is aca Cartridge Brass| 1 part etch for Cu 20 {100} and | Agitate etchant at 2-min. 
70-30 1 part HO {111} intervals. 
LENG ee i eee 99.9 3 parts H2O2 10 {100} 
2 parts glacial acetic 
acid 
2 parts H2O 
ines Aso: 99.991 1 part etch for Cu 10 {100} and | Wipe off at 2-min. inter- 
1 part H20 {110} vals. 
Tungsten..... 100 parts saturated 15 {110} Agitate etchant at 2-min. 
Ks3Fe(CN)« intervals. Composition 
5 parts saturated of etch is critical. 
KOH 
95 parts H2O 
TUN OS lean create oe 99.99 7 parts saturated 3 | {1011}, 1] Wipe off deposited copper 
CuCl2:2H20 having| at 30-sec. intervals. 
3 parts HCI many] Maximum reflections lie 
90 parts HO values in three planes intersect- 
ing at pole of basal plane. 
Hexagonal axes lie 90° 
from the intersection and 
midway between these 
planes. 


2 For other etchants, which have been used by various investigators, see the following references 
22, 13, Al; 10, 13, 3, Fe; 18, 19, 3, 20, 25, Cu; 4, Pb; 6, 2, 12a, Sn; 


listed at the end of the paper. 
8, Zn; 24, Ag; 3, 23, Au; 3, 13, Ni; 2, 21, W. 


the reflected light gradually to build up to and drop off from a maximum 
as the reflecting plane approaches and recedes from the reflecting position. 
For the same metal and etchant, the position and sharpness of the maxi- 
mum vary with the etching time and the temperature of the etchant. 
When the maxima are sharp enough to be reproducible within 14°, their 
positions usually coincide with the crystallographic poles, but sometimes 
they tend to fall a degree or two away from true crystallographic poles. 
For example, maximum reflections from cubic etch pits are often 88° or 
89°, rather than 90°, apart. Since only two poles are necessary to deter- 
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mine the orientation, and three can usually be measured, the observed 
poles can be corrected by moving them a minimum amount to make 
them mutually perpendicular. Occasionally a few large noncrystallo- 
graphic pits are developed and may be readily recognized as such, since 
they have no definite maximum. 

In Table 1, directions are given for etching various metals for orienta- 
tion work. The etching times are for etchants at room temperature and 
for strain-free metals of the purity indicated. For metals whose purity 
is not too far from those in the table, suitable variation of the etching 
time will produce desirable etch pits; for cold-worked metals, the etching 
time must usually be reduced. The degree of polish of the surface has 
very little effect, and No. 00 emery paper has been found to be sufficiently 
fine. When the angles between the observed reflections agree with 
actual angles between crystal planes, full confidence can be placed in the 
determination. X-ray diffraction tests have always agreed with the 
optical data in our tests to 1° or better. 


Metruop or PLorrine 


The readings on the two circles of the goniometer corresponding to a 
reflection maximum (a cube pole, in this discussion) can be plotted 
directly as a point on a stereographic projection. A Wulff net* 15 to 
20 cm. in diameter gives all the accuracy required for the most problems 
—about 144°. The data are plotted on tracing paper fastened to the net 
by a pin at the center of the net, the paper being left free to turn about 
the pin. 

Transferring data from the goniometer to the projection is direct and 
simple, for readings on the horizontal circle of the goniometer correspond 
to radial distances from the center of the projection and readings on the 
vertical circle correspond to azimuthal positions around the center, if one 
makes the plane of the projection parallel to the surface of the specimen. 

Let us illustrate with an example in which it is desired to find the 
orientation of the cube poles within a portion of a grain in a rolled speci- 


men with respect to the rolling direction and the normal to the rolling » 


plane. A small mirror is first placed on the face plate F, Fig. 1, the 
instrument adjusted to reflect the light into the telescope, and the hori- 
zontal circle turned so as to read zero at this setting. The specimen is 
then placed on the face plate and adjusted with plasticene until its surface 
lies at the intersection of the axes of the instrument and parallel to the 
face plate, and the rolling direction is made to lie vertically when the 
vertical circle reads zero. Assume that to bring the specimen into a posi- 


* EK. Leitz, New York City, sells a Wulff net both with and without a revolving 
base. Stereographic nets with 2° graduations are reproduced by D. Jerome Fisher: 
Problem of Two Tilts and the Stereographic Projection, Bull. Amer. Assn. Petr. Geol. 
(1988) 22, 1261. 


Se 


ee 


_tensity 180° apart on the vertical 


these two plotted points agree on the 
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tion of maximum reflection requires a 30° clockwise (looking through the 
telescope) rotation of the vertical circle and a 40° clockwise (looking 
down) rotation of the horizontal circle. The pole of this reflecting plane 
is plotted by rotating the tracing paper 30° clockwise about the center 
of the net from the position in which RD is at the north pole, and marking 
a point 40° to the right of the center on the equatorial line of the net. 
The pole A in the projection of Fig. 2 is plotted thus, with the rolling 
direction indicated on the boundary circle at RD. The same plane can 
also be brought into reflecting position by a 150° counterclockwise rota- 
tion of the vertical circle and a 40° counterclockwise rotation of the hori- 
zontal circle. Thus, for each of the 
faces of an etch pit there are two 
settings for maximum reflected in- 


VERTIGAL CIACLE 
READING 


circle and symmetrical with respect 
to the zero position of the horizontal 
circle. The closeness with which 


projection is a check on the align- i 
ment of the apparatus and the (Ais ‘a onZonrae eincLe 
reliability of the readings. The x ; 
other two cube poles, B and C, are 
found and plotted similarly, and, as 
shown in Fig. 2, lie 90° apart on a 
great circle 90° from A. The third 

° Fic. 2.—GoONIOMETER READINGS FOR 
pole may at once be plotted 90° from, porrep cusic CRYSTAL PLOTTED ON A 


the other two, but it is better to use STHREOGRAPHIC PROJECTION. 
i 4 Nvieb 4 a Points A, B and C correspond to 
its experimentally observed position  gybe poles of the crystal and are mutu- 


as an internal check on the accuracy ally perpendicular. Surface normal is 
f th ientation det inati at center of projection; rolling direction, 
o € orientation cdevermination. indicated by R.D., is on periphery. 
The surface normal is at the 
center of projection when the plotting is done as described above, and its 
angular distances from the three cube poles can be read from the pro- 
jection or directly from the horizontal circle. The angles between the 
plotted poles and the rolling direction can be found by rotating the plot 
until the rolling direction lies at the north pole of the net and reading 


the colatitudes of the poles. 


APPLICATION TO DEFORMED METALS 


The optical goniometer has especial value in the study of lattice 
orientations in deformed grains and single crystals where X-ray work 
becomes extremely difficult, if not impossible. Lattice orientations of 
deformation bands a few tenths of a millimeter wide have been measured 
in severely deformed aluminum.’® In general, with either single crystals 
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or grains of a polycrystalline aggregate, the orientation after deformation 
varies considerably and in an irregular manner over the grain. In deter- 
mining the range of orientation of a grain, it is divided into a number of 
areas, from three to ten or more, depending on the size of the grain, the 
total variation, and the accuracy required, and the orientation of each 
area is measured separately.!° The envelope of the points then bounds 
the range of orientation, and the ‘‘center of gravity” of the points is the 
mean orientation. The orientation of each area may be separately 
transferred to a standard projection, and the grouping of points on the 
final projection gives a pole figure of the preferred orientations present. 
This technique has been used to prepare pole figures of polycrystalline 
specimens, both in cold-worked and recrystallized states,!*.?* when the 
individual grains were a few millimeters in diameter. For this purpose 
it has the advantage of being quantitative (this is difficult with X-rays), 
but it does not, of course, detect the fragments of microscopic or sub- 
microscopic size that can be registered by X-rays. 
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DISCUSSION 
(W. L. Fink presiding) 


L. P. Tarasov,* Schenectady, N. Y.—What is the factor that sets at 0.1 mm. the 
lower limit of grain size that can be studied? Is it the practical difficulty of handling 
the goniometer and telescope in studying very small grains, or is there any trouble in 
etching these small grains in a suitable manner? 

It may be possible to measure the orientations on a statistical basis by substituting 
a photocell for the observer’s eye and scanning the specimen for a large number of 
different angular positions. Provided the irregularly scattered light does not inter- 
fere too much, the integrated light output for each position would furnish a small area 
on the pole figure having the proper intensity. 


C. 8S. Smiru,+ Waterbury, Conn.—Do multiple internal reflections from two or 
more surfaces of the same etch pit complicate the interpretation of the results? 


C. S. Barrerr (author’s reply).—For cubic etch pits, a ray that is reflected from 
all three faces is returned in the incident direction regardless of the order in which it 
strikes the faces. Such rays are reflected back into the collimator and are not seen 
in the telescope, which is on the opposite side of the horizontal axis in the instrument 
of Fig. 1. Rays that are reflected from exactly two faces are returned in three differ- 
ent directions; the intensity of such doubly reflected rays in any given direction is 
small and cannot be distinguished from the irregularly scattered background illumina- 
tion. We have found that well developed etch pits give exceedingly sharp maxima, 
whose angular distance apart checks that of the corresponding crystallographic planes. 
This is true not only for cubic pits but also for octahedral pits (in brass) and dodeca- 
hedral pits (in tungsten). 

The minimum grain diameter (0.1 mm.) mentioned in the paper refers to those we 
have actually measured, and is not an inherent lower limit of the method. For 
smaller grain sizes the etches given might have to be modified to produce finer pits. 
In measuring small grains not only must the magnification of the telescope be increased, 
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but also the alignment of the instrument must be good enough to keep the grain being 
measured on the intersection of the cross hairs for all settings of the vertical and hori- 
zontal circles. 

The use of a photocell for the statistical measurement of the orientations of fine 
grains, as proposed by Dr. Tarasov, would require some important corrections, 
because, for any individual grain, the intensity of each maximum depends on the 
angle between the face of the etch pit and the specimen surface, the relation being of a 
cosine type. With a photocell pole figure of an aggregate known to be perfectly 
randomly oriented, it should be possible, however, to correct the intensities in an 
observed pole figure so as to give a true pole figure. A more immediate use of the 
photocell might be in the precise setting of maxima from single crystals. 


The Process of Precipitation from Solid Solution, I— 
A Crystallographic Mechanism for the Aluminum-copper 
Alloys 


By Cart H. Samans,* Memper A.I.M.E. 
(New York Meeting, February 1940) 


In their recent complete review of the subject of age-hardening,! 
R. F. Mehl and L. K. Jetter classify the main types of precipitation- 
hardening alloys under two headings, depending upon the nature of the 
- precipitate and the character of the precipitation. In the alloys falling 
under the first heading, which display ‘continuous precipitation’? and 
are typified by the aluminum-copper alloys, ‘precipitation seems to 
_ occur without much regard to grain boundaries and apparently at much 

the same rate at every point,’”’ although an acceleration in regions plas- 
tically deformed has definitely been established.2 In the second type of 
alloys the precipitation is “discontinuous,” as in the copper-silver system 
for example, and ‘‘seems to start in restricted regions, primarily those 
contiguous with the grain boundaries, and to spread inward in an advanc- 
ing wave.”’ The reasons for the occurrence of these two greatly different 
types of precipitation are unknown, as are those for many other reactions 
that take place in the solid state. 

In the present paper only the first or ‘‘continuous”’ type of precipita- 
tion will be dealt with, for which a complete crystallographic mechanism 
has been worked out for the process of precipitation from a supersaturated 
solid solution of copper in aluminum. Based upon this mechanism, an 
explanation of the various property changes found experimentally will be 
developed in the second paper of this series. In later papers “‘dis- 
continuous precipitation” in copper-silver alloys will be explained, 
and an effort will be made to rationalize the two processes and types 
of precipitation. 


CRYSTALLOGRAPHY OF THE PRECIPITATION PROCESS 


Through the extensive investigation by R. F. Mehl, C. 8. Barrett and 
F. N. Rhines? on the Widmanstatten structure in aluminum-rich copper 
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alloys, the equilibrium precipitate, @-CuAls, is indicated as taking the 
form of plates parallel to the {100} planes of the solid solution lattice. 
However, subsequent work, chiefly that of G. Wassermann and J. Weerts,* 
whose data have been amply confirmed by others, has shown that the 
precipitating phase is not the equilibrium one, but, instead, a tetragonal 
phase with a) = 8.2 and cy = 11.6 A. More recently G. D. Preston’ has 
been able to establish more accurately the parameters of this phase, 
which we shall designate as 6’-CuAl,. He has shown it to be oof the 
calcium fluoride type, but slightly tetragonal with a = 5.71 A. and 
C = 1.015. That these data are in concordance with those of Wasser- 
mann and Weerts was first pointed out by W. L. Fink and D. W. Smith.° — 
It should be noted, however, that the relative orientations between the 
solid solution and the 6’-CuAl:, found by Preston, are not in agreement 
with those indicated as most probable for 6-CuAl, by Mehl, Barrett and 
Rhines, although the latter authors did suggest them as an alterna- 
tive possibility. 

The so-called ‘‘ Widmanstitten mechanism” for solid-solid precipita- 
tion reactions is essentially of the interface type, even though in their 
review Mehl and Jetter do modify this concept to a certain extent by the 
statement that “‘the atom movements by which the matrix lattice 
becomes the precipitate lattice may often be represented as a series of 
shearing operations, sometimes simple and sometimes complicated.”’ 
Inasmuch as a true interface reaction is possible, fundamentally, only 
when there is complete incompatibility of the two phases, it would seem 
to be a prerequisite of these transformations that they be explainable in 
nearly every case by a series of shearing operations, and that a ‘‘block”’ 
or “zone” transformation consequently be the true one. The fact that 
complete incompatibility—i.e., insolubility—is seldom if ever found in 
metallic systems is, of course, well known today. The results of the 
Widmanstitten studies therefore give at most the relationship between 
the initial and final states of the process, which, valuable clues though 
they be, leave unexplained the precipitation mechanism. 

The initial stages of the precipitation process have been thoroughly - 
considered by W. L. Fink and D. W. Smith’ in their discussion of the 
theory. They pointed out that even in a statistically uniform solid solu- 
tion there will be a definite probability of occurrence of groups of various 
sizes which will contain any given number of copper atoms. Further- 
more, by use of the Poisson Distribution Equation, they were able to 
compute this probability. 

While it is true that the Poisson equation tells nothing of the effect 
of temperature upon the distribution nor of the probable life period of an 
aggregate of atoms, the effect of temperature must be rather small if the 
quench from the solution treatment is rapid, since it acts chiefly through 
its effect on the diffusion rates of the atoms involved. Consequently it is 
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felt that Poisson’s equation gives a sufficiently good approximation of the 
distribution actually occurring in the aluminum-copper solid solutions, 
at least in the temperature range of age-hardening for these alloys. 

The nuclei of the more stable 6’-CuAl, phase, therefore, would be 
expected to form by the transformation of these atomic groups. This 
transformation is postulated as taking place in four stages: 

1. The formation of the atomic groups already described, which 
contain, by pure chance, the correct number of copper atoms and are of 
sufficient size to be stable at the temperature of precipitation. In these 
groups, since at the solution temperature they are in a constant state of 


A.AN ATOMIC GROUP IN THE SOLID SOLUTION 


OF 


: OAU. 20ISAU. DOWN 4.031 AU. DOWN 6046AU, 
B. REALIGNMENT OF COPPER ATOMS INTO AN ORDERED ARRANGEMENT p 
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ATOMIC ARRANGEMENT IN €©'- Cu At; ) 
SOLID SOLUTION ©=ALUMINUM @-COPPER OCA. 
Fic. 1.—ATOMIC POSITIONS FOR VARIOUS STAGES IN PROCESS OF PRECIPITATION OF 
6’-CuAl, OUT OF A SUPERSATURATED ALUMINUM-COPPER SOLID SOLUTION. 

The groups of atoms represent successive planes parallel to (001). The plane 
designated 0 A.U. is the upper one of a set, in each case. Succeeding planes then are 
located a certain distance below this top plane; e.g., ‘‘Down 4.35” means 4.35 A. 
below the top plane. 


flux, the copper atoms would be expected to have a random arrangement 
as shown in Fig. 1A. 

2. Realignment of the atomic groups to give the more symmetrical 
“ordered”? arrangement of copper atoms shown in Fig. 1B, but still 
retaining the symmetry and atomic positions of the face-centered cubic 
solid solution lattice. 

3. Rearrangement of the atoms to form the 4’-CuAl, nucleus as 
shown in Fig. 1C. This is postulated as consisting of a change in position 
of the copper atoms from their former substitutional locations to new 
positions, which are interstitial between the former cube planes of the 
solid solution. This, naturally: (a) forces these planes farther apart; (b) 
produces a shear of one plane of atoms so that three successive cube planes 


88 PROCESS OF PRECIPITATION FROM SOLID SOLUTION, I 


of the solid solution become identical in position as well as in arrange- 
ment; and (c) forms ‘‘holes”’ in the (001) planes where the copper atoms 
were formerly located but which now must be filled by aluminum atoms 
diffusing in from outside. Even after this rearrangement the nucleus 
will probably not as yet have the characteristics of the 6’-CuAl, phase, 
because of the restraining forces acting between it and the solid 
solution matrix. Likewise, because of these same forces, and the 
relatively low atomic mobility at the aging temperatures, the matrix 
might be unable to change its dimensions appreciably as precipitation 
proceeds. 

4. Growth of the 6’-CuAl, plates until an interface is produced 
between them and the solid solution lattice. During this growth there 
is a mutual distortion of the two lattices, which increases until it produces 
an actual rupture (i.e., interface), allowing both the solid solution and the 
precipitate to assume their true characteristics. 


DEFENSE OF SUGGESTED PRECIPITATE MECHANISM 


The changes occurring during the precipitation process have recently 
been studied by means of improved X-ray techniques by G. D. Pres- 
ton®:®.9 and by A. Guinier!®~8 and his co-workers. The works of these 
authors are in general agreement and their results may be summarized 
as follows: 

Within the solid solution lattice, and parallel to the {100} planes of 
it, ‘‘there exists a series of small parallel plane elements, dispersed at 
random, and composed of atoms different from those of the main lattice.” 
These planes vary in extent between about 50 A. at 25°C., and 150 to 
200 A. (initially) at 100° to 200°C. Guinier assumed that they were 
composed of copper atoms without making any hypothesis about the dis- 
position of the atoms within the groups; and he estimated their thickness 
to be, on the average, 4 1% (i.e., two atomic layers). Preston’s estimate 
of thickness was two or three planes of atoms, and that of extent about 


the same as Guinier suggested. He also noted that after the @’-CuAl, - 


had been formed, the two crystals, although structurally different, ‘form 
one diffracting unit and the plane of union is (001).”’ 

These data, therefore, give us three definite facts about the precipita- 
tion process: (1) the ‘‘disturbance”’ incident to precipitation takes place 
on cube planes of the original solid solution; (2) the thickness of the 
“disturbed” zone is about two or three atomic layers; and (3) in the 
precipitated 6’-CuAl, particle the (001) plane is parallel to an {001} 
plane of the solid solution and the [110] direction is parallel to an <100> 
direction in the solid solution. 

Regarding now the four stages in the proposed precipitation mecha- 
nism, there should be little argument concerning the first one. The 
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possibility of occurrence, in the statistically uniform solid solution, of 
enriched and iedrenshed areas that form and disintegrate at a rate 
dependent on temperature seems quite logical, as does also the proba- 
bility that the copper atoms in the groups are randomly distributed. 

The second stage, realignment to an ordered arrangement, is more 
open to question. In view of the fact that in both the more stable 6’ and 
#-CuAl, structures the copper atoms never attain positions of closest 
approach, Guinier’s assumption that his “‘planes”’ are composed of copper 
atoms alone does not seem to be entirely justified. The arrangement 
postulated here is the most concentrated required to supply all the copper 
atoms needed for the more stable compounds, and although it too gives 
planes that are composed entirely of copper atoms, they are of very 
limited extent since they lie perpendicular to the flat surface of the plate. 

Mehl and Jetter’s suggestion regarding the third stage differs con- 
siderably from that proposed here. Their concept (‘‘The lattice of 06’ 
may be considered as formed from the matrix by simple compression 
along the c-axis . . . with the simultaneous loss of several atoms . . 
though this transformation can alternatively be expressed in terms of 
simple shearing operations’’), while it sounds quite simple cannot be so 
because it is necessary to remove several aluminum atoms (i.e., four for 
each unit cell of 6’-CuAl, formed) from the transforming region. Fur- 
thermore, since this process of nuclei formation must be a diffusionless 
one, any number of successive simple shearing operations would be 
unable to account for the volume change. It is a well-known fact that 
simple shear is one of the two principal ways of producing deformation 
without a change in volume. Explanations of the process can be made 
using simple shears and contraction simultaneously or successively but 
the same two inherent objections to them will always arise: (1) Why 
should the first shear occur? (2) How are the excess aluminum atoms 
eliminated? In the mechanism suggested here both of these are over- 
come by the movement of copper atoms into interstitial positions. 
Firstly, only certain interstitial positions (i.e., those for which each 
copper atom will have two aluminum atoms for nearest neighbors) are 
possible, so that the planes occupied by copper atoms can attain only the 
required density of population. Secondly, from the geometry of the 
face-centered cubic structure, the movement of the copper atoms to 
the interstitial positions would automatically give the ‘‘push”’ necessary 
to start the shear required of the single plane in the solid solution lattice. 
Then, as the copper atoms are removed, substitutional positions are left 
vacant, and these can be filled by simple diffusion of aluminum atoms 
from outside the disturbed zone or from elsewhere in it. This is in 
conformity with certain phases of the Wagner-Schottky theory of 
diffusion by lattice imperfections. Also, it would be the process 
naturally expected since the expansion incident to the copper atoms 
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taking up their interstitial positions would tend to compress the sur- 
rounding aluminum atoms, and their diffusion into the vacancies would 
tend partly to relieve this compression. 

It should be quite evident that the copper atoms, before changing 
position, would be obliged to obtain energy enough to surmount the 
potential barrier that tends to keep them in the substitutional position. 
Such a barrier would exist regardless of the net energy interchange of the 
process, which is probably exothermic. Consequently the atomic group 
cannot rearrange instantaneously as required by the theory of Fink and 
Smith’ or even ‘‘more or less at once’’ as suggested by M. L. Gayler,® but 
must wait until one or more parts of it secure sufficient energy to start. 
The transformation probably would then spread out from this center at a 
more or less regular rate because of the net energy released by the process. 

The fact that the equilibrium phase, 6-CuAls, is found to contain 
more aluminum than required for the stoichiometrical compound would 
be explainable in either or both of two ways: (1) aluminum, instead of 
copper, atoms are occasionally moved into interstitial locations, or (2) 
interstitial vacancies are occasionally formed because of an insufficient 
number of copper atoms to fill a plate completely. 

The fourth stage, growth of the 6’-CuAl: plates, is introduced for definite 
reasons. Previous theories such as that of Gayler,® which postulated 
growth before precipitation, have met with serious objection because they 
require that the copper atoms in the solid solution diffuse to regions 
in the same solid solution that are already enriched in copper. This 
“uphill”? diffusion is anomalous and has never been found elsewhere. 
The present hypothesis, by forming nuclei directly from the groups, 
eliminates this possibility because their copper atoms are no longer 
in the solid solution when diffusion becomes effective. Furthermore, 
Guinier! was able, at temperatures of 150°C. and higher, to detect the 
presence of the ‘oriented tetragonal” 6’-CuAl, phase before maximum 
hardness had been attained. Since, as will be discussed in Part II, a true 
interface probably does not appear between the solid solution and the 
precipitate until it has reached a size commensurate with maximum 
hardness, this general explanation of growth after the formation of 
6’-CuAl, seems most satisfactory. 


TRANSFORMATION OF 6’-CuAl, To 6-CuAl. 


Inasmuch as the work of Preston has established the three essential 
points that (1) the metastable and the stable forms have the same com- 
position, (2) their unit cells contain the same number of atoms, and (3) 
their orientation with reference to the solid solution matrix is similar at 
least with reference to the plane of contact, it seems logical to assume 
that the transformation from one to the other is essentially a process of 
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redistribution and readjustment to give an arrangement of lower energy. 
Everyone seems now agreed that this transformation does not take place 
until well after maximum hardness has been attained, and until the 
’-CuAl, particles have established their separate idemtnign It is true 
that Wassermann” postulates some formation of 0-CuAl, at 300°C. right 
from the start of aging and that, at the same temperature, Guinier was 
able to detect it after 1 hr., but this was also well after the attainment of 
maximum hardening, and it is extremely doubtful that 6-CuAl, is ever 
found in appreciable amounts while the hardness is still increasing. 
At 200°C., for example, Guinier could not detect it even after 41 days of 
aging, and Fink and Smith” found no appreciable change in the amount 
of the 6’ phase after aging for as long a time as 42 days, although Wasser- 
mann! did find it after 70 days. 

Concerning the mechanism of the transformation, Mehl and Jetter! 
say: ‘‘But the transformation of 4’ to 6 requires lattice movements of 
unusual complexity, and doubtless requires high activation energy for its 
accomplishment, and occurs therefore at a slow rate.’ Other than this 
nothing specific was offered. 

Let us examine first the parameters of the two phases. As previously 
mentioned, those of 6’-CuAl, have been shown to be d = 5.71 and 
co = 5.80 A. the atoms being arranged in a slightly tetragonal modifica- 
tion of the CaF. type structure. The structure of @-CuAl, has been 
determined most recently by Bradley and Jones'® to be tetragonal with 
ado = 6.054; co = 4.864 with the coordinates of the copper atoms: 


W0% £0,434 

0,4%,% ¥4,0,34 
and those of the aluminum atoms: 

U,U,0 U,U,0 

u,t, %,u,34 


(u + 34), (u + 74), 28 


(4% —u), (0% — 4), 7% 


where u = 0.160 


Consequently, it can readily be seen that because of the rearrange- 
ment, the 6’-CuAl lattice must expand along the a and 6 axes from 5. 71 to 
6.054 oe and shrink along the c axis from 5.796 to 4.864 A. Inthe mech- 
anism proposed here this expansion and shrinkage are considered to be 
incidental to the placing of the atoms in the proper positions with respect 
to one another. In other words, for the correct arrangement of atoms the 
lattice as a whole will readjust itself dimensionally to correspond to the 


stable form. 
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As postulated, three stages are required: (1) realignment of copper 
atoms in 6’/-CuAl, into a more symmetrical arrangement; (2) a buckle* 
of aluminum atoms on the (011) planes in the [100] direction to an 
amount of 0.544 A.; (3) a buckle, of the same magnitude, of the aluminum 
atoms that previously were on the (101) planes of the 6’-CuAl, lattice, 
and in the direction that formerly was the [010] direction. 

These three stages are illustrated in Fig. 2. In Fig. 2A the structure 
of 6’-CuAls, which was derived previously, is given. By comparing this 
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Fig. 2.—ATOMIC POSITIONS FOR THE VARIOUS STAGES IN THE TRANSFORMATION OF 
’-CuAl: To 6-CuAl; AFTER PRECIPITATION. 
(See explanation under Fig. 1.) 


with Fig. 2H, the structure of @-CuAls, it will be seen at once that the 
planes of copper atoms are exactly the same for the latter phase but that 
they are different in arrangement for the former, less stable phase. The 
first stage, therefore, would appear to be the realignment of the copper 
atoms as postulated. That this does not take place at a later stage is 
indicated by the fact that the trend of the transformation is to increase 
the symmetry of arrangement about each of the copper atoms. 

The ensuing two stages of buckling, the results of which are shown in 
Figs. 2C and 2D, are probably. accompanied by the expansion and con- 


*A “buckle” is defined as a shearing process in which the odd numbered planes 
move & definite distance in one direction while the even numbered planes move the 
same distance in the opposite direction. 
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traction mentioned previously. They must take place separately, since 
no combination of them into a single stage will give the geometrical 
positions required by the 06-CuAl, structure. The magnitude of the 
buckle can be computed quite simply as follows: 
If x = the magnitude of the buckle, 
u = atomic displacement of aluminum atoms in 6-CuAl, structure, 
Then: 


aig = UV Bu + V3) 
Ot = ut x = 0.16 X 6.054 + 2 


x = 1.513 — 0.969 = 0.544 A. 


SUMMARY AND CONCLUSIONS 


The complete precipitation of 6-CuAl, out of the supersaturated solid 
solution may be considered as taking place in seven stages: 

1. Segregation of the atoms in the solid solution by pure chance into 
groups containing the required number of copper atoms. 

2. Realignment of the copper atoms in these groups into a more 
symmetrical ordered arrangement. 

3. Rearrangement of the atoms to form a nucleus of 6’-CuAl, 
probably in a greatly distorted form. 

4, Growth and precipitation of 6’-CuAl: particles by the formation 
of an interface. 

5. Realignment of the copper atoms in 6’-CuAl, into a more sym- 
metrical arrangement. 

6. Buckle of aluminum atoms on the (011) planes in 6’-CuAl, in a [100] 
direction to an amount of 0.544 A. 

7. Buckle of the aluminum atoms that were on the (101) planes of 
the @’-CuAl, lattice in what was previously the [010] direction, to the 
same magnitude. 

Stages 3 and 5 probably will require an appreciable activation energy 
to start. Stages 3 and 7 will be accompanied by dimension changes. 

While the property changes concomitant with the precipitation will be 
discussed in part II, it may be stated here that maximum hardness will 
be attained in stage 4 and the alloy will be overaged during the subsequent 
stages. In low-temperature aging under normal conditions (i.e., exclud- 
ing the effects of plastic deformation) the alloy probably never gets 
beyond the beginning of stage 4, except, possibly, after prolonged aging. 


REFERENCES 


1. R. F. Mehl and L. K. Jetter: Amer. Soc. Metals Preprint (1939). 
2. W.L. Fink, D. W. Smith and L. A. Willey: Amer. Soc. Metals Preprint (1939). 
3 R. F. Mehl, C.S. Barrett and F. N. Rhines: Trans. A.I.M.E. (1932) 99, 207-229. 


94 PROCESS OF PRECIPITATION FROM SOLID SOLUTION, I 


. Wassermann and J. Weerts: Metallwirtschaft (1935) 14, 605-609. 

. D. Preston: Phil. Mag. (1938) 26, 855-871. 

. L. Fink and D. W. Smith: Reply to discussion of reference 7. 

.L. Fink and D. W. Smith: This volume, page 95. 

. Preston: Nature (1938) 142, 570. 

. Preston: Proc. Royal Soc. London (1938) 165-A, 526-538. 

Guinier: Nature (1938) 142, 569-570. 

11. A. Guinier: Compt. rend. (1938) 206, 1641-1642. 

12. J. Calvet, P. Jacquet and A. Guinier: Compt. rend. (1938) 206, 1972-1974. 

13. J. Calvet, P. Jacquet and A. Guinier: Jnl. Inst. Metals (1938) 65. 

14. C. Wagner and W. Schottky: Zisch. physik. Chem. (1980) 11, 163. See also 
W. Jost: Diffusion und Chemische Reaktion in Festen Stoffen. Leipzig, 1937. 
Theodor Steinkopff. 

15. M.L. Gayler: Jnl. Inst. Metals (1937) 60, 249-367. 

16. G. Wassermann: Ztsch. Metallkunde (1938) 30, 62 

17. W.L. Fink and D. W. Smith: Trans. A.I.M.E. (1936) 122, 284-300. 

18. A. J. Bradley and P. Jones: Jnl. Inst. Metals (1933) 51, 131-157. 


D 
D 
D 


Ee 


Age-hardening of Aluminum Alloys, [V—Discussion 
of the Theory 


By Wiu1am L, Finx,* Memper, anp Dana W. Smrru, *, Junior 
Memper A.I.M.E. 
(New York Meeting, February, 1939) 


ALTHOUGH age-hardening in an aluminum-base alloy containing 
magnesium was observed by Alfred Wilm! as early as 1911, it was not 
until 1919 that a theory of the mechanism of age-hardening was proposed. 
Merica, Waltenberg and Scott,? studying the age-hardening character- 
istics of Duralumin at the National Bureau of Standards, came to the 
conclusion that age-hardening of this alloy is caused by the precipitation 
of CuAl:, which is less soluble at the aging temperature than at the solu- 
tion heat-treating temperature. It was postulated that the initially 
precipitated particles were of fine colloidal dimensions but that they 
gradually grew in size. Maximum hardness was assumed to be attained 
when the particles reached a critical size. This theory was at first 
received skeptically, since it was a widely accepted view at that time 
that the solid solution state should represent the hardest state of an alloy. 

Shortly thereafter, Jeffries and Archer proposed their well-known 
“slip interference theory.’”? ‘They suggested that age-hardening was 
accomplished by the precipitated particles acting as keys interfering 
with slip along crystallographic glide planes. They showed that this 
mechanical theory led directly to the assumption that maximum harden- 
ing would be produced by particles of a critical size, which they suggested 
would have a diameter approximately 10 times that of the aluminum 
atom. This contribution amplified and explained so rationally the age- 
hardening theory of Merica, Waltenberg and Scott that wide accept- 
ance resulted. 


OBJECTIONS TO SIMPLE PRECIPITATION THEORY 


From time to time certain experimental facts have been cited against 
the simple precipitation theory. The first of these was the discovery by 
Fraenkel‘ that, although the electrical resistivity of Duralumin decreased 
during aging at higher temperatures (from 100° to 250° C.), it increased 
during aging at ordinary temperatures. This was not in accordance 
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with the belief current at that time that resistivity should decrease dur- 
ing precipitation. 

It has been pointed out by Portevin and Chevenard,’ as well as by 
other workers, that they were unable to explain volume changes that 
occurred during age-hardening of some aluminum alloys on the basis 
of the simple precipitation theory. For example, binary aluminum- 
copper alloys increase rapidly in density during the very early stages of 
age-hardening at room temperature. On the other hand, Duralumin 
first decreases and then increases in density during room-temperature 
aging. Aluminum-magnesium-silicide alloys show only a decrease in 
density during room-temperature aging. After extended periods of 
aging, especially at elevated temperatures, the density of the alloy 
decreases to a value usually far below that which would be calculated on 
the basis of a mixture of aluminum and the precipitating phase. 

It has been demonstrated by Fraenkel® and others that aluminum- 
base alloys age-hardened at room temperature suffer an initial decrease 
in hardness upon subsequent aging at more elevated temperatures. For 
some time, this behavior received no satisfactory explanation in terms 
of the simple precipitation theory. 

One of the principal objections to the precipitation theory of age- 
hardening was the lack of direct evidence of precipitation at room tem- 
perature, or during the early stages at somewhat. higher temperatures. 
The failure of microscopic and Debye-Scherrer methods carried little 
weight because neither method could be expected to reveal colloidal 
particles of the size postulated by the theory. However, failure of the 
back-reflection X-ray method,’ which could determine lattice parameters 
with such precision that it was assumed small amounts of precipitation 
could be detected, was undoubtedly the strongest argument advanced 
against the precipitation theory of age-hardening. 


PRE-PRECIPITATION THEORY 


As a result of these objections to the simple precipitation theory, 
several metallurgists have assumed that prior to the formation of crystal 
nuclei of the second phase there is some kind of change within the solid 
solution, which causes hardening of the alloy. This pre-precipitation 
process has been variously assumed to be: (1) local variation in inter- 
atomic distances in the neighborhood of solute atoms (by the formation 
of CuAl, molecules* or for some less clearly defined reason’), (2) the dif- 
fusion of solute atoms to definite positions of the aluminum lattice pro- 
ducing an ordered arrangement," or finally, (3) the diffusion of copper 
atoms to certain regions forming groups or “knots,’’!! which are not 
sufficiently organized to form a crystal nucleus, but which are sufficiently 


stable to simulate a nucleus and cause hardening of the alloy by inter- 
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ering with slip. The last hypothesis, which was ably presented by 
Dr. Merica when he became convinced that his simple precipitation 
theory was no longer adequate to explain all the facts, has undoubtedly 
had the largest following. 

The above is a very brief history of the theory of age-hardening in 
aluminum alloys up to the time when the present authors began their 
investigation. Early in the course of their work, it was found that the 
back-reflection X-ray diffraction method was not nearly as sensitive as 
had been supposed.'? It could not reveal changes in lattice parameter 
even though precipitation had progressed to a point where particles could 
be resolved under the microscope. This immediately nullified the most 
potent argument against the simple precipitation theory. If this fact 
had been discovered earlier, it is very unlikely that Dr. Merica would 
have revised his theory or there would be so many proponents of pre- 
precipitation theories. 

Previous papers of this series!® have presented results of investiga- 
tions which led to the following conclusions: 

1. The lattice parameter of aluminum is not changed by the precipita- 
tion of minute particles during the early stages of the age-hardening of 
aluminum-copper or aluminum-magnesium alloys because of the highly 
localized and heterogeneous nature of the precipitation. 

2. In both the aluminum-copper and aluminum-magnesium 
alloys, precipitation can be observed microscopically before the aging 
has progressed far enough to change the yield strength and elonga- 
tion substantially. 

3. In both the aluminum-copper and aluminum-magnesium systems, 
the phase that precipitates during the aging at low temperatures is differ- 
ent from the phase that precipitates at elevated temperatures. 

4. The presence of two peaks in the aging curve, which has recently 
been advanced as an argument in favor of pre-precipitation,'®'!! is attrib- 
utable to the fact that precipitation occurs more rapidly in regions that 
were deformed during the quench than in regions that were not deformed. 

5. There now seems to be no justification for modification or complica- 
tion of the theory of precipitation-hardening originally advanced by 
Merica, Waltenberg and Scott. 

These papers dealt principally with the presentation of experimental 
data. While some of the objections to the precipitation theory were con- 
sidered briefly, discussion of the theory was meager. In fact, it became 
evident during the discussion of these papers and in subsequent informal 
discussions that the authors had not presented their ideas in regard to 
the theory with sufficient clarity or in sufficient detail. The object of 
writing the present paper is to rectify this situation as well as to make a 
more complete presentation of the precipitation theory than has been 


given previously. 
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MrcHANISM OF AGE-HARDENING 


Solid Solution 


Before considering the decomposition of solid solutions, which causes 
age-hardening, let us consider the state of the solid solution in the tem- 
perature range of solution heat-treatment. When aluminum-copper 
alloys are held for a sufficient length of time at a temperature above that 
at which all the copper is soluble, the copper goes into solid solution; 
i.e., the copper atoms are distributed at random on the aluminum lattice. 
As a result of thermal agitation, the copper atoms are, of course, moving 
from point to point on the lattice. In any given region, therefore, the 
concentration of copper atoms is constantly changing. At any given 
time, there will be some regions where the concentration of copper atoms 
is high. Such groupings are not stable at this high temperature, and they 
immediately disintegrate. However, while some of these groups are 
disintegrating, others will be forming, so that a statistical equilib- 
rium obtains. 

If we assume, in accordance with the generally accepted ideas of solid 
solution, that the solute atoms are distributed individually and collec- 
tively at random, the probability of occurrence of various numbers of 
copper atoms in certain size groups can be accurately calculated by the 
Poisson Distribution Equation: 


where: P = probability of occurrence of a group, 
J = number of copper atoms in a group, 
P(» = probability of occurrence of J copper atoms in a group, 
€ = average number of copper atoms in a group, 
e = base of natural logarithms. 

Table 1 shows the results of some of these calculations. The prob- 
ability figures in which we are most interested are those for which the 
copper and aluminum atoms are present in the proportions of the inter- 
metallic compound CuAl. These probabilities are indicated by an 
asterisk. It will be noted that as the group size increases, the prob- 
ability of copper and aluminum atoms occurring in CuAl, proportions 
becomes lower. 


Formation of Nuclei 


We are now in a position to consider the conditions existing in this 
solid solution immediately after a rapid quench. The structure that 
existed at the solution heat-treating temperature is retained, at least 
momentarily. At the lower temperature, the magnitude of the thermal 
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vibration of the atoms is relatively low, so that previously mentioned 
groups of copper and aluminum atoms should be relatively stable (i.e., 
the tendency to disintegrate by diffusion will be much lower than it was 
at the higher temperature). Groups having the composition CuAl, would 
be expected to be more stable than other groups, and the larger the 
group, the more stable they would be expected to be. Above a certain 
limiting size, these CuAl; groups would be expected to rearrange rapidly 
to form crystals of the precipitating phase, i.e., to form stable nuclei. 


TaBLE 1.—Probability of Occurrence of Copper Atoms in Atomic 
Groups of Various Sizes—Poisson Equation 
Autor: 94 Atoms or At + 2 Atoms or Cu (4.78 Per Cent Cu By WeIGHT) 


Atomic Group Size 


Number 
of Cu 
eons: 3 Atoms | 6 Atoms | 9 Atoms | 12 Atoms 24 Atoms 36 Atoms 48 Atoms 
e= ie e= 1g e= He e= e= 6 e= % e=1 
0 0.9394 | 0.8744 | 0.8290 | 0.7788 0.6065 0.4724 0.3679 
1 0.05872} 0.1093 | 0.1554 | 0.1947 0.3033 0.3543 0.3679 
2 0.00682} 0.0145 | 0.02438 0.0758 0.13829 0.1839 
3 0.00092 | 0.0020 0.0126 0.0332 0.0613 
4 0.000137; 0.0016 0.0062 0.0153 
5 0.00016 0.00093 0.0031 
6 Le lOse 0.00012 0.0005 
7 94 X 1078 |12.5 X 10°*| 0.00007 
8 Geel Ones diy <clOn eo 10m 
9 98 DC 105? ik <a) 
10 (oe LO mlm ele al Ome’ 
11 BLO me POG 105? 
12 SL Ome ee Om 
13 59 X 107-2 
14 42 X 1078 
15 PAY Se 
LSS <elO sts 


2 Cu and Al atoms in proper proportion to form CuAl:. 


Just how large a nucleus of precipitate must be for stability at any 
given aging temperature is unknown. The fact that the electrical 
resistivity of an aluminum-copper alloy increases slightly during the 
early stages of aging at 100° C. (Fig. 1) indicates that the nucleus size 
is slightly less than the order of wave length of the electrons. Mott™ 
estimates the wave length of the conduction electron to be of the order 
of four or five interatomic distances. Assuming that this estimate is 
correct, the smallest stable nucleus at 100° C. would contain approxi- 
mately 48 atoms (16 copper and 32 aluminum). 

Table 2 presents probability calculations for groups of 48 atoms in the 
solid solution at the heat-treating temperature, or immediately after 
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quenching. It will be noted that there are 22,500 groups per cubic 
millimeter each containing the proper proportion of copper and aluminum 
atoms to form CuAle. These groups will precipitate almost immedi- 
ately, allowing only a brief time for probable rearrangement of atoms 


5 
Evectaica. Resistance — Onms x 10 


9.001 0.01 01 i] 
Acing Time in Hours at 100°C. 
Fic. 1.—Errrect oF aGcina aT 100° C. UPON ELECTRICAL RESISTANCE OF A HIGH- 
PURITY ALUMINUM-COPPER ALLOY (4 PER CENT Cv). 
into the proper position for the 6’ space lattice. In addition to these 
groups, all ready to precipitate, there are 362,000 groups each lacking 
but one copper atom to form a stable precipitate particle. Likewise, 
there are 5,250,000 groups each lacking but two copper atoms, etc. In 


TABLE 2.—Probable Numbers of Groups, Containing a Total of 48 Atoms 
with Various Numbers of Copper Atoms, in one Cubic Millimeter of an 
Aluminum-copper Alloy (4.78 Per Cent Cu) 


Number Number of Number Number of 
of Cu Psy Groups? in of Cu Pygy Groups? in 
Atoms, J 1 Cu. Mm. Atoms, J 1 Cu. Mm. 

0 0.3679 46 X 1016 8 9X 10-* 11.3 X 1012 

1 0.3679 46 X 101 9 1 X 1075 12.5 X 101! 

2 0.1839 23 X 1036 10 IexX<ort 12.5 X 101° 

3 0.0613 76.5 X 1015 11 9X 10° 11.3 X 10° 

4 0.0153 LO, dep LOte 12 77 X 10-2 96.2 X 107 

5 0.0031 13 59 X 10-* 74.7 X 108 

6 0.0005 14 42 X 10738 52.5 X& 105 

a 0.00007 15 29 X 107*4 36.2 X 104 
16° 18 X 107% 22.5 X 103 


* Probability of occurrence of J Cu atoms in a group of 48 atoms. 
’ Total number of cells, containing 48 atoms, in 1 cu. mm. = 12.5 X 10", 


¢ Cu and Al atoms in proportion to form one unit cell of 6’. 
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other words, in the as-quenched condition, there are a large number of 
potential nuclei for precipitation at approximately 100° C. Obviously, 
additional potential nuclei form during aging by the chance association 
of copper atoms in a manner similar to the formation of these groups at 
higher temperatures. 

As lower and lower aging temperatures are employed, it would be 
expected that the smallest stable nucleus would contain fewer and fewer 
atoms. That this is true is indicated by the relatively large increase in 
resistivity upon room-temperature aging compared with smaller increases 
at higher temperatures. It is also in accord with the theory of nuclea- 
tion developed by Gibbs'® and Einstein'® and confirmed and extended by 
others.'7~-?° The size, the formation, and the stability of nuclei will be 
considered in more detail in connection with subsequent discussion. 


Growth of Nuclei 


After a stable nucleus or particle has precipitated, it can grow by the 
normal and simple process of diffusion of copper atoms in solid solution 
-to the interface. As the copper atoms attach themselves to the precipi- 
tate particle, the concentration of copper atoms in the adjacent solid 
solution is diminished. Therefore, diffusion of copper atoms into this 
region is the normal type of ‘‘downhill”’ diffusion. 


Errect or AGING ON PROPERTIES 


In the early stages of the aging process, there is a period of time 
between the instant of quenching and the first measurable hardening, 
which is generally called the “incubation” period. During this period, 
nuclei formation and growth are proceeding, as evidenced by changes in 
electrical resistivity and density. However, the individual particles are 
relatively small in size and number, and consequently have little effect 
on the mechanical properties. 


Electrical Resistivity 


According to the modern theory of the metallic state, maximum 
electrical resistivity would be expected in an age-hardening alloy when 
the maximum number of particles have attained a size comparable to 
the wave length associated with the electron. Consequently, one of the 
first changes to be observed as the particles grow would be an increase 
in the electrical resistivity, provided the initial particle size is less than 
the wave length of the electron. Obviously, as the particles increase 
beyond this size, the electrical resistivity decreases. 

Fig. 2 is a typical curve showing the variation in electrical resistivity 
of a binary aluminum-copper alloy upon aging at room temperature. 
During the first two or three hours there is considerable increase in 
resistivity, indicating that the original nuclei were considerably smaller 
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than those that formed at 100° C. (see Fig. 1). It is suggested that most 
of the initial nuclei contain from 12 to 48 atoms. Table 3 gives the 
number of the smallest suggested groups in each cubic millimeter at the 
time of quench. At the maximum of the curve the average particle 
size is that which offers maximum interference to the flow of electrons 
(such average particle probably containing more than 48 atoms). As 
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Fic. 2.—EFFEcT OF AGING AT ROOM TEMPERATURE UPON ELECTRICAL RESISTIVITY 
OF A HIGH-PURITY ALUMINUM-COPPER ALLOY (4 PER CENT Cv). 


the aging progresses further, the particles grow beyond this most effec- 
tive size and the resistivity decreases. 


TaBLEe 3.—Probable Numbers of Groups, Containing a Total of 
12 Atoms with Various Numbers of Copper Atoms, in One 
Cubic Millimeter of an Aluminum-copper Alloy (4.78 
Per Cent Cu) 


Number of Cu Atoms, J Pin? Name coors in 
0 0.7788 39 X 10” 
1 0.1947 97 X 10% 
2 0.0243 12 X 10% 
3 0.0020 10 X 10% 
4 0.00013 65 X 1018 


* Probability of occurrence of J Cu atoms in a group of 12 atoms. 
’ Total number of groups, containing 12 atoms, in 1 cu. mm. = 50.8 X 10". 


Specific Volume 


There has been an inclination to assume that some of the volume 
changes that occur during aging cannot be explained in terms of the 
precipitation theory. It is the opinion of the authors that these volume 
changes can be explained on the basis of the precipitation theory far 
more logically and convincingly than on the basis of any pre-precipita- 
tion theory that has come to their attention. 

The volume change that has been cited most frequently against the 
precipitation theory is the contraction that occurs when binary aluminum- 
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copper alloys age at room temperature (Fig. 3). It is generally recognized 
that a contraction accompanies the formation of the intermetallic com- 
pound CuAl;. It has, however, generally been assumed that the expan- 
sion of the solid solution as a result of copper depletion would more than 
counterbalance this contraction. A glance at Tables 1, 2 and 3, how- 
ever, will show that there are a large number of groups of atoms existing 
in the alloy before and immediately after the quench that require only 
rearrangement of the atoms to form crystal nuclei of CuAls. This 
formation of nuclei obviously involves no change in concentration of the 
solid solution. Obviously, then, the initial change should be a contrac- 
tion. Formation of other nuclei from groups that require the addition 


0.01 0.1 ' 10 100 1000 
Aaine Time in Hours at 30°C. 


Fig. 8.—CHANGE IN UNIT LENGTH OF HIGH-PURITY ALUMINUM-COPPER ALLOY (4 PER 
CENT Cu) UPON AGING aT 30° C. 


of one or more copper atoms raises the problem of calculating the changes 
in the specific volume of the solid solution as a result of this migration of 
one or more copper atoms in the solid solution. It also raises the prob- 
lem of calculating the elastic strain between the particles of precipitate 
and the surrounding solid solution—especially at the early stages when 
there is good registry between the lattices of the two phases. Such cal- 
culations cannot be made at the present time for lack of necessary data. 
However, it is the opinion of the authors that a limited formation of nuclei 
from the incomplete groups would probably result in further contraction. 

At higher aging temperatures, where the smallest stable nucleus is 
much larger, containing perhaps 48 atoms, the contraction caused by 
the precipitation of groups that exist at the time of quenching is so small 
that it is not directly measurable. The formation and growth of nuclei 
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to such a stage that volume changes are readily measurable involve 
considerable diffusion of copper atoms from the solid solution to the 
nuclei. This lowers the concentration of the solid solution and tends to 
cause a volume increase, which sooner or later counterbalances the 
contraction. This is generally recognized, and on this basis it is possible 
to calculate accurately the specific volume of aluminum-copper alloys 
that have been brought to equilibrium at annealing temperatures. How- 
ever, it has been pointed out that the growth during artificial aging at 
approximately 150° C. is considerably larger than the calculated value. 
The authors are still of the opinion, previously expressed, that as soon 
as the particles of precipitate have grown so large that the lattices of 
the particles and that of the solid solution cannot register, there is a 
region of lower density around the precipitate particles. If the particles 
are sufficiently small and numerous, the volume of this lower-density 
material would become appreciable and produce a measurably higher 
specific volume. Moreover, as has been previously pointed out, most 
of the calculations of volume changes have been made by assuming the 
form of CuAl, that is stable at annealing temperatures (the @ phase), 
whereas it is now known that the phase precipitating at 150° C. is a less 
dense form of CuAl: (the 6’ phase). 

Other unexplained volume changes, which occur in very complex 
alloys where several phases can precipitate and many reactions can 
occur, do not merit consideration here, but can in all probability be 
explained similarly. 


Mechanical Properties 


The crystal nuclei, which form and grow during the incubation period, 
finally reach a sufficient size in sufficient numbers to interfere appreciably 
with slip; i.e., they harden the alloy. Both the formal and the informal 
discussions that have followed the presentation of parts I, II and III of 
this series have indicated that there is some misunderstanding on this 
point. Many have erroneously obtained the impression that the authors 
attribute hardening to the microscopically resolvable particles. On the 
contrary, emphasis has been placed on the microscopic detection of 
precipitation merely to establish that precipitation takes place at a very 
early stage—before any appreciable hardening occurs. The authors 
agree with early statements by Merica, Waltenberg and Scott and by 
Jeffries and Archer that particles of colloidal size are most effective 
in hardening. 

When the precipitate particles grow beyond the critical size, soften- 
ing occurs. The critical size varies somewhat for different mechanical 
properties (tensile strength, yield strength, hardness and’ elongation), 
but in aluminum alloys an average particle size in the microscopic range 
(i.e., greater than 1000 A.) produces overaging or softening. 
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The initial softening that occurs on artificial aging, subsequent to 
aging at a lower temperature, can be adequately explained in the follow- 
ing manner. At low temperatures, many small nuclei form and never 
grow to a size that is stable at the elevated temperature. Consequently, 
the first effect of the high temperature is to cause disintegration or resolu- 
tion of the precipitate particles. Obviously, this would soften the alloy. 
A similar explanation was presented by Masing,!® but he then felt that 
it was necessary to assume the formation of “knots,’’ which were endowed 
with the same stability as nuclei. The injection of this complication is 
unnecessary because it is now known that nuclei, or much larger precipi- 
tate particles, can form without being detected by the X-ray back- 
reflection method. 


DETECTION OF PRECIPITATE 


In the past, much weight has been given to the inability of X-rays 
to reveal precipitate during the early stages of aging. However, care- 
ful consideration of the small size of particles that exist during the early 
stages of aging, and the mechanism by which they are formed, will show 
that the Debye-Scherrer and back-reflection methods could not be 
expected to reveal the precipitation. The Debye-Scherrer method will 
ordinarily not reveal a second phase unless it is present to the extent of 
1 per cent or more in the form of relatively large, well-formed crystals. 
One would, therefore, expect that the deformed crystals of colloidal 
size, which form during the early stages of aging of aluminum-copper 
alloys, would have to constitute several per cent of the alloy in order to 
be revealed by the Debye-Scherrer method. When the specimens have 
overaged at elevated temperatures, Debye-Scherrer patterns of the 
precipitate can be obtained. Such patterns are useful in identifying 
the precipitating phase. 

The back-reflection method, on which so much reliance was placed, meas- 
ures the lattice parameter of the solid solution, and could not be expected 
to detect precipitation unless the precipitation were accompanied by a 
measurable change in the parameter of the solid solution. Obviously, 
the initial precipitation—i.e., the formation of nuclei from the groups 
of atoms that already exist at the time of quench—produces no change 
in the parameter of the adjacent solution except for an immeasurable 
elastic strain. As the nuclei grow, the solid solution is depleted in copper 
in the immediate vicinity of these nuclei. There is, of course, a tendency 
for the parameter to change through this minute volume. However, 
since the precipitate particles are formed by the Widmanstiatten mecha- 
nism, so clearly elucidated by Dr. Mehl and his co-workers,*' there will 
be elastic stress in the particle and in the solid solution to maintain fairly 
good registry between the lattices of the two phases. During this 
period, no change in lattice parameter could be detected by the back- 
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reflection method. Finally, the precipitate particles become so large 
that registry cannot be maintained between the crystal plane of the 
CuAl, and the solid solution crystals. Even at this stage, the solid 
solution is depleted in copper only locally in the vicinity of the precipitate 
particles. Moreover, the concentration of the solution in these depleted 
regions varies from almost 0 per cent Cu to the full concentration of the 
solid solution. Since the back-reflection method will not reveal small 
percentages of a second phase, it could not be expected to reveal reflec- 
tions from the regions depleted in copper, until there existed a fairly 
large volume of solid solution of a given concentration. It has, in fact, 
been shown experimentally that the back-reflection method will not 
reveal any change in parameter until long after the precipitation can 
be revealed microscopically. !? 

Of course, the ordinary optical microscope will not resolve the par- 
ticles of colloidal size that precipitate during the early stages of aging 
of aluminum-copper alloys. However, these particles precipitate pref- 
erentially in regions that have been plastically deformed during quenching 
in cold water; i.e., along the grain boundaries and the slip bands.‘ In 
this way, a readily discernible pattern is produced, which can be revealed 
by suitable methods of polishing and etching.22. The stage of aging at 
which this pattern can be revealed depends to a large extent upon the 
skill with which the specimen is polished and etched. 


CONCLUSIONS 


A correlation of existing experimental data on age-hardening of 
aluminum alloys has led to the following conclusions, which are consistent 
with the precipitation theory originally proposed by Merica, Waltenberg 
and Scott: 

1. Age-hardening results from the controlled decomposition of a 
supersaturated solid solution. 

2. This decomposition is accomplished, as in other systems, by means 
of the formation of nuclei of a second phase and the growth of these 
precipitated particles. 

3. The nuclei form by the normal process of chance grouping of 
solute atoms, and Widmanstitten precipitation. 

4. Growth of the precipitated particles occurs by the usual process 
of crystal growth. 

5. The changes in physical and mechanical properties are explained 
in terms of this normal precipitation process. 
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B. W. Gonser,* Columbus, Ohio.—Studies on the age-hardening of aluminum 
alloys have been a valuable contribution to theoretical metallurgy. Nevertheless, 
from the broader viewpoint of age-hardening in general, I should like to see more work 
done on other alloy systems that exhibit a similar behavior. In other words, a 
general explanation of age-hardening phenomena can be built only by combining 
studies of all alloys, or at least representative alloys, that exhibit this behavior. 
Such studies appear necessary to maintain a proper balance or perspective. 


D. K. Crampron,+ Waterbury, Conn.—The authors have presented some inter- 
esting data on the probability of various sizes of groups of copper and aluminum 
atoms being present in certain alloys. A tacit assumption has been made that only 


when these groups contain the theoretical proportion of copper and aluminum atoms 
a EE Ee Es ee Se ee 


* Battelle Memorial Institute. 
+ Director of Research, Chase Brass and Copper Co. 
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to form the compound CuAl, will there be any precipitation of such groups. If I 
have interpreted their thought correctly, I would disagree with this assumption. It 
would seem to me possible, and in fact probable, that incomplete or imperfect groups 
could well precipitate. If such incomplete groups did precipitate, it would seem that 
the probability of any given such group precipitating would be an increasing function 
of the degree of perfection of the group. In other words, the more nearly complete 
or perfect the group, the greater the probability of its precipitating. This concept 
should be given consideration in the broad problem of probability of precipitation. 


M. L. V. Gayuer,* Teddington, England.—Messrs. Fink and Smith have omitted 
to refer to two recent and most important researches, based on the X-ray examination 
of copper-aluminum alloys, which have been published independently and simul- 
taneously by Calvet, Jacquet and Guinier**?4 in Paris and by my colleague, G. D. 
Preston.2> Their results show that during the initial stage of aging segregation of 
copper atoms occurs on (100) planes, resulting in the formation of thin plates, which 
vary in size and thickness with the aging temperature. At higher aging temperatures, 
these investigators found that the phenomena in the X-ray photogram associated 
with the formation of these copper segregates are gradually replaced by those signify- 
ing the appearance of the “intermediate” phase, originally discovered by Wasser- 
mann and Weerts.2° Depending on time and temperature, further aging results in 
other diffraction effects that indicate the presence of CuAls. These facts confirm the 
existence of the first stage of aging as suggested in my theory of aging.?” From his 
data, Preston was unable to determine whether the intermediate phase, which he 
found to be of the calcium fluoride type, could be regarded as a metastable ‘“‘inter- 
mediate” phase or the stable form of CuAl, at low temperatures. I have carried out 
microscopic analyses of a 4 per cent copper-aluminum alloy aged at high temperatures 
and have obtained evidence, shortly to be published in the Proceedings of the Royal 
Society, that the change from the intermediate phase to the stable form of CuAl, is 
polymorphic. These experimental facts prove definitely that CuAle, as such, is not 
precipitated from the solid solution during aging. 

Messrs. Fink and Smith consider that the two peaks in the aging curve may be 
“attributed to the fact that precipitation occurs more rapidly in regions that were 
deformed during the quench than in regions that were not deformed.” It is well 
known that aging may be accelerated by deformation but the authors have produced 
no experimental facts in support of their suggestion. 

I have obtained data (which will be published shortly) on the prolonged aging of 
4 per cent copper-aluminum of high purity at temperatures from 0° to 450°C., and 
the results show that the first stage of aging depends on the temperature and also on 
the duration of aging. Furthermore, there is a straight-line relationship between 
the reciprocal of the absolute temperature and the time between the first maximum 
hardness and the beginning of the increase in hardness to the second maximum. 
These facts do not support the present authors’ view that quenching stresses, which 


may vary considerably from specimen to specimen, are responsible for two hardening 
maxima in the aging curves. 


* National Physical Laboratory. 

23 A, Guinier: Nature (1938) 142, (3595) 569-570. 

*4 J. Calvet, P. Jacquet and A. Guinier: Compt. rend. (1938) 206, 1972-1974. 

2° G. D. Preston: Nature (1938), 142, (3595) 570; Proc. Roy. Soc. (1938) A-931, 
’ 167, 526-538. 

** G. Wassermann and G. Weerts: Metallwirtschaft (1935) 14, 605-609. 

7M. L. V. Gayler: Jnl. Inst. Met. (1937) 60, 249-267. 
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W. L. Fink anv D. W. Smiru (authors’ reply).—In regard to the question con- 
cerning the accuracy of Poisson’s distribution equation, we believe that just below the 
solidus the solute atoms are distributed at random, or nearly so. In other words, at 
this temperature, Poisson’s distribution equation should give a good approximation to 
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Fic. 4.—ALUMINUM-COPPER SOLID SOLUTION BEFORE AND AFTER PRECIPITATION. 


actual conditions. At lower temperatures, where thermal agitation is less, the attrac- 
tive forces between atoms would have more effect, and Poisson’s distribution equation 
would give poorer and poorer approximation as the temperature decreases (i.e., 
there should be a greater number of larger groups). A really accurate distribution 
equation should contain temperature as ty ait ; 
one of the variables. The equation de- | ‘ 

veloped by Einstein, and referred to in a 1 
the paper, does take temperature into oS 
consideration and should be more accu- aad 
rate, at least at the lower temperatures 

than Poisson’s distribution equation. 
However, the authors have not been 

able to apply this equation. 

In any case, a precise correspondence 
between the calculated values and the 
actual values is of minor importance. 

The important point is to give a picture 

of the solid solution and to get everyone 

to realize that there exists naturally in 

the solid solution groups of atoms of the 

right size having copper and alumi- a 
num atoms in the right proportion to 7g 
form precipitate particles of 6’. 

Our work was done before the 
appearance of the excellent papers by Preston and by Guinier et al. We have 
been able to produce patterns of the same type as those reported by them. 
The facts can be interpreted easily in terms of the theory presented in this paper. 
The left-hand figure on Fig. 4 shows aluminum-copper solid solution, which 
contains a group of atoms ready to precipitate. The copper atoms are shown 
as the filled-in circles, whereas the aluminum atoms are shown either as the 
open circles or the crosshatched circles. The crosshatched circles represent the 
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Fig. 5.—RELATION BETWEEN UNIT CELLS. 
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aluminum atoms within, or on the boundaries of the region that will form one unit 
cell of 6’.. The figure on the right shows the unit cell of 6’ after precipitation. Fig. 4 
was based upon the dimensions and orientation relationships reported by Preston. 
Wassermann and Weerts® previously reported the same phase (6’) but selected the 
unit cell differently. Fig. 5 shows the relation between the two unit cells. The 
dimensions marked on the figures were obtained from X-ray patterns of much larger 
precipitate particles than those shown. The elastic strains on a particle as small as 
that. shown here should produce some variation in the dimension ¢o. Since there is 
good coincidence between the basal planes of the 6’ lattice and the cube planes of the 
solid solution lattice, growth of the nucleus can occur readily parallel to the (100) 
plane. Since registry is not good along the c axis of the 6’ phase, growth in this 
direction would be impeded. Platelets of precipitate formed in this manner would 
be expected to produce the streaks obtained by X-ray methods reported by 
Guinier and Preston. 

Assuming that Fig. 4 accurately represents the conditions, an interesting possi- 
bility is presented of calculating the volume change that would be expected during the 
early stages of aging at room temperature. 

In calculating the number of groups of atoms of different sizes for presentation in 
the paper, the assumption was made that the ratio of CuAl, existed in the potential 
nuclei. The relations shown in Fig. 4 indicate that the number of groups should be 
calculated on the basis of 16 atoms instead of 12, because 4 aluminum atoms are 
eliminated from the nucleus during precipitation. Table 4 was calculated on that 


TaBLE 4.—Probable Numbers of Groups, Containing a Total of 16 Atoms 
with Various Numbers of Copper Atoms in One Cubic Millimeter of 
an Aluminum-copper Alloy (4.78 Per Cent Copper) 


Number Cu Atoms, J Pin Number of Groups in 1 Cu. Mm. 


0 0.7165 27 X 10" 
1 0.2388 91 X 1046 
2 0.0398 15 X 10 
3 0.0044 LieG10e 
4 0.00037 14 X 10'4 


basis. Using these values as a basis, the volume changes can be calculated as follows: 


The volume of a 16-atom group in Al solid solution = 5.7 X 5.7 X 8.06 = 261.87 A.3 


Since 4 of the Al atoms are divorced from this group, subtract 65.45 

Volume of one unit cell 6’ = 5.7 X 5.7 X 5.8 = 196.42 
188.44 

Decrease in volume on precipitation of one unit cell of 6’ = 7.98 A.s 


There are 14 X 10'416-atom groups per cu. mm. each containing four copper atoms. 
_ Therefore, the total decrease in volume during precipitation of these groups = 14 x 
10 X 7.98 = 11.2 x 10% Avs per cu. mm. or 


11.2 K 1015 
PSS ren, oe 11.2 X 10-6 cu. mm. per cu. mm. 


*6 Metallwirtschaft (1935) 14, 605. 
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or the change in length will be 3.73 < 10-* m. perm. This corresponds to approxi- 
mately 6 per cent of the total change in length experienced in 100-hr. aging time 
according to the curve of Fig. 3. 

There are 17 X 101° 16-atom groups per cu. mm. lacking but one Cu atom to be a 
stable nucleus. If these gain the required Cu atom and precipitate, the decrease in 
volume (neglecting effect of diffusion of this atom from solid solution) would be 


7.98 X 17 X 101 
1071 


= 135.7 X 10-* cu. mm. per cu. mm. 


or the change in length will be 45.2 x 10-' mm. per mm. (approximately 75 per cent of 
total change). Somewhat over 80 per cent of the length change shown in Fig. 3 is 
therefore accounted for without assuming the formation of new atom groups by 
chance diffusion at the aging temperature. 

In regard to Dr. Crampton’s suggestion that incomplete groups may precipitate, 
it seems to us that this may very well occur when the groups are large; i.e., several 
unit cells of 6’. It seems rather improbable, however, that a stable precipitate 
_ particle could be formed from a group of 12 atoms containing only 3 copper atoms 
(i.e., when one unit cell is the smallest stable nucleus). Our object in presenting 
estimates of the number of atomic groups was to show the large number of groups 
available for precipitation, and we ruled out incomplete groups to avoid controversy. 
However, if Dr. Crampton is correct, our figures are obviously too low. 

When Dr. Gayler refers to ‘‘CuAls, as such” she evidently refers to the phase in 
equilibrium at elevated temperatures (6). The authors have repeatedly stated that 
it is not the 6 phase that precipitates at ordinary aging temperatures, but the phase 6’. 

As Dr. Gayler points out, no facts were presented in this paper to support the state- 
ment in regard to two peaks in the aging curve being attributable to the fact that 
precipitation occurs more rapidly in regions that were deformed during the quench 
than in regions that were not deformed. These facts were presented in the third 
paper of this series: 

(1) The occurrence of the first peak was coincident with precipitation along grain 
boundaries and slip planes as revealed microscopically. 

(2) Samples that had been quenched slowly enough to avoid visible plastic defor- 
mation do not show the first aging peak, and visible precipitation does not occur until 
later in the aging cycle. 

In the last paragraph of Dr. Gayler’s discussion, she erroneously attributes to 
the authors a theory that quenching stresses are responsible for two hardening maxima. 
The authors have never attempted to correlate internal stresses produced during 
quenching or otherwise with the shape of the age-hardening curve. It seems doubtful 
whether any such relation exists. It is the plastic deformation that occurs at grain 
boundaries and along slip bands during the quench that accelerates the aging as 
explained in the third paper of this series, but obviously the internal stress remaining 
in a plastically deformed material is no measure of either the local deformation or the 
integrated deformation that has occurred. 


20 W. L. Fink and D. W. Smith: Age-hardening of Aluminum Alloys, II[I—Double 
Aging Peaks. Trans. A.I.M.E. (1938) 128, 223. 


The Structure of Aluminum after Compression 


By Cuarues 8, Barrert,* Mermper, AND L. H. Levenson,t JuNIoR MEMBER 
A.I.M.E. 


(Chicago Meeting, October 1939) 


Since 1925, when the preferred orientations in compressed aluminum 
were first determined!:? the orientations have been described as a fiber 
texture in which a face diagonal, [110], of the face-centered cubic lattice 
is parallel to the compression axis. Subsequent experiments have 
seemed to confirm this texture,3—> and a number of theories (recently 
summarized in references 6 and 7) have been proposed to explain it and 
to relate it to the behavior of single crystals during compression.?:*—!! 

The experiments reported in this paper prove that the orientations 
are not adequately described as quoted above—i.e., as a [110] fiber 
texture—although this is a first approximation to the actual texture. 
They also show that the texture cannot be thought of as a stable orienta- 
tion that is reached and maintained after a sufficient amount of deforma- 
tion. The actual texture, when studied in detail at successive stages of 
compression, indicates that a hitherto unsuspected range of orientations 
is present, both in the polycrystalline metal as a whole and in various 
individual grains in its interior, and that a state of dynamic equilibrium 
exists within this range. The reasons for the failure of previous theories 
to predict the actual texture become obvious when the heterogeneous 
nature of the flow is considered. 

In addition to the deformation texture, the manner of its develop- 
ment, and its theory, this paper presents data on the following related 
subjects: the identity of strain markings in aluminum; the orientation 
changes in aluminum single crystals during compression and a com- 
parison of these with the conditions in individual grains of a polycrystal- 
line specimen; the origin of asterism in deformed single crystals, which 
heretofore has been regarded as a distortion localized at the surfaces of 
slip planes; and the relation of plastic strain in individual grains in an 
aggregate to the strain of the whole. 


Manuscript received at the office of the Institute June 23, 1939. Issued as T.P. 
1104 in Murats Tecuno.oay, September 1939. 

* Member of Staff, Metals Research Laboratory, and Lecturer, Department of 
Metallurgy, Carnegie Institute of Technology, Pittsburgh, Pa. 


t Research Assistant, Metals Research Laboratory, Carnegie Institute of Tech- 
nology. 


1 References are at the end of the paper. 
112 


CHARLES S. BARRETT AND L. H. LEVENSON 113 


EXPERIMENTAL PROCEDURE 


Material.—All experiments were made with high-purity aluminum 
(99.95 per cent and better), whose purity was verified by spectroscopic 
comparison with aluminum of known composition. Polycrystalline 
blocks with grains of a size suitable for the study of individual erains 
were prepared by casting, rolling to a reduction of 7 per cent, and then 
annealing 4 hr. at 300° and 15 hr. at 500° C. 

Orientation Determinations.—The usual X-ray diffraction methods 
were employed: back-reflection Laue exposures for initial orientations; 
and for the deformed crystals, reflection patterns with cobalt or molyb- 
denum radiation, rotating crystal exposures with molybdenum radiation, 
or transmission Laue photographs with tungsten radiation. In addition, 
_ a technique of orientation determination was perfected, using etch pits 
and a two-circle optical goniometer. The etchant was 9 parts HCl, 
3 parts HNOs;, 2 parts HF and 5 parts H.O, and was used at room 
temperature. The etching time was adjusted by trial and error on each 
specimen to give etch pits whose faces were accurately parallel to cube 

faces. The goniometer was designed to minimize multiple reflections 
from the etch-pit sides, and its telescope permitted the scintillations 
from individual etch pits to be distinguished from the general noncrys- 
tallographic sheen. The accuracy of the optical method was determined 
by comparison with back-reflection Laue photographs of undeformed 
grains and was about 1°—all that was needed for plotting on an 18-cm. 
stereographic net. Features of the deformation mechanism that would 
have required a prohibitive amount of labor by X-ray methods were 
readily studied by this method. 

Method of Compression.—The compression of polished blocks was 
carried out between polished plates in a series of steps with frequent 
lubrication, in the manner used by Taylor and Farren,* to reduce friction 
at the compressed surfaces. For reductions in excess of 85 per cent, this 
was followed by passes in different directions through small rolls, ‘‘com- 
pression rolling.’’!? 


DEFORMATION TEXTURE OF POLYCRYSTALLINE ALUMINUM 


The deformation texture was determined in two ways: by optical 
reflection, and by X-ray diffraction. A pair of polycrystalline blocks, 
shown in Fig. 1, were placed together, compressed in 39 steps to 84 per 
cent reduction in thickness, separated, and the inner faces etched. 
Fifty small regions, about 1 mm. in diameter, were marked out at random 
on the inner faces (avoiding the edges of the blocks). The mean orienta- 
tion of each of these regions was then determined. The results are shown 
in Fig. 2, in which the compression axis for each small area is plotted as a 
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circle in a unit stereographic triangle representing the deformed lat- 
tice orientation." 

The compression texture of Fig. 2 was confirmed by X-ray diffraction, 
using cobalt characteristic radiation directed upon the compressed surface 
at the various angles suitable for reflection from (111), (200), (220), and 
(311) planes lying in the plane of the compressed sheet, while the sheet 
was shifted and rotated in its own plane. The texture of fine-grained 
aluminum reduced 98.6 per cent and 99.9 per cent by compression fol- 
lowed by compression-rolling was not appreciably different from the 
texture at 84 per cent. The results for 99.9 per cent reduction are plotted 
in Fig. 3, in which the limits of the orientations for which the reflections 


Fic. 1.—INNER FACES OF ALUMINUM BLOCKS BEFORE COMPRESSION, 

Ktched in HCl, HNO;, and HF. Grains studied ranged in area from 1¢ to 16 
mm.*, Centimeter scale shown below. 
are strong, medium, weak, very weak, and none (S, M, W, VW, N) are 
drawn as ares of circles about the poles of the reflecting planes (111), 
(100), (110), and (811), since the exact boundaries were somewhat 
indefinite and could not be determined with precision. 

The X-ray patterns show somewhat more decisively than the optical 
method the absence of material around [111], the near-absence around 
[100], the concentration around [110], and the spread from [110] to [311]. 
It must be emphasized that the evidence for the large spread through the 
central region of the triangle is incontestable, for it is as positive with 
the X-ray method as with the optical method. The evidence consists of a 
long are of medium intensity on the (311) diffraction ring when the 
cobalt radiation is incident at or near the Bragg angle for this plane. 
On some patterns there were indications of a moderately intense cluster- 
ing near the [311] position (on the hypotenuse of the triangle of Fig. 3), 
but as this was not confirmed by all the patterns it has not been differen- 
tiated from the central region of medium intensity. 
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From Figs. 2 and 3, it will be seen that the compression texture is 
only roughly approximated by the statement, appearing uniformly 
throughout the literature, that it is a [110] fiber texture. Judging from 
distribution in Fig. 2, fully half of the crystallites are more than 10° or 
15° from the [110] orientation at 84 per cent reduction, and the X-ray 
work shows that this distribution is practically unchanged by a reduction 
99 per cent greater (a total of 99.9 per cent). Furthermore, this spread 
of orientations is not a uniform scatter in all directions from [110], for it 
avoids orientations within about 20° of [111] and 15° of [100], yet does not 
avoid orientations near [311]. 


Fig. 2. Fia. 3. 
Fic. 2.—ORIENTATIONS ON INNER FACES OF BLOCKS AFTER 84 PER CENT COMPRESSION. 
OptTiIcAL DETERMINATION. 

Orientations of compression axis of randomly chosen areas, about 1 mm. in 
diameter, are indicated by small circles in standard stereographic projection triangle 
bounded by directions [001] ((), (111) (A), and [011] (0). Note absence around 
[100] and [111] and wide, unsymmetrical scatter around [110]. 

Fic. 3.—ORIENTATIONS IN ALUMINUM COMPRESSION-ROLLED 99.9 PER CENT, X-RAY 
DETERMINATION. 

Concentrations of orientations, as deduced from intensity of X-ray lines, are 
labeled strong, medium, weak, very weak, and none (S, M, W, VW, N). Note 
similarity with Fig. 2 in spite of 99.4 per cent greater reduction. 


DEFORMATION OF INDIVIDUAL GRAINS 


For a thorough understanding of the nature of the deformation 
texture and how each grain contributes to it, a study of the orientation 
history of individual grains in the interior of a polycrystalline block is 
required. The following experiment filled this need. The two blocks 
of Fig. 1 were compressed in a number of steps, separated, and etched, 
and the orientations of selected grains on the two surfaces that had been 
in contact with each other were determined by the optical goniometer. 
Photographs were taken to aid in identifying the selected grains, and the 
procedure was then repeated with additional compression. 


Range of Orientation 


It was found that the grains did not rotate as units with undistorted 
lattices, but invariably became distorted with a range of orientations 
that became greater as deformation progressed. Beyond 30 per cent 
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reduction in thickness it was no longer possible to measure accurately 
the mean orientation of a grain in the optical goniometer. A fairly 
good measurement of the orientation range and the mean rotation was 
obtained, however, by dividing each grain into about six areas and deter- 
mining the orientation of each of these areas. The compression axis for 
each area was then plotted on a standard stereographic projection and an 
envelope was drawn around the points thus plotted, leaving a margin 
of two or three degrees between the points and the envelope to allow for 
the spread in orientation within each area. The projections are repro- 
duced in Fig. 4 with the range of orientation of the compression axis 
shown in the triangle near the center of the circles. The percentage of 
reduction in thickness is indicated for each envelope. Further informa- 
tion was obtained by plotting on the same projection the direction of an 
edge of the block relative to the orientation of the lattice in each area. 
This information (from which may be determined the extent of the 
azimuthal spread around the compression axis) appears in Fig. 4 near the 
circumference of the projections. 

The spread in orientation is usually much greater than the average 
rotation of the fragments* of a grain; typical grains spread 7° to 10° at 
10 per cent reduction in thickness, two to three times this at 30 per cent, 
and four to five times this at 60 per cent. The spread appeared to be 
greater in grains on the inner faces than in grains at the surfaces in con- 
tact with the lubricated compression plates, but it is considerable in all 
grains, both large and small. Fig. 4b is for a grain that originally inter- 
sected the surface in two areas of 34 sq. mm. each, separated by a different 
grain 2mm. wide. After 31 per cent reduction these areas had rotated 
into quite separate ranges of orientation, which are connected with 
dashed lines in the projection to indicate that intermediate orientations 
doubtless exist in interior portions of the grain. Figs. 4a and 4f are for 
grains whose exposed areas were originally between 12 and 15 sq. mm.; 
Figs. 4c, 4d, and 4e are for grains of intermediate size. 

At 59 per cent reduction there is only a limited spread in azimuth; 
at 83.9 per cent this had increased somewhat, and the structure had 
become so confused that the original boundaries could no longer be 
determined with certainty. Even in specimens compression-rolled to 
a reduction of 99.9 per cent, however, transmission Laue patterns did not 
show a complete fiber texture with all orientations around the axis. 


Direction of Lattice Rotation 


A reasonably good determination of the average orientation of a 
distorted grain could be made directly in the goniometer for deformations 


* The term fragment is used in this paper to mean any portion of a distorted grain 
within which the orientation is substantially uniform. 
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Fig. 4.— RANGE OF ORIENTATION IN SIX INDIVIDUAL GRAINS OF POLYCRYSTALLINE 
ALUMINUM AFTER VARIOUS STAGES OF COMPRESSION. OPTICAL DETERMINATION. 
Initial compression directions are plotted in triangles of standard stereographic 
projection. Envelopes in triangles contain ranges of orientation of compression 
axis after compression, indicated in per cent by numbers. Envelopes near circum- 
ference of projection indicate ranges of orientation of reference line in compression 


plane. 
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of 11 and 31 per cent. The data for the lattice rotation in 25 grains at 
these deformations are plotted in the stereographic triangle of Fig. 5. 
In the early stages of compression there appears to be a strong tendency 
for the compression axis to rotate away from the [111] orientation, and a 
lesser tendency to leave the [001]; a marked tendency to rotate toward the 
bottom of the triangle, and a smaller tendency to approach the [011] 
orientation. Thus the axis of compression tends to approach the (100) 
plane rapidly and the [011] direction more slowly. 

Figs. 4 and 5 clearly indicate that grains with the same initial orienta- 
tion may rotate in different directions under the influence of the applied 
force and the anisotropic flow of adjacent material. It is evident from 
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Fig. 5.—RoraTron OF GRAINS IN POLYCRYSTALLINE ALUMINUM WITH COMPRESSION. 
Orientations of compression directions initially, after 11 per cent and 31 per cent 
compression, are indicated respectively by origins of arrows, intermediate solid circles, 
and arrowheads. General trends are downward and to the right; i.e., the compression 
axis seeks the (100) plane and the [110] direction. 
Fia. 6.—THEORETICAL ROTATION OF GRAINS IN POLYCRYSTALLINE ALUMINUM WITH 
COMPRESSION ACCORDING TO G, I. TAyYLor. 

Lengths of arrows correspond to compression of aggregate of approximately 3 per 
cent. Double arrows correspond to two equally favored sets of five slip systems; any 
rotation whose direction lies between them could equally well occur. 
these experiments that the compression texture of aluminum is not a 
stable orientation or even a group of stable orientations, but is to be 
regarded as a range within which the orientations of grains and their 
fragments move about continuously as deformation proceeds. Pre- 
sumably there is a tendency to rotate in the manner described in the 
preceding paragraph, but neighboring fragments cause perturbations, 
which tend toward disorder and establish a dynamic equilibrium that 
constitutes the deformation texture. Recent theoretical calculations by 
Taylor for the rotations accompanying the compression of polycrystalline 
aluminum are summarized in Fig. 6 and are discussed at the end of 
this paper. 


Inhomogeneity of Deformation 


The inner faces of the compression blocks became roughened by 
deformation, as shown in the photographs of the pair of blocks after 
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22 per cent compression, Fig. 7. The photograph at the left shows the 
faces that were in contact with each other, after they had been painted to 
obliterate etching effects. The ferezalarity of the surface of contact may 
also be seen from the end view of the pair of blocks, at the right. The 
heterogeneous flow of which this is proof is important to an under- 
standing of the nature of lattice rotations in aggregates, for it means that 
each grain and each fragment of a grain deforms in a manner influenced by 
the everchanging flow of its neighbors, rather than in a simple manner 
that could be calculated from the behavior of single crystals under the 
assumption of homogeneous deformation, 


Deformation Bands 


Many grains develop well-defined bands that extend across the grain 
in parallel sets. Their appearance in large-grained aluminum may be 


Fie. 7.—POoLycRYSTALLINE BLOCKS AFTER 22 PER CENT COMPRESSION. 
(a) Inner surfaces showing rumpling. Blocks separated by rotation about com- 
mon edge. (b) Side view showing fit at interface, 


seen from Fig, 8 and in a grain cut out of this specimen in Fig. 9. 
When first seen they are straight, but they become curved after further 
compression. The orientation difference across the boundaries of a 
band is only a few degrees when the band is first visible, but increases 
with deformation; thus the bands do not have the relations characteristic 
of twinning. The material on each side of a band boundary appears 
always to have a cube plane in common, whereas a twin would have cer- 
tain other planes in common but not cube planes. A third proof that 
they are not deformation twins is given by the plane on which they form. 
In no case were they found with boundaries along (111) planes; in the 
cases completely analyzed the bands followed (100) planes, but it is 
possible that they also form on some other plane in the [001] zone, such 
as (110). The bands are thus of a type similar to the deformation 
bands in iron??:!4 and may properly be called deformation bands, but 
should not be called twins. 
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Deformation bands contribute to the spread in orientation discussed 
in an earlier section, but they are not the sole cause of this spread, since 
there often exists a continuously varying orientation from one point to 
another in a grain within the bands, or in the absence of bands. In fact, 


Fa. 8.—LARGE-GRAINED ALUMINUM COMPRESSED 44 PERCENT. Xl. | 
Deformation bands, still fairly straight, are visible in several of the grains. 


I'1a. 9.— DEFORMATION BANDS IN SPECIMEN CUT FROM LARGEST GRAIN OF Fic. 8. 5. 
Compression surface at bottom of picture. Shows two sets of bands. 
it is Sometimes impossible to decide whether a given grain contains dis- 
torted deformation bands or only irregular distortion of a continuous 
nature, as will be seen from Fig. 8, and one wonders if the mechanism of 
banding is here working under conditions of strain so inhomogeneous 
that the crystallographic features are submerged. Another peculiarity 
of the bands is that they appear to have different widths when seen with 
different conditions of illumination, which may be explained by assuming 
a more or less continuous range of orientations across narrow regions at 
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the boundaries. Grains in which the original compression axis lies in or 
near a {110} plane seldom contain bands after deformation while other 
orientations often do. This will be seen from the plot of Fig. 10a, in 
which grains of different initial orientations in the blocks of Fig. 1 and 
Fig. 8 are characterized as either free from bands (open circles), banded 
(filled circles), or uncertain (partly filled circles). 


Deformation of Single Crystals 


Single crystals deform in a manner very similar to polycrystalline 
grains and not in the homogeneous way previous investigators have 
assumed. Bands and general distortion are common, and when plotted 


Fic. 10.—DEPENDENCE OF BANDING ON INITIAL ORIENTATION. 

(a) Individual grains in compressed aggregate. Filled circles indicate initial 
orientations of grains that subsequently formed deformation bands; open circles 
indicate those that did not; partly filled circles, those that deformed irregularly but 
are uncertain as to bands. (6) Same as a for single crystals. Cross indicates initial 
epeenos of single crystal compressed with special care and used for Figs. 11, 12 
and 13. 


as in Fig. 10b the dependence of banding on orientation is found to be 
similar to that in polycrystals (Fig. 10a). The single crystals were cut in 
rectangular form, reduced in thickness 50 to 85 per cent by compression 
between lubricated plates in two to four steps, then compression-rolled 
to 93 to 97 per cent in eight to ten passes, the final thickness being 0.008 
to 0.015 in. Crystal No. 10 was found to have a texture quite like the 
polycrystalline texture of Fig. 3, as shown by a series of reflection photo- 
graphs with cobalt radiation; transmission Laue patterns showed, how- 
ever, that instead of a complete fibering around the axis at any given 
point in the crystal, there is a scatter about only one or two orientations. 
Only crystals 13, 16 and 18, which had a {110} plane in the compression 
axis, gave X-ray transmission patterns without a wide scatter, thus con- 
firming the data of Fig. 10b based on the appearance of the etched crystals. 

To eliminate the possibility that the noncircular initial shape of the 
crystals or the technique of compression was responsible for the hetero- 
geneous behavior, a crystal whose initial orientation is indicated in 
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Fig. 10b by a cross was prepared with great care in the form of a circular 
cylinder 0.338 in. in diameter and 0.076 in. thick, with surfaces ground on 
successively finer emery paper down to 000, with several intermediate 
etchings. It was compressed between polished steel plates in 25 approxi- 
mately equal steps, with petroleum jelly applied at each step, to a reduc- 
tion of 28 per cent. Straight bands of low contrast extending through 
the disk were clearly visible when the specimen was etched; a photograph 
is reproduced in Fig. 11. Analysis showed that the bands were parallel 
to (010) planes, and the orientation difference across a band boundary 
was 3° (Fig. 12), thus proving that they were deformation bands rather 
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Fie. 11. Fig. 12. 

Fic. 11.—DEFORMATION BANDS IN SINGLE CRYSTAL. X 4.5. 

Compressed 28 per cent with 25 lubrication steps. Bands lie about 10° from the 
longer of the two scribed lines and are on (100) planes. 

Fic, 12.—ORIENTATION RELATIONSHIPS IN COMPRESSED CRYSTAL OF Fia. 11. 

Open circle indicates initial orientation, filled circles connected by full line indicate 
orientations of bands after 28 per cent compression; filled circles connected by dotted 
line indicate orientations of bands after 50 per cent compression. Orientations in 
bands are not in relationship for mechanical twins. 


than mechanical twins, The disk was repolished and compressed 22 per 
cent further in 15 steps—a total of 50 per cent. The bands were very 
slightly curved, and there was a definite orientation variation within 
each band. The mean orientation difference between adjacent bands 
had increased to 8° (see Fig. 12), giving a more contrasty appearance 
than before. For both compressions the two orientations have the [010] 
axis in common; that is, the pole of the plane of the bands. It might be 
noted that the rotations are not those that would have occurred if the slip 
in each band were on one of the two slip planes of highest resolved shear 
stress (as has been proposed by Elam!®:'6 for a banded structure in alumi- 
num crystals elongated in tension), for this would cause rotations along 
great circles through the initial orientation and the two closest [111] poles. 
A Laue photograph of the crystal after 28 per cent compression shows 
intense asterism (Fig. 13) indicating a continuous range of orientations of 
about 3° with the majority of the fragments near the ends of the range, 
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Taylor and Farren’ observed regions of “extraordinary distortion”’ in 
some of their compressed aluminum crystals but attributed them to dis- 
turbances at the edges of the disks and disregarded them; in a later paper 
Taylor* found X-ray evidence of a range of orientation amounting to 
9° in one of these crystals, but again he disregarded the possibility that 
deformation bands caused it and attributed his results to the rotation of 
tiny fragments of elastic material at the ends of cracks or areas of slipping. 
The direction of the rotation was ‘the 
same as that which might be expected 
if the detached portions of the crystal 
acted as rollers between slip planes, 
but it is very much less than would 
be necessary if they actually played the 
part of rollers.”4 Yamaguchi!’ found 
asterism in the extension of aluminum 
crystals, which he interpreted similarly, 
and Burgers and Louwerse® did the 
same in compressed aluminum, finding 
asterism corresponding to orientation 
ranges of 10° to 20°. As these con- 
clusions have been made the bases Fic. 13.—Transmission LAUE 
of theories on hardening and _ re- Ae ae OF COME SES SED CRRA 
crystallization, it is worth while to Tungsten radiation. Asterism is 
point out that they have already strbutel to macroseopi bands and 
been questioned by one of the authors!” 
and are now shown to be unwarranted by the evidence presented in Figs. 
11, 12 and 13 for distortion on a macroscopic scale. 


DIscUSSION OF RESULTS 


It is scarcely to be expected that theories designed to explain a simple 
[110] compression texture could also explain the range of orientations 
observed in this research; furthermore, many of them have been based on 
invalid assumptions regarding the number of slip planes that must oper- 
ate, as Taylor has pointed out.’ In the most recent theory,’ Taylor 
calculates that in grains of polycrystalline aluminum during deformation 
five slip systems must operate in order to produce the required change in 
shape of the grains: these are the ones for which the total work of deforma- 
tion is least. The resulting rotations of the compression axis with 
respect to the lattice are in the directions indicated by the arrows in 
Fig. 6, the amount of rotation for a3 per cent compression being indicated 
(approximately) by the lengths of the arrows in the figure. In many 
orientations the rotations are indeterminate and may lie anywhere 
within a considerable range because two sets of five slip systems can 
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produce the deformation with an equal expenditure of energy.* When 
Fig. 6 is compared with the observed mean rotations in Fig. 5, it is found 
that about half the grains rotate as predicted by the theory, about one- 
third definitely do not, and the rest are doubtful. 

It appears possible to explain the discrepancies between Figs. 5 and 6 
and to understand the nature of the deformation texture as follows: The 
calculations on which Fig. 6 is based were made on the assumption that 
each grain suffers the same strain as the aggregate, which is not actually 
true. There are nonuniform constraints on all sides of each grain 
affecting its strain. If it were possible to choose an effective compression 
axis that would deviate from the axis of externally applied force but would 
describe the strain within individual grains or fragments, one could hope 
to make suitable modifications of Fig. 6 to cover the actual case; unfor- 
tunately this does not appear to be possible. The strain in individual 
grain fragments must, in general, require three unequal principal strains 
for its specification, which means that the sets of slip systems would be 
different from those chosen in Fig. 6 where two principal strains are 
assumed equal. 

Owing to the irregular inhomogeneous strain within the aggregate, no 
theory can succeed in predicting rotations of individual grains without 
taking into account an almost infinite number of variables. Attention 
must be directed instead toward a statistical theory that will explain 
the general trends and the dynamic equilibrium of the deformation 
texture. Now if we consider the general trends in Fig. 6, rotation away 
from [111] should be definite and away from [100] should be somewhat 
less so. For all other orientations—those forming a wide band through 
the center of the triangle—the path that would be followed by a fragment 
is indeterminate, and it is just these orientations that exist in the com- 
pression texture. We may visualize a crystalline fragment entering this 
area of the triangle and wandering around, subjected to rather slight 
forces tending to rotate it predominantly downward and to the right 
toward [110] and other forces operating in continually changing directions 
tending to produce a random distribution of orientations. A great num- 
ber of fragments simultaneously subjected to similar conditions would 
create a distribution of orientations that is not unlike the distribution of 
particles in a gravitational field, as in Perrin’s experiment. It is con- 


* One of the most difficult tasks of a theory of the deformation textures of cubic 
metals is to explain the different textures of different metals of the same space lattice. 
Taylor’s theory for aluminum, for example, properly predicts the tension texture of 
the face-centered cubic metals copper, silver and gold, but not aluminum itself, which 
alone has only a [111] fiber texture without any [100] added. Compression textures 
of the face-centered metals also differ. Taylor’s theory becomes unwieldy when 
applied to iron, where 48 slip systems operate, for there are 1,712,304 ways of choosing 
5 slip systems from the 48. 
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ceivable that one might even attack the problem advantageously from a 
standpoint analogous to a Boltzman distribution among different 
energy states. 

The similarity between the orientation ranges of compressed single 
crystals and polycrystalline grains is readily accounted for by the occur- 
rence of bands or other more irregular fragmentation, which would 
produce constraints within the single crystals somewhat similar to the 
constraints encountered by a grain of an aggregate. 


SUMMARY 


1. The compression texture of polycrystalline aluminum is only 
roughly approximated by the usual statement that [110] is parallel to 
the axis of compression; half of the material is more than 10° from this 
orientation, regardless of the amount of compression. All orientations 
are found except those having [111] within 20° of the axis, although the 
amount having [100] within 15° of the axis of compression is very small. 
This was determined by both X-ray and optical goniometer measure- 
ments in the interior of specimens. 

2. Individual grains of an aluminum compression specimen do not 
rotate as units but become distorted with a range of orientation increasing 
with the deformation. Typical grains spread up to 7° to 10° at 10 per 
cent reduction in thickness, two or three times this at 30 per cent, and 
four or five times this at 60 per cent. Grains of identical orientation 
rotate and spread in different directions, owing to the effect of surround- 
ing grains. 

3. The faces of compression specimens that were in contact with each 
other were roughened by deformation, as a result of inhomogeneous flow. 
Every grain flows in a manner dictated by its interaction with neighboring 
material, in which there is an ever changing state of flow. 

4. The deformation texture is not a set of stable orientations retained 
by crystalline fragments when once reached by them, but it is a large 
range of orientations within which the fragments are constantly moving 
during deformation. <A statistical equilibrium is established between 
the rotation of the axis of compression away from [111] and [001] direc- 
tions toward the (100) planes and the [011] direction, balanced against the 
random rotations caused by the flow in the neighboring material. 

5. G. I. Taylor’s theory predicts the direction of rotation correctly 
for one-half or two-thirds of the grains, incorrectly for the others. The 
deficiency can be ascribed to the inhomogeneity in flow which was not 
considered in the theory. When this is considered, the observed texture 
and the predominant trends of lattice rotations for aluminum can be 
understood, although only statistically; no theory is capable of treating 
individual grains accurately. 
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6. Many grains develop bands. The orientation difference across the 
boundaries of a band when first observed is only a few degrees about a 
common [100] axis but increases with deformation. The bands, there- 
fore, are similar in type to the deformation bands of iron and are not 
twins. The boundaries frequently follow cube planes but become curved 
at higher deformations. Single crystals and grains in which the direction 
of compression lies in or near the (110) plane seldom form bands; grains 
of other orientations often do. 

7. Deformation bands occur in single crystals even when extreme care 
is used to deform them homogeneously and they give rise to asterism in 
Laue photographs like that previously ascribed by Taylor, Yamaguchi, 
and Burgers to distortions localized at slip planes. 
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DISCUSSION 
(W. L. Fink presiding) 


C. H. Samans,* State College, Pa.—Is “fragmentation” affected by the type of 
single crystal used; i.e., whether made by the process of strain annealing or slow 
cooling from the melt? 

It seems unfortunate that the names ‘deformation bands” and “deformation 
lines” have been used in the literature sometimes indiscriminately in discussing two 
quite dissimilar phenomena, Some of my work on cold-rolled single crystals of alpha 
brass, published about five years ago, seems to have been repeatedly misinterpreted 
because of this confusion. In one photomicrograph in particular both well marked, 
broad deformation bands and very fine, dark-etching deformation lines were present. 
I gave apparently good X-ray proof of the identity of the deformation lines as mechan- 
ical twins. The broad bands, which were not discussed, are apparently identical 
with the bands found by the authors in aluminum, and are entirely separate and dis- 
tinct from the narrow lines of deformation and should not be confused with them. 
The reasons advanced for calling the lines mechanical twins were based entirely upon 
the impossibility of explaining in any other manner the spots found on our X-ray films. 

What is the authors’ explanation of the mechanism of formation of their defor- 
mation bands? There would appear to be three possible methods of accounting for 
them. They may be caused by inequalities of deformation in different parts of the 
specimens, perhaps by inhomogeneity of some kind; they could result from a compe- 
tition of slip systems or from different slip systems, of two combinations equally 
stressed, for example, acting in different bands of the crystals; or they might con- 
ceivably be formed by a more or less regular process of shear along cube planes instead 
of octahedral planes. The fact that they are not found in crystals whose surface is 
near a dodecahedral pole seems to indicate that shear stress alone is not the controlling 
factor, because it would be under these conditions of orientation that the shear stress 
on cube planes would seem to tend toward a maximum because of their 45° inclination 
to the compression axis. On the other hand, their apparent initial parallelism to cube 
planes also seems puzzling. In work with brass, we found bands parallel to cube 
planes, but only when a cube plane was initially parallel to the rolling surface. All 
our specimens were not examined microscopically, however, and it is possible that 
additional work will reveal a more frequent occurrence of this type of band. Where 
they did occur the bands seemed to be formed by the second method mentioned above. 
A reasonably good correlation with the type of deformation that would be expected to 
result from the action of different possible slip systems was nearly always found. 


GC. S. Barrerr (authors’ reply).—If I have added to the confusion about defor- 
mation bands and lines, I apologize, It may have been because of the absence of 
photomicrographs in the reprint of Samans’ paper that I studied. Dr, Samans’ 
concise and clear statement of the types of strain markings in brass iswelcome. There 
may be some questions, however, as to whether the microstructure is always as simple 
ag he thinks. Dr. Brick discusses it at length in a recent paper, with less positive 
statements about the identity of the various markings. Until proved otherwise in 
any given case we must consider that the microstructure of a deformed metal might 
show deformation twins, macroscopic deformation bands, microscopic deformation 
bands, irregular variations of orientation, or clusters of slip lines. 

We believe that the bands form as a result of the operation of different sets of 
slip systems in different band-shaped regions, and occur when the work of deformation 
is less for inhomogeneous deformation of the banded type than for homogeneous 
deformation. We have no more quantitative theory that would serve to predict 
the crystallographic features of the bands. 


* Assistant Professor of Metallurgy, Pennsylvania State College. 


Recrystallization Texture of Aluminum after Compression 


By Cuarues S. Barrert,* MemsBer A.I.M.E. 
(New York Meeting, February 1940) 


RECRYSTALLIZATION textures—the orientations of grains after recrys- 
tallization—have been studied extensively not only because of their 
metallurgical importance but also because of the information they yield 
regarding the atomic movements during recrystallization. Recrystallized 
grains must possess the same orientations as the submicroscopic nuclei 
from which they have grown, and thus they offer a direct road by which 
experimenters can penetrate the submicroscopic realm. 

Many perplexing results have come of these studies, but one of the 
most striking has been the apparent difference in behavior between single 
crystals and polycrystalline grains. For example, Burgers and Louwerse 
have shown! that when single crystals of aluminum are deformed by 
compression and are recrystallized (at 600° C.) the new grains appear with 
orientations that are different from the orientations of the deformed 
crystal in which they grew; but polycrystalline specimens, on the other 
hand, appear to have a [110] fiber texture both before and after recrystal- 
lization and thus to retain their texture during recrystallization. This 
apparent difference between the habits of single crystals and small grains 
is the subject of the first part of the present research and has been 
explained by findings reported herein. A similar situation appears to 
exist for aluminum when elongated or drawn into wires, for single crystals 
alter their orientation?:* and polycrystalline wires retain their texture*:*:6 
upon recrystallization after elongation (at least with high-purity alumi- 
num), and it is possible that the explanation found in this paper for 
compression can be extended to cover elongation and other types of 
deformation as well. 

The second part of this paper deals with the theory of recrystallization 
textures. In the most successful theory for aluminum recrystallized after 
compression,' much weight is given to the orientation of highly stressed 
nuclei in the deformed material. Taylor’s ‘local distortions” are 
assumed to exist along the slip planes where displacement has occurred, 
consisting of fragments rotated in a specific way with reference to the slip 
plane and slip direction; namely, about an axis lying in the slip plane 
perpendicular to the slip direction.1:789 


Manuscript received at the office of the Institute Nov. 1, 1939. Issued as T.P. 
1141 in Merats Tecunovoey, January 1940. 
* Member of Staff, Metals Research Laboratory, and Lecturer, Department of 
Metallurgy, Carnegie Institute of Technology, Pittsburgh, Pa. 
1 References are at the end of the paper. 
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With our increasing knowledge of the structure of deformed crystals, 
it has become obvious that this “local distortion” picture of Taylor’s 
has not received adequate experimental proof.!-!3 In view of its funda- 
mental importance to recrystallization theory a detailed test of it is 
reported herein. The test seems to disprove definitely the specific type 
of rotation postulated by Taylor and his followers, and consequently to 
require revision of the theory of Burgers and Louwerse! for recrystalliza- 
tion textures. 


TEXTURES OF POLYCRYSTALLINE AGGREGATES 


The texture of aluminum after compression is only roughly approxi- 
mated by the usual statement that it is a fiber texture with [110] parallel 
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Fic. 1.—ORiIENTATIONS IN ALUMINUM COMPRESSION-ROLLED 98 PER CENT. 

Orientations of compression axis in this and all following triangular plots are 
indicated by positions within a standard stereographic projection triangle bounded by 
directions [100], [111], and [110], indicated, respectively, by squares, triangles and 
ovals. Concentrations of orientations, deduced from intensities of X-ray lines, are 
labeled strong, medium, weak, very weak, or none (S, M, W, VW, N). 

Fig. 2.—ORIENTATIONS AFTER RECRYSTALLIZATION AT 400° C. IN SPECIMEN OF 


Fie. 1. 
X-ray determination, as in Fig. 1. Only minor differences exist between defor- 


mation and recrystallization textures. 

to the axis of compression. Half of the material is more than 10° from 
this orientation, and all orientations are found except those having [111] 
within about 20° of the axis, although the amount having [100] within 15° 
of the axis is very small.” 

The distribution can be represented by a pole figure, with the direc- 
tions of the axes in the various fragments of the deformed material plotted 
as points in a unit triangle of a standard stereographic projection. Fig. 1 
is a pole figure for fine-grained high-purity aluminum (99.97 per cent Al) 
compressed to a reduction in thickness of 98 per cent by compression 
followed by compression-rolling. The figure agrees satisfactorily with 
those previously published!” for reductions of 84 and 99.9 per cent, and 
confirms the statements of the preceding paragraph. 
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After this specimen was recrystallized by annealing 14 hr. at 400° C. 
the texture was as shown in Fig. 2. 
A The method of analysis used for Figs. 
1 and 2 consisted of setting the speci- 
men at angles suitable for reflecting 
X-rays (CoKa and K8) from (100), 
(110), and (113) planes lying in or near 
the surface. After the films were read, 
ares were drawn around the corre- 
sponding poles of the stereographic 
triangle to show the range of orienta- 
a tions present. 
( Figs. 1 and 2 show that the defor- 
Fic. 3.—ORIENTATIONS AFTER . seers 

RECRYSTALLIZATION at 400° CG. iy Mation and recrystallization textures 
SPECIMEN oF Fig. 1. Opricau are approximately the same. There 

DETERMINATION, . . . 
More than half the grains are 10° ®Ppears to be a slight reduction in 
or more from [110], as in deformation intensity near [100], [110], and [113], 

texture. P 
but the general features remain 


unchanged. The same specimen was studied with the aid of an optical 


Fia, 4.—ALUMINUM DISKS CONTAINING TWO TO FOUR GRAINS COMPRESSED 75 PER CENT. 
Actual size. Etching to develop cubic etch pits reveals deformation bands and 

wavy irregularities. 

goniometer, using the reflection of light from cubic etch pits,’? with 

the results shown in the pole figure of Fig. 3. Again the same general 
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features are found: half the material is 10° or more from the [110] position, 
as it was in an optical study of aluminum compressed 84 per cent (ref. 138, 
Fig. 2), but areas near [100], [111] and the hypotenuse of the iaantle 
are vacant. 

The textures for large grains of aluminum (99.96 per cent pure) were 
also studied and were similar to the fine-grained textures. Disks about 
0.15 in. thick and 0.75 in. in diameter containing 2 to 4 grains each were 
compressed between polished and greased plates to a reduction of 75 per 
cent, using 6 to 8 intermediate greasings to lessen the friction at the 
plates. Fig. 4 shows their appearance when etched with a mixture of 
9, 3, 2, and 5 parts, respectively, of HCl, HNOs, HF, and HO to develop 


See o—of Fe) 
ETG: 5, Pie. 6, 
Fic. 5.—ORIENTATIONS IN DISKS OF Fic. 4 AFTER 75 PER CENT COMPRESSION. 


Optical determination at 27 areas on 5 grains. 
Fic. 6.—ORIENTATIONS AFTER RECRYSTALLIZATION AT 400° To 440° C. IN DISKS OF 


Fig. 4. : 
Optical determination in the same areas used for Fig. 5, Similar to deformation 


texture, with wider scatter. 


cubic etch pits. Deformation bands’ are prominent, as well as wavy 
irregularities of larger dimensions. An optical goniometer determination 
of the orientation of 27 small areas in five of these grains gave the deforma- 
tion texture of Fig. 5. These same areas gave the recrystallization 
texture of Fig. 6 after annealing a few minutes at 400° to 440° C., indicat- 
ing somewhat increased scatter but similar trends. 

It is clear that the recrystallization texture of a polycrystalline aggre- 
gate is similar in type and differs only in details from the deformation 
texture, and in some cases the difference is scarcely more than experi- 
mental error. This is a statistical result, however, and is not true for 
individual areas of grains, as is shown in the following section. 


TEXTURES OF INDIVIDUAL CRYSTALS 


The simplest experiments prove that the orientation of a small region 
in a deformed grain is not retained upon recrystallization. One proof 
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is furnished by Fig. 7, which shows a portion of one of the large grains of 
Fig. 4 after partial recrystallization. When light is directed at the 
specimen so as to reflect brightly from the cubic etch pits of the strained 
material, as in Fig. 7a, all the recrystallized grains appear dark and show 


strikingly that their orientations are different. When the light is shifted: 


to a new position, as in Fig. 7b, their varying degrees of darkness prove 
that they not only differ from the matrix but differ from each other— 


Fig. 7.—Partiy RECRYSTALLIZED GRAIN SHOWING NEW ORIENTATIONS, xX 6. 

Specimen D, Fig. 4, after 400° C. anneal and cubic-pit etching; (a) light directed 
to show matrix white, recrystallized grains dark; (6) light directed to show that 
recrystallized grains occur in groups of different orientations. 
although there are some groups of closely similar orientation. The 
region shown in these photographs was chosen for illustration because 
of the approximately uniform orientation of the matrix (it was the upper 
central portion of the right-hand specimen of Fig. 4), 

A similar shifting occurs in banded areas, although it is more difficult 
to recognize there, owing to the considerable range of orientations within 
each band, and the small widths of the bands. In Fig. 8, two views are 
reproduced of a banded grain that has been cut intwo. The light source 
was shifted about 10° between the two exposures. One half was recrystal- 
lized, re-etched, and replaced in its former position. Light streaks in 


mee 


neiaiaieel 


CHARLES S. BARRETT _ 133 


the strained half correspond with dark streaks in the recrystallized half 
more often than not, again indicating new orientations in the recrys- 
tallized material, yet orientations that are somehow related to the 
deformation bands of the strained material, since they also form bands. 

Additional proof was obtained by X-ray diffraction. Small-grained 
compression specimens were mounted in a special holder and transmission 
Laue photograms prepared. After recrystallization at-400° to 460° C 


su 


Fig. 8.—DEFORMATION BANDS BEFORE AND AFTER RECRYSTALLIZATION. X 6. 

Specimen B, Fig. 4, with half to the left of the cut recrystallized at 440° C. and 
re-etched. New grains take new orientations that are related to the deformation 
bands. Light source shifted about 10° between top and bottom pictures. 
Laue patterns of exactly the same spots were prepared, with the specimens 
held in positions identical with the former. While the recrystallized 
grains often yielded groups of spots, these groups were usually unrelated 
to the position of the asterism streaks from the deformed material, show- 
ing that the recrystallized grains had new orientations. The lack of 
agreement between the streaks and the spot-clusters in such experiments 
is easily seen when the X-ray films are superimposed, as in Fig. 9. This 
type of experiment often gave an inconclusive result because of the many 
broad streaks from the deformation texture, but enough decisive cases 
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like Fig. 9 were obtained to establish the principle for both fine-grained 
and coarse-grained aluminum of high purity and for a wide range 
of reductions. 

A detailed investigation of the orientation relationships was carried 
out with the optical goniometer, using marked areas on the etched sur- 
faces of deformed and recrystallized grains. A number of the deforma- 
tion bands in Fig. 8 were analyzed by determining the predominant 
orientation in a single band and the orientation of the one or two principal 
groups of recrystallized grains that appeared to have grown within it. 


Fig. 9. Fig. 10. 
Fic. 9.—LAUE PHOTOGRAMS BEFORE AND AFTER RECRYSTALLIZATION, SUPERIMPOSED. 


Lack of coincidence between streaks and spot clusters furnishes X-ray proof of 
new orientations in fine-grained material. 


Fie. 10.—ORIENTATIONS OF INDIVIDUAL AREAS BEFORE AND AFTER 
RECRYSTALLIZATION. 


Optical determinations in individual bands of Fig. 8. Initial orientation indicated 


by a cross, deformed by open circles and recrystallized by black circles. Every 
area altered its orientation. 


Both measurements were made as close together as possible to minimize 
orientation variations along the band. The results are plotted in Fig. 10. 
The initial orientation is shown by the cross, the orientations after 
deformation by the open circles, and the orientations after recrystalliza- 
tion by the black dots. All orientations are consistent with the poly- 
crystalline textures discussed in the preceding section, yet in every case 
the orientation has shifted, as indicated by the lines connecting cor- 
responding deformed and recrystallized orientations. 

A large number of similar determinations were made on large-grained 
material and on single crystals, with similar results. Out of more than 
100 recrystallized grains measured in the specimens of Fig. 4, less than 2 
per cent appeared to have even approximately the orientation of the 
matrix in which they grew. This behavior seems to be characteristic 
of all degrees of deformation, for other experiments with compressions 
of 4, 21, 66, 82, and 95 per cent gave analogous results. 
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Stereographic projections in which all three poles are plotted directly 
as measured in the optical goniometer show the orientations in full detail 
(though the textures are not seen as readily as in the triangular plots used 
in the preceding section, where the pole of the compression plane is plotted 
in proper relation to the standard orientation). The banded grain in the 
specimen at the bottom of Fig. 4 is plotted in detail in Fig. 11, and the 
unbanded one in Fig. 12. These circular plots and all other circular plots 
in the paper are made with the axis of compression at the center of the 
circle and the plane of compression in the plane of projection. The spread 


Fig. 11. Fig. 12. 

Fic. 11.—ORIENTATIONS IN A GRAIN BEFORE AND AFTER RECRYSTALLIZATION, 

This and following circular plots show all three cube poles of individual regions 
or grains with compression plane as plane of stereographic projection. Specimen C, 
Fig. 4, banded grain; initial orientation, cross; deformed, open circles; recrystallized 
at 440° C., black circles. 

Fic. 12.—ORIENTATIONS IN A GRAIN BEFORE AND AFTER RECRYSTALLIZATION. 

Unbanded grain of specimen C, notation asin Fig. 11. Orientations of individual 
areas were altered by recrystallization; wide ranges of both deformed and recrystallized 
orientations. 


in orientation of the deformed material (open circles) hides any tendency 
of the recrystallized grains (dots) to fall into clusters. 

In several grains and single crystals, however, there was a smaller 
range of orientation in the deformed material, and groups of recrystallized 
grain orientations were clearly seen (such as the group appearing white in 
Fig. 7b.). Fig. 13 is an example of this. The deformed material had a 
mean orientation indicated by the black squares, and the recrystallized 
grains fell into four groups. The three cube poles of each group are 
numbered 1 to 4 in the figure. This grouping is very similar to the 
grouping that was found in an X-ray pole figure of a single crystal by 
Burgers and Louwerse.!_ The grain plotted in Fig. 13 was one having the 
axis of compression initially 5° from [110] and thus developed no deforma- 
tion bands.!2. It was in a coarse-grained specimen compressed 66 per 
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cent. The initial orientation differed considerably from that of Burgers 
and Louwerse but the amount of reduction was similar. 
Another single crystal, which had its axis 2° from [110] and 43° from 


Fic. 13.—RECRYSTALLIZED GRAINS 
OCCURRING IN GROUPS. 

One grain of a coarse-grained specimen, 
compressed 66 per cent and recrystallized 
at 375° C. Mean orientation of cube poles 
before recrystallization shown by squares; 
after recrystallization by dots in four 
groups. 


[100] and deformed into a [110] 
texture with 94 per cent compres- 
sion-rolling, was found to recrys- 
tallize into a less pronounced 
texture when held 5 min. at 580° 
C. Insufficient data were ob- 
tained to determine the tendencies 
toward grouping, but it was 
evident that both deformation and 
recrystallization textures were 
consistent with the polycrystal- 
line texture. 

A single crystal that had been 
reduced 97 per cent by compres- 
sion-rolling and recrystallized at 
450° C. showed the most pro- 
nounced groups of recrystallized 
grains that were observed in any 
of the experiments. The initial 
orientation of this crystal was not 


determined. Fig. 14 is the X-ray pole figure of the deformed crystal, 
showing a concentration at [110] and a wide scatter toward [100], and 
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Fira. 15. 


Fic. 14.—ORIENTATIONS IN A SINGLE CRYSTAL AFTER 97 PER CENT COMPRESSION- 


ROLLING, 


There is a strong concentration at [110] but a wide range of low intensity. 
Fia. 15.—OrtmNTATIONS IN CRYSTAL OF FIG, 14 AFTER RECRYSTALLIZATION AT 450° CG. 


An unusually small range of orientations. 


Fig. 15 is the optical pole figure after recrystallization. More complete 
optical data for this crystal is shown in Fig. 16, where the groups of cube 
poles are indicated by sets of circles numbered 1 to 9. 


re 
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An attempt was made to obtain an ideal recrystallization texture by 
choosing a crystal with an orientation such that deformation bands would 
not form and compressing it with great care to reduce friction and to 


Fig. 16. Fia. 17, 
Fic. 16.—Dara or Fic. 15 PLOTTED TO SHOW GROUPING OF CUBE POLES. 
Fic. 17.—SINGLE-cRYSTAL DISK COMPRESSED 69 PER CENT WITH SPECIAL CARE. 
Initial orientation (indicated by cross) chosen to prevent deformation bands; 
deformed orientation in small range (shaded); recrystallization orientations widely 
scattered (black circles), and, as in other examples, not the result of twinning of 
strained matrix. 


provide homogeneous strain. The initial orientation is shown by the 
cross in Fig. 17 and the texture after 69 per cent compression is shown by 
the shaded area, which is derived 
as a mean of the X-ray pole figure 
data of Fig. 18. This crystal, 
initially 0.5 in. in diameter and 
0.048 in. thick, was carefully pol- 
ished and compressed 69 per cent 
between polished steel plates, 
which were lubricated 30 times at 
equal increments of load, and was 
ground into a right circular cylin- 
der five times during the com- 
pression. The technique used 
appeared to be adequate, for the 
deformed crystal, after etching, 
had the appearance of a single Fre. 18.—Poue ricurw (X-Ray) or 
DEFORMED CRYSTAL OF Fa. 17. 
crystal and gave Laue patterns of 
the type shown in Fig. 19, exhibiting unusually sharp spots and streaks 
corresponding to a very small range of orientation (see Figs. 17 and 18). 
The recrystallization texture developed in this crystal by a 2-min. 
anneal in a lead bath at 455° C. is shown by the dots in the triangular plot 
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of Fig. 17, and in detail in the full plot of cube poles in Fig. 20, where the 
three poles of each of 50 measured grains are indicated by dots numbered 


Fic. 19.—LAvE PHOTOGRAM OF CRYSTAL OF Fie. 17. 
Beam normal to specimen; photogram turned to correspond to Figs. 18, 20, 21, 22 
and 23. Narrow streaks near center are not in agreement with Taylor theory of 


“local distortion.” 


from 1 to 50 and the mean orientation of the deformed crystal by 


black squares. 


The plots show that the recrystallized grains all have orientations not 


Fic. 20.—OrigNTATION or 50 RECRYSTAL- 
i} ULE GRAINS IN CRYSTAL OF Fig, 17, 

~ Mean*orientation of deformed crystal 
indicated by squares, of grains formed by 
recrystallization at_455° C. by dots num- 
bered from 1 to 50, 


present in the deformation texture 
of the crystal and that they are 
scattered widely. Half of the 
grains lie 20° or more from [110]. 
In spite of the wide scatter, how- 
ever, the texture is not random 
but tends to show groupings some- 


what similar to Fig. 18, avoiding — 


[110], [100] and [111] positions. 
The appearance of the speci- 
men after recrystallization (Fig. 
21) suggests a Widmanstitten 
pattern owing to the directions 
taken by a number of elongated 
grains. The orientation of Fig. 
21 corresponds to that of Figs. 
18, 19 and 20; the grains therefore 
appear frequently to have their 


longest and straightest boundaries parallel to (111) planes of the deformed 
matrix in which they grew. A twin relation between neighboring grains 
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is sometimes found. Grains 38 and 42, for example, have the matrix 
(111) plane as a boundary and also as a (111) plane in each. In this 
connection it might be noted that the two grains of specimen D in Fig. 4 
were annealing twins—in this case presumably resulting from the slight 
tensile strain. 

No systematic study was made of the effects of varying the percentage 
reduction, the annealing temperature, or the schedule of intermediate 


Fic. 21.—APPEARANCE OF CRYSTAL OF Fic, 17 AFTER RECRYSTALLIZATION. X 7. 
A Widmanstatten appearance is caused by grain boundaries along (111) planes of 
deformed crystal, some of which separate annealing twins, 


anneals on these textures. It was noted, however, that recrystallized 
grains were often found with orientations outside the recrystallization 
texture when the compression was slight (4 and 21 per cent), whereas this 
occurred less often with reductions of more than 60 percent. But Fig. 17 
proves that sharp deformation textures do not necessarily cause sharp 
recrystallization textures. 


A Test or THE ‘‘Locat Distortion” THEORY 


The pole figure of the carefully compressed crystal, Fig. 18, was pre- 
pared as a critical test of the theory of “local distortion” advanced by 
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Taylor, and upheld by Yamaguchi? and by Burgers and Louwerse,' and 
expanded by Burgers and Louwerse into a theory of recrystalliza- 
tion textures. 

The crystal was chosen, as already stated, so as to preclude deforma- 
tion bands, and was compressed with the usual precautions to minimize 
bend gliding and other inhomogeneities. A pole figure (Fig. 18) was 
then plotted for a number of important planes, using transmission Laue 
photograms taken with a molybdenum tube. Heavily shaded areas were 
located by data from white radiation reflections, the larger lightly shaded 
areas by data from the more intense Ka radiation. The exact limits of 


these are, of course, somewhat — 


dependent on exposure times, for 
weakly populated regions with 
overexposures resemble strongly 
populated regions, and there is 
also some danger of halation on 
the films with overexposure. The 
predictions of the Taylor theory 
are embodied in the pole figure of 
Fig. 22. The arrows indicate the 
movement of the poles that would 
occur if crystalline fragments 
rotated as specified in the theory. 
The lengths of the arrows are 

Fic. 22.—OrtEnravions prepicrep sy Made to correspond to a 10° rota- 
TayLor’s “LOCAL DISTORTION’ THEORY tion about each of the four “local 
FOR CRYSTAL OF Fia, 17. ; eis ° 

Rotations of 10° each way from the distortion” axes that lie normal to 
mean about axes normal to the slip diree- the slip directions in the two 
tions in the two highest stressed slip planes. ; A 
Comparison with Fig. 18 reveals definite highest stressed slip planes. 
discrepancies although the range of orienta- Taylor’ reported finding crystal- 
tions is similar. : > : 

lites throughout a 9° range in the 

directions of the arrows, but only within a 2° spread in directions per- 


pendicular to these, so the arrows should closely resemble the pole figure » 


actually observed. 

Comparison of Figs. 18 and 22, however, shows serious discrepancies. 
The (100) and (011) poles at the periphery are clearly different in the two 
figures. If the theory were correct, Fig. 18 should not have a single sharp 
point at the inner extremity of these areas, but should have a double point 
(or, with greater scatter, a blunt end). This would be immediately 
recognized in the Laue photogram with the beam normal to the sheet, 
Fig. 19, for it would require the outer ends of the streaks near the central 
spot of the pattern to be doubled azimuthally, or, if the scatter were too 
great to permit resolution into two streaks, it should require wide bands 
instead of sharp streaks. Actually the streaks are almost as sharp as 
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the geometry of the pinhole system permits, and show no trace of the 
doubling or widening demanded by the theory. 

While the fragment orientations cannot be described by the Taylor 
theory, it is nevertheless true that in every cubic millimeter of the com- 
pressed crystal there is a range of orientations amounting to as much as 


Fia. 23.— (022) REFLECTIONS CORRESPONDING TO CENTRAL Spot OF Fic. 18. 
Spots from direct beam are at left, (022) reflections at right: (a) reflection circle 
vertical at center, Fig. 18; (6) reflection circle horizontal at center, Fig. 18. Shows 
that central area of Fig. 18 is elongated vertically. 


+10° about several axes. If one attempts to deduce these axes there are 
at least two important items to consider: (1) All poles at the periphery of 
Fig. 18 are spread radially almost five times as much as azimuthally, and 
(2) the central (011) pole is spread about twice as far toward (100) as 
toward (011). -Item 1 can be seen 

directly by inspection of the radial | 

nature of inner streaks of Fig. 19, \\ () 

and item 2 by Fig. 23, which ww 
shows the (022) reflection, with 

the beam directed so as to register # 
the length of the major.and minor 
axes of the elliptically shaped pole 
figure areas as azimuthal widths 4=— 6 
of the two (022) streaks. That iD 

there are a number of rotation WZ (3) g. CaN SS. 
axes lying in the plane of the com- () \ 

pressed specimen is suggested by 


item 1 and it could be accounted 
for, in fact, by the collective 
action of axes at all angles in this 
plane. This would predict a pole 
figure like Fig. 24, constructed by 


rotating +10° about all axes in the plane of the projection. 


Fig. 24.—ORIENTATIONS THAT WOULD 
BE PRODUCED BY ROTATIONS ABOUT ALL 
AXES IN COMPRESSION PLANE... 

Rotations of 10° each way about all axes 
give approximate agreement with Fig. 18. 


Item 2, 


however, indicates that there is a greater range of rotation about axes near 


[011] than about axes near [100]. 


To attempt a more precise specification _ 


of the axes of rotation from these data would be mere speculation. 
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DIscUSSION 


It is not to be expected that one could derive a sound theory of recrys- 
tallization textures from experiments of such limited scope as these, and 
we shall not attempt to do so. We shall merely criticize some of the 
prevailing theories and make some general suggestions. 

It is probable that the retention of aggregate textures on recrystal- 
lization is accompanied by a shift of orientations in individual areas in the 
case of other metals and other types of strain than those studied here. 
This is consistent with the fact that most of the compression and elonga- 
tion textures of metals are believed to be retained by recrystallization, and 
most of the rolling textures altered. Owing to the lower symmetry of the 
rolling textures the alterations should be more easily recognized in 
the aggregate. 

Dehlinger’s theory" of recrystallization textures in aluminum appears 
to have no merit in view of the results reported herein, for it is based on 
the assumption that when deformation and recrystallization textures are 
alike each recrystallized grain has the orientation of the matrix in which 
it grew. This assumption is invalid for the case of compression, and may 
well be so for other types of deformation also. 

Burgers’ theory of strain-hardening and of recrystallization of alum- 
inum* relies heavily upon “local distortions” of the type postulated by 
Taylor, and Burgers considered that his recrystallization textures in 
compressed single crystals confirmed the Taylor distortions. Burgers’ 
results on polycrystalline aluminum, which he considered inconsistent 
with the Taylor theory, were attributed to a more inhomogeneous flow 
that would not permit the Taylor distortions to develop to an impor- 
tant extent. 

The present results, as they do not confirm Taylor’s type of distor- 
tions, mean that many of Burgers’ concepts must be revised. There is 
now no experimental basis for assuming that small fragments are rotated 
somewhat like rollers between the slipping surfaces, and that those that 
have been rotated 50° to 60° are strained enough to act as nuclei for 
recrystallization. Burgers and Louwerse! were not able to find X-ray 
evidence of fragments in this range, but extrapolated from a range less 
than one-third of this; thus they did not have experimental proof either 
of the existence of these rotated nuclei or of their condition of internal 
stress. ‘The present studies have removed the difference in behavior 
between single crystals and polycrystalline grains that Burgers attempted 
to explain. 


* See ref. 1, and W. G. Burgers’ chapter in Reports of the International Conference 
on Physics, 2, Phys. Soc., London, 1935. 
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If we object that the type of rotations Burgers used are not found in 
the deformed crystal, we must ask whether the rotations that do exist in 
the deformed material, or an extension of these, can explain the observed 
textures, such as Fig. 13, for example. We find that there is at least one 
set of rotation axes that fulfill this requirement; namely, [111] and [111], 
which lie normal to the compression axis. Rotations up to 10° each way 
about these two axes describe the major and minor axes of the pole-figure 
areas of Fig. 18 reasonably well, and rotations of 45° each way from the 
deformation texture explain the recrystallization texture of Fig. 13 and of 
two other grains, not included in the illustrations, that showed well- 
defined textures similar to this. If these axes alone were operating, 
however, they would cause a double (022) streak instead of a single one 
in Fig. 19, corresponding to a cross-shaped (022) area at the center of the 
pole figure (Fig. 18), which is not observed. It seems hardly likely 
. that these axes will furnish an important clue to the recrystalliza- 

tion mechanism. 

The results in this paper are not readily explained on the basis of 
deformation twins acting as recrystallization nuclei. Twinning of the 
deformation texture of Fig. 13, for example, will not yield the recrystal- 
lization texture of that figure, and the same can be said of the single 
crystal of Figs. 14, 15, and 16; in Fig. 20 only a few grains have a twin 
relationship with the deformation texture of Fig. 18. Grains in which 
there are wide ranges of orientation or narrow deformation bands in the 
strained matrix are not well suited to a test of this theory (for example, 
Figs. 10, 11, 12). Theories based on variations of internal stress within 
differently oriented nuclei! would be susceptible of proof only if X-ray 
reflections from the nuclei could be observed. 

At the moment it appears that a theory could be based on the relative 
rates of growth of differently oriented nuclei into the deformation texture 
material. The shifting of atoms from the strained matrix to the new 
grain might be imagined to proceed slowly if the new grain had the 
orientation of the matrix, and fastest if the orientation differed a certain 
way. Orone might postulate that the important concept was the stability 
of the nuclei in different orientations. In either case the theory becomes 
one in which the strained matrix orientation takes a prominent place, as 
unquestionably it should. 


SUMMARY 


1. The deformation and recrystallization textures of polycrystalline 
high-purity aluminum after compression are of the same type. They 
consist of a wide range including all orientations except those having 
[111] near the axis of compression, although there are but few fragments 
having [100] near the axis. The mean orientation is [110]. 
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2. Each recrystallized grain has an orientation different from that 
predominating in the matrix in which it forms. Exceptions to this rule 
are very rare, either with grains or single crystals. 

3. Individual areas alter their orientation without complete loss of 
texture of the aggregate, owing to a tendency of the recrystallized grains 
to avoid orientations having [111] or [100] near the axis of compression. 

4. Groups of orientations tend to oceur among the recrystallized 
grains but are not always sharply defined, even when the deformation 
texture is sharp. Some groupings are like those found in single crystals 
by Burgers and Louwerse. 

5. Traces of the original grains are visible after recrystalliza- 
tion because within each old grain many of the new grains have 
like orientations. 

6. Several instances were found in which the orientation of the 
recrystallized grains are not accounted for by twinning the deformation 
texture; this mechanism appears unimportant in the recrystallization 
of aluminum. 

7. Annealing twins occur in aluminum, for pairs of adjacent recrystal- 
lized grains have been found bearing a twin relationship to each other, 
separated by a (111) plane common to both. In one ease this was also a 
(111) plane of the matrix. 

~ 8. Deformation bands in the strained material lead to bands of 
similarly oriented recrystallized grains. 

9. A critical test of Taylor’s theory of ‘‘local distortion” at the 
surfaces of active slip planes was made on a specimen deforming without 
deformation bands. While fragments were found distributed throughout 
a range of 10° from the mean orientation, the spread was not in the 
directions required by the theory. 

10. These results invalidate or require modification of several theories 
of recrystallization textures, notably those relying on Taylor’s “local 
distortions” and those attributing the retention of the polycrystalline 
texture to a retention of orientation in individual areas. 
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DISCUSSION 
(Cyril Stanley Smith presiding) 


R. M. Bricx,* New Haven, Conn.—In one set of tests, the author states that’a 
crystal was chosen with an orientation such that deformation bands would not form 
upon compression. It appears that the actual orientation was not a stable one in 
relation to the usual deformation texture and the crystal must have rotated as a unit 
to the final texture position rather than by division into bands. ‘This result is not in 
accordance with our preconceived idea based on the author’s previous work. The 
questions naturally arise as to what range of initial orientations may be deformed 
without banding and whether the range includes the so-called stable orientation; 
i.e., one unchanged by the deformation. 

The crystal showed annealing twins, confirming the belief that in this regard 
aluminum differs from other face-centered cubic metals only in degree and not in kind. 
Since other evidence has indicated that annealing twins in brass and bronze grow from 
strain markings, is it possible that this specific aluminum crystal, while lacking wide 
deformation bands, may have shown some scattered strain markings? 

The author’s clear analysis of carefully obtained experimental data makes it 
evident that the present most widely accepted theory of recrystallization textures is 
inadequate. It may be suggested that no general theory in this field need apply for 
recognition unless it conforms to evidence of the type presented here when such 
evidence becomes available for most of the common metals. At the same time, this 
work reveals the need for constructive data on the question of what parts of the 
deformed structure constitute the nuclei that are most favored during subsequent 


growth to form the recrystallized aggregate. 


W. G. Burgers, { Delft, The Netherlands.—Dr. Barrett’s paper deals with certain 
views put forward in a paper by myself and P. C. Louwerse,’* which are summarized in 


* Hammond Metallurgical Laboratory, Yale University. 
+ Laboratory of Physical Chemistry, Technische Hoogeschool. 
15 W. G. Burgers and P. C. Louwerse: Ztsch. Physik (1931) 67, 605. 
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a paper read for the International Conference on Physics held in London in 1934.1° 
Briefly, the views expressed in the two papers mentioned regarding the deformation 
and recrystallization of aluminum single crystals and polycrystalline test pieces are 
as follows: 

1. The fact that homogeneously compressed single crystals (as deduced from their 
macroscopical change in form) showed that Laue asterism was considered to be an 
indication that the glide-lamellae were “‘locally”’ curved. 

2. From the direction of the striae it was deduced that the “axis of curvature” lies 
in the plane of the lamellae, perpendicular to the direction of gliding. 

These views had already been put forward by Taylor and by Yamaguchi for 
crystals that had undergone gliding along one set of glide planes, but was extended 
as a result of our experiments to cases where gliding had taken place along several 
sets of planes. 

3. “Local curvatures” had to be assumed to occur along every set of planes. The 
possible occurrence of lattice parts, rotated about several axes in turn, seemed probable 
and arguments in its favor were advanced. 

4. The occurrence of the “local curvatures’? mentioned was considered to be 
confirmed by the preference orientations of the crystallites, formed after recrystalli- 
zation of the deformed crystals: these orientations could roughly be deduced from that 
of the main body of the deformed crystal by rotations about the axes mentioned above, 
the necessary rotations, however, being much larger (about 20° to 60° instead of about 
10° to 20° in the not-recrystallized state). This result could be understood by assum- 
ing that as ‘‘nuclei”’ of the new crystallites the parts of the local curvatures served in 
which the distortion-gradient is severest are the parts where the rotation is greatest. 
The fact that as many groups of new crystallites were found as glidings had taken 
place during the deformation was considered to be a confirmation of point 3. 

5. The difference in orientation between deformed crystal and recrystallized 
grains, as set forth in paragraph 4, was not observed when recrystallizing deformed 
polycrystalline (fine-grained) test pieces. In order to explain this different behavior, 
it was assumed that the ‘local curvatures” in each individual grain of the fine-grained 
test piece were very small, because the gliding of each grain was hindered to such an 
extent by its neighbors that the total deformation could be brought about only by 
many glidings, the amount of slip along each glide system, and thus the local curvature 
of the lamellae, being small. Large differences in orientation between a “‘nucleus”’ 
and the main body of the glide lamellae could then not be expected. 

The first important result of Dr. Barrett’s investigation in connection with this 
subject is the establishment, put forward in particular in a former paper,!? that on 
deformation of aluminum crystals often regions of macroscopic dimensions can be 
discerned (for example, optically) in which the active glide directions are different 
from those in adjoining regions. These regions, which often are separated by straight 
lines, are called deformation bands, and must be discriminated from the glide bands or 
glide lamellae. Such bands can be slightly curved and there is a definite orientation 
variation within each band (ref. 12, p. 11). It was thus stated (ref. 12, p. 15, also 
ref. 10) that the orientation differences across these bands are responsible for the 
broadening of the Laue spots and not the “local curvatures,” as assumed in Taylor’s 
and in our theory. However, in the present paper (pages 135 and 137) crystals were 
deformed without developing deformation bands and yet apparently Laue striae were 
formed, so that Barrett (p. 141) comes to the conclusion “that in every cubic millimeter 
of the compressed crystal there is a range of orientations amounting to as much as +10° 
about several axes.” It thus seems to me that with regard to point 1 above this 
statement removes much of the difference in view held by us and that put forward in 


‘6 Papers and Discussions, Int. Conf. on Physics, London (1932) 2, 139. 
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this paper. Although in a deformed crystal the Laue asterism may be due to curva- 
tures over “‘larger” and to curvatures over “smaller” regions, the latter certainly 
play a part in the deformation process. (Also, Komar and Mochalow' have suggested 
that the Laue asterism is due to curvatures over large distances. See, however, in 
this connection my remark in Chapter V of R. Houwink’s Elasticity, Plasticity and 
Structure of Matter, 95. Cambridge, 1937.) 

Dr. Barrett concludes from his analysis of the direction of the Laue striae that they 
cannot be explained on the assumption of axes of curvature as suggested in paragraph 
2 above. Instead, it is suggested that they can be accounted for by the collective 
action of axes lying in the plane of a compressed specimen. This is a point that 
deserves careful consideration. We set forth in our paper that it is rather difficult to 
deduce the direction of the axes of curvature from the direction of the Laue striae, as 
this direction is rather insensitive for a change in orientation of these axes. We there- 
fore relied mainly on the fact that the Laue spot for the plane (112), perpendicular to the 
axis of curvature assumed by us, remained fairly sharp in the photographs and further 
based our conclusion on the position of the recrystallized grains (see paragraph 4). 
The large spreading of the orientations of these crystallites about the assumed diree- 
tions was suggested by us to be at least partly due to the fact that in the deformed 
erystals, in which in all cases gliding had taken place about at least four intercrossing 
glide systems, the curvature of the lamellae may be brought about by combination of 
rotations about the various possible axes (Figs. 18 and 19 of our paper in Zétsch. Physik). 
It is not easy to see precisely in how far asterism as observed by Dr. Barrett can be 
explained in this way. According to the results given in the present paper, one must 
certainly reckon with the possibility that our former assumptions regarding the 
directions of the curvatures of the glide lamellae need revision. (I may add, however, 
that the statement at the bottom of page 141 of this paper, that ‘‘there is a greater 
range of orientation about axes near [110] than about axes near [100],”’ would make 
the axes assumed by Dr. Barrett approach those assumed by us, as a close comparison 
of our papers will show.) 

With regard to point 4, Dr. Barrett’s and our results agree that the orientations of 
the new crystals, formed after recrystallization, differ from that of the main part of 
the lamellae in the compressed crystal; that is, from the deformation texture as 
revealed in the X-ray photographs. As is especially clear from his Figs. 13 and 20, 
the orientations found in both researches have much incommon. The fact that other 
orientations are found is not surprising, considering the possibility that other glide 
systems than those taken into account (so-called “forbidden glide systems”) may 
have played a part in the deformation process. It seems possible that they may 
be explained along lines similar to those assumed to hold for the other orientations. 
(It may be noted that the axes of rotation [111] and [111], suggested on page 143, 
differ by only about 20° from the directions of the axes [112] suggested by us.) 

Finally, there is the question, discussed in paragraph 5, of the discrepancy between 
single crystals and polycrystalline test pieces with regard to the orientation of the new 
crystallites formed after recrystallization. Dr. Barrett concludes that this dis- 
crepancy is only apparent, as he shows that on recrystallizing test pieces consisting of, 
say, four crystals, the grains formed in each of them after recrystallization are differ- 
ent in orientation from the respective ‘“‘mother crystal.’”” He shows, moreover, that 
the same holds for the crystals formed within each individual “deformation band”’ 
within a single crystal, as is clear from their appearance after etching. i! perfectly 
agree with this conclusion, which shows itself to some extent also in results obtained 
by other investigators, for example those by Bohner and Vogel." Our observations, 
as mentioned before, however, were made on very fine-grained test pieces, and it was 


17 Bohner and Vogel: Ztsch. Metallkunde (1932) 24, 169. 
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impossible to decide experimentally whether the new nuclei formed in each individua | 
grain nearly coincide with that of the grain itself or whether the orientations are 
different. If the latter is true, the identity of the texture before and after recrystal- 
lization would be only apparent and be due to the fact that the orientation spreading 
is already relatively large in the deformed test piece and coincides only statistically 
with that in the recrystallized test piece. This is, if I am not mistaken, the view 
held by Dr. Barrett and it may be right, and closer to the truth than that suggested 
by us in paragraph 5. I only wish to point out that I have the impression* that this 
conclusion is reached by extrapolating the results obtained with fairly coarse-grained 
test pieces to very fine-grained ones and therefore asks for closer inspection. Mean- 
while, it would seem worth while to investigate whether the occurrence often observed 
when single crystals are being prepared by recrystallization of slightly stretched poly- 
crystalline aluminum wires, of crystals with a [110] direction parallel to the direction of 
drawing (and moreover, when stretching flat plates, with the (100) plane parallel to 
the plane of plate!’) can be explained with the aid of the views suggested in this 
paper. 

It is perhaps worth while to mention that the observation that the new grains 
frequently appear to have their longest and straightest boundaries parallel to (111) 
planes of the deformed matrix in which they grow (Fig. 21) was also observed in a 
very striking way in experiments by Kornfeld and Rybalko,'® in whose paper atten- 
tion is also drawn to the influence of the relative orientation of nucleus and matrix on 
the way of growing of the nucleus. 


H. E. Srauss,t Newark, N. J.—To judge from Fig. 21 and the experimental 
details on page 137, the final grains were as large and even larger than the thickness 
of the specimens. J wonder whether this has had any influence upon recrystallization 
or grain growth of the specimens of this or similar experiments. Extensive tests 
several years ago with thin platinum foil produced baffling results and indicated an 
influence of specimen thickness upon the final grains. Thin samples soon confine 
recrystallization and grain growth to two dimensions and to those grains that can best 
grow in these directions. 


G. Sacus,{t Cleveland, Ohio.—I agree with Dr. Barrett regarding the differentia- 
tion of different types of stresses. However, if atomic dimensions are considered the 
term ‘‘stress’’ becomes rather indefinite. Thus, a condition may exist in cold- 
deformed metals that can be described in a simple way by saying that the atoms are 
irregularly displaced by a slight amount from their normal positions, in a similar 
manner to that of thermal agitation at high temperatures except that the result is 
permanent. This phenomenon is the only one surviving, of all the numerous geo- 
metrical ‘‘distortions”’ possible in crystals, that can still be made responsible for the 
strain-hardening. However, the reason that this theory still persists may be that 
surprisingly little work has been done to investigate the X-ray intensities, which are 
probably closely correlated to this type of distortion. 


C.S. Barrerr (author’s reply).—In answer to Dr. Brick, the range of orientations 
that may be deformed without banding has been plotted in a previous paper!2; the 


*T am not certain, however, about Fig. 9 with regard to this point. 

18 Ztsch. Physik (1933) 81, 43. 

1 Kornfeld and Rybalko: Physikal. Zisch. Sowjetunion (1937) 12, 658. 
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range includes the so-called stable orientation. The present results are in agreement 
with the findings of the earlier paper. We agree with Dr. Brick that microscopic 
studies of strain markings, possible deformation twins, and recrystallization nuclei 
should be valuable even though some photomicrographs on these subjects are already 
available in the literature. 

The influence of specimen thickness discussed by Mr. Stauss is, of course, not 
tested in these experiments. It does not follow, however, that if thin sheets show a 
rate of grain growth different from that of thick sheets there must also be different 
kinds of orientations in the two cases, or even different rates of nucleation. Since 
the original recrystallization nuclei are infinitesimal in size compared with the thick- 
ness of the sheet, one would surmise that their behavior would be independent of 
sheet thickness, other things being equal. 

In regard to Dr. Burgers’ comments, it seems important to emphasize that asterism 
in Laue photograms may arise from various causes, none of which can be dis- 
regarded if the local distortion theory is to be tested. In the paper of reference 12 
we concluded that other causes had been disregarded in previous studies; for example, 
_ macroscopic deformation bands and the variation of orientation across these bands. 
The technique used in the present investigation seems to have eliminated this cause, 
by eliminating the bands themselves, but asterism could still arise from either a mis- 
alignment of fragments throughout the crystal or from the local regions postulated 
discussed by Dr. Burgers. A direct test to decide whether one or both of these causes 
is operating is extremely difficult, and I am not convinced of the value of the indirect 
tests favored by Dr. Burgers (implications from the deformation and recrystallization 
textures of single crystals). In this paper we find, to be sure, a deformation texture 
(Fig. 18) that is inconsistent with the particular axes of local curvature proposed by 
Taylor, Yamaguchi and Burgers. Yet if a local-curvature enthusiast were to alter 
his theory and base it on a different set of rotation axes—for example, certain [111] 
axes—I believe the present experiments could neither prove nor disprove it. Another 
type of theory that can hardly be proved or disproved is one based on a com- 
bination of rotations about several axes, since any orientation whatever, or 
any range of orientations, can then be embraced by the theory, unless limiting assump- 
tions are made which in themselves are difficult to test. 

A cause of asterism that is receiving much attention in recent months is the dis- 
tortion from thermal agitation.2°-22. Thermal displacements of atoms produce radial 
Laue streaks much like Fig. 19 in appearance and add to the difficulty of testing local 
distortion theories. 

Dr. Burgers wonders whether grains of aluminum can be made small enough so 
that they will cease seeking new orientations upon recrystallization. We can only 
reply that over the whole of the grain-size range we tested, down to a fraction of a 
millimeter average diameter, the orientations altered in the way we have described, 
and this range probably covers the range used in previous investigations and in general 
commercial practice. 


R. F. Meat, discussion on page 168. 


20 A. P. R. Wadlund: Phys. Rev. (1938) 53, 843. 
21 G. D. Preston: Proc. Roy. Soc. (1939) 172, 116. 
22 W. H. Zachariasen: Phys. Rev. (1940) 57, 597. 


Plastic Deformation and Recrystallization of Aluminum 
Single Crystals 


By J. A. Coturs,* Junton Memper, anpd C. H. Maruewson,{ Member A.I.M.E. 
(New York Meeting, February 1940) 


Tue process of plastic extension of face-centered cubic single crystal- 
line rods is so well understood, since the notable studies of Taylor and 
Elam,! that the change in orientation of any crystal by slip and rotation 
may be predicted from the measured elongation. It is customary to 
assume a very homogeneous deformation, wherein gliding lamellae are 
free to rotate so that their slip direction continually approaches the axis 
of the rod, until a second slip system comes into operation; whereupon 
conjugate slip proceeds quantitatively to an end adjustment with the 
[112] direction in the axis of the rod. 

This process has been checked in many face-centered cubic materials 
and readily permits the preparation of specimens that have been sub- 
jected to various determinable amounts of shearing action. 

It is clearly of interest to study in such measurably strained specimens 
the development of a recrystallized structure on annealing and if possible 
detect the source of nuclei from which the new crystals grow. Strain- 
annealing experiments of this character have been performed by others 
but not in detail sufficient to permit a study, for example, of the number of 
recrystallized grains vs. the amount of shear. In the experiments now 
reported, this was done with a wide variety of orientations covering 
nearly the entire range of slip on a single system and corresponding to 
amounts of shear (ratio of shearing distance to distance between lamellae) 
at the conclusion of a test of from 0.08 to 0.57. A particular point was 
made of determining the crystallite rotation, or small angular range 
assumed by the octahedral slip plane after these various amounts of shear. 
The mechanism of recrystallization and the magnitude and effect. of 
recovery on the recrystallization process was investigated. 


Abstracted from a dissertation presented by J. A. Collins to the Faculty of the 
Graduate School of Yale University in partial fulfillment of the requirements for the 
degree of Doctor of Philosophy. Manuscript received at the office of the Institute 
Oct. 16, 1939; revised Dec. 5, 1939. Issued as T.P. 1145 in Mrraus Tecuno.oey, 
January 1940. 

* Metallurgist, E. I. du Pont de Nemours and Co., Wilmington, Delaware. 

} Professor of Metallurgy, Yale University, New Haven, Conn. 

‘ References are at the end of the paper. 
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EXPERIMENTAL PROCEDURES 
Preparation of Specimens 


High-purity aluminum, obtained from the Aluminum Company of 
America, of the following composition, was used in the investigation: 
Si, 0.006 per cent; Cu, 0.015; Fe, 0.004; Al, 99.975 (by diff.). Single 
crystals in the form of rods 11 in. long by %%¢ in. in diameter were made 
by the Bridgman method of gradual solidification of the metal from the 
molten condition. In selecting specimens to be used in the investigation, 
the solidified rods were carefully etched in Tucker’s reagent,* and the 
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Fic. 1.—CRYSTALLIZATION BANDS IN SINGLE CRYSTALS OF ALUMINUM. 

a. Specimen in as-solidified condition, showing three bands. 

b. Specimen after annealing 24 hr. just below melting poimt. While in furnace 
right side of crystal lay on hearth. It is evident that metal between bands has 
softened and flowed in this direction. 

c. Strained crystal showing slip lines passing unaffected through bands. 


character of the light reflections from the developed facets noted as the 
rods were rotated. Only those that gave perfect reflections were used. 

After etching there appeared on some of the crystals a curious set of 
horizontal bands, Fig. la. An examination of the single-crystal appara- 
tus revealed that these bands had their origin in the changing rate of 
crystallization induced by the temperature controller, which alternately 
and abruptly increased and decreased the power input to the furnace. 


* Tucker’s reagent is made up of 25 parts H.O, 15 parts HF, 15 parts HNOs, and 
45 parts HCl. 
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During the period in which the metal between the bands was crystallizing 
the furnace was slowly cooling and the point of crystallization was 
gradually moved further into the furnace. When the temperature 
dropped below that set on the controller the heating current was abruptly 
increased and the furnace rapidly reheated. It was during this period of 
rapid heating, when the actual rate of 
crystallization was decreased, that the 
bands formed. 

In order to evaluate these bands 
with respect to any effect they might 
exert on the subsequent investigation, 
they were compared with the metal 
between the bands microscopically, 
spectrographically, and by X-ray 
analysis, and found to be identical in 
appearance, composition, and orien- 
tation. Their reactions to low-tem- 
perature annealing treatments were 
also the same. However, when held 
for a period of 24 hr. within 3° or 4° 
of the melting point, it was observed 
that the metal between the bands 
softened and flowed while the bands 


© Original orientetion retained their shape (Fig. 1b). Slip 
Sa Deed onion lines, which formed during the sub- 
after deformation sequent straining of the crystals, were 
® Observed orientation observed to pass unaffected from the 
IE ER Sg bands to the intermediate metal and 


MM Coincidence of prealicted : ; 
and observed orientations vice versa (Fig. 1c). It was con- 


Fic. 2.—StpreoGrapuic prosec- cluded, upon the basis of these results, 

CRYSTALS TO AXIS OF TENSION. that the presence of these bands would 

have no adverse effect on the proposed 

investigation, and crystals of this character were used in part of the 
work, 

The orientations of the specimens selected by the visual examination 
as single crystals were determined by the back-reflection Laue method 
described by Greninger,? and plotted on a stereographic projection in 
relation to the axis of the crystal and the direction of the X-ray beam. 
The initial projection was rotated into two other positions: (1) with a 
cube pole at the center, both to facilitate the use of the Taylor and Elam 
projection for determining the slip system first to operate when a tensile 
stress is applied along the axis of the crystal, and to measure the angles 
between the crystal axis and the pole of the slip plane or the slip direction, 
respectively; (2) with the rod axis of the crystal at the center to permit 
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measuring the azimuth of the slip plane and the slip direction with refer- 
ence to the direction of the X-ray beam. 


Determination of Structure of Strained Crystals 


In considering the effect of the plastic deformation on the crystal- 
lographic structure, 20 crystals, whose orientations are shown in Fig. 2, 


TaBLE 1.—Elongation-shear Calculations, X-ray Analysis Results and 
Recrystallization Data 


Maximum Crystallite Rotations, Degrees 
El - 
Crystal ree et Shear per Series A® Series Be 
Per Cent aa 
12 N L P. N L 
9 ORT Od 0.0 2.0 0.0 0.5 
45 4.0 0.08 0.0 3.0 2.0 1.0 1.0 3.0 
8 13.2 0.19 0.9 3.0 1.0 0.5 
15 10.4 0.19 eS 4.0 2.0 1.0 i ses) 2.5 
16 10.0 0.14 Die2, 6.0 2.0 1.0 
43 8.8 0.19 0.6 2.5 0.5 0.0 
51 Or: 0.14 0.0 1.0 1.0 0.0 
55 9.0 0.19 0.0 15 1.5 0.5 0.0 0.5 
10.0 0.24 0.0 .0 2.0 0.5 3.5 0.5 
tte 15.3 .23 2.3 7.0 2.0 0.5 S10. © 
1 25.0 0.41 jas 4) ahh) 2.0 1.0 Cot 0.5 
2 18.0 0.32 4.5 8.0 2.0 1.0 
6 20.0 0.37 2.2 (0) 1.0 0.5 
50 10.2 0.34 1.5 4.5 2.5 1.0 2.0 1.5 
7 30.0 0.48 12.0 8.0 2.0 0 11.0° 1.0 
54 22.0 0.49 4.9 | 10.5 2.5 0.5 
iY 25.0 0.54 6.9 8.0 2.0 W@ 
40 28.2 0.57 WS | Us © 3.0 0.5 10.0 ss) 
41 24.0 0.50 5.9 6.5 2.5 075 5.0 HW) 
42 30.0 0.56 4.6 | 10.0 2.5 0.5 
0 0.0 0.00 0.75 0.75 0.5 


a eee ee ee ee SS 
a P, positive rotation; N, negative rotation; L, lateral rotation. 
’ This value is in error on the high side. 


were divided into six groups of two or more each, so that the crystals in a 
single group possessed as widely different orientations as possible. The 
erystals were then deformed by tensile stressing such amounts that the 
shear experienced by each crystal of a group was the same but varied 
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from group to group. In no instance was the deformation great enough 
to produce complex or double slip (see Fig. 2). The elongation required 
to produce the desired amount of shear was calculated by the follow- 
ing formulas: 

l, sin Uo _ sin (90 — Vo) 


= = 1 
los sin Uy sin (00,07) [1] 
[2] 


a! cos U, cos Uo 


~ sin (90 — Vj) ~ sin (90 — Vo) 


where: 


U> and U; are the initial and final angles between the stress axis and the slip 
direction, 

Vo and V, are the initial and final angles between the stress axis and the pole of 
the slip plane, 

ly and J; are the initial and final lengths of the crystal, 

S is the amount of shear. 


Following the elongation, the orientations of the crystals were redeter- 
mined and the actual values of U; and V; measured. Substituting these 
values in equation 2 with the 
original values, the observed shear 
was calculated (Table 1, column 
ogy 

The elongated crystals were 
next cut in half, one-half for X-ray 
examinations and the other for a 
recrystallization study. 

The crystallographic alteration 
resulting from the plastic defor- 
mation was studied in two series 
of X-ray examinations, A and B. 
An X-ray specimen was cut from 
each crystal so that the machined 
X-Ray PHorocram or {111} Surface was parallel to the octahe- 


Fig. 3. 
SECTION CUT FROM AN UNDEFORMED cRYS- (ral plane on which slip had 


TAL, SHOWING ABSENCE OF DISTORTION. * 
’ occurred. The method described 


by Pickus and Mathewson* was used in locating the slip plane 
and in marking the crystals preparatory to the actual machining opera- 
tions. The effects of machining were removed by carefully polishing on 
Nos. 1, 40, 20, and 39 emery papers and finally on a broadcloth lap, using 
No. 600 alundum as the polishing medium. Finally the surface was 
deeply etched with Tucker’s reagent. A back-reflection Laue photogram 
taken on an undeformed crystal prepared in this manner (Fig. 3) indicated 
that the cutting and polishing left no detectable distortions in the speci- 
mens. ‘The average deviation of the prepared surface from the active 
slip plane was 2°. 
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In the series A examinations the specimen was mounted in a spectrom- 
eter, so that the axis of rotation lay in the slip plane at right angles to 
the slip direction while the X-ray beam struck across the surface parallel 
to the slip direction. For the series B* examinations the axis of rotation 
lay in the slip plane parallel to the slip direction and the X-ray beam 
struck across the surface at right angles to the slip direction. In each 
series a sufficient number of exposures was taken at 1° intervals to deter- 
mine the angular range through which diffraction from the slip plane 
could be detected. 

Exposures of 8 min. were found to be satisfactory when only the 
Ka radiation of copper was used and the X-ray tube operated at 31 kv. 
and 21 ma. Because of this wholly arbitrary choice of operating con- 
ditions and exposure times, the measured range of diffraction was smaller 
than, but directly related to, the actual range. The measured range can 
be taken therefore as a measure of the actual range. Such a procedure 
has been used in correlating and considering the X-ray results and 
recrystallization data. 


Determination of Number of Potential Recrystallization Centers 


The remaining halves of the crystals, after careful polishing and 
etching of the cut ends, were annealed for 15 min., at 600°C. in a furnace 
of high heat capacity. It was thought that the number of new grains 
formed by this treatment would best indicate the number of potential 
recrystallization centers developed by the deformation. 

The amount of recrystallization was evaluated over a basic 3-in. 
length measured on the undeformed specimen and recorded in terms of 
the increase in the number of grains per linear inch by means of the 
following formula: 

Ve 


where: 


E is the percentage of elongation, 
N is the number of grains counted along the length (3 + 3) in., 
AG/in. is the increase in the number of new grains per linear inch of specimen. 


The value of N was determined by visually counting the grains which 
appeared on the specimen after annealing. It was frequently noticed 
that recrystallization occurred at several isolated places along the speci- 
men with the result that the original grain appeared more than once. In 
these instances, care was exercised, by making use of light reflections from 
the specimen, to insure that in determining the value of N the original 
grain was counted only once. 


* B examinations were made on only 10 of the 20 crystals studied. 
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Recrystallization and Recovery 


An additional recrystallization study was conducted on three carefully 
strained single crystals, R-1, R-2 and R-3, to determine: (1) the effect 
of recovery on the recrystallization process, (2) the manner of recrystal- 
lization, and (3) possible orientation relationships between the new grains 
and the original or parent grain. 


TABLE 2.—Cumulative Annealing Schedules for Crystals R-1, R-2 and R-3 
Specimen R-1, shear, 0.20; specimen R-2, shear, 0.39; specimen R-3, shear, 0.27 


Inspection 
Time, Min. 
1.75 | 2.50 | 2.75] 3.25 | 4.00 | 4.75 | 5.50 | 6.25 | 8.25 | 9.00 | 11.00) 13.75) 16.75) 20.50 

Temp.,| Speci- 
Deg. C.} men 

200 | R-1 t t t t 

200 | R-2 i i i tong 

300 | R-1 t f t } 

300 | R-2 t t i tat 

400 | R-l t f f } 

400 | R-2 i i i Lider 

500 | R-1 i t i i 

500 | R-2 t i i 14 

650'| R-3 | + | ¢ titi ¢l tlt : ae 
645 | R-l t 4 i i 

645 | R-2 * * * m Phe 

650 R-3 * 2 * * * * * * * * 

| 

———————————————————_——— EE SS ee Sees ees ee ee ee ae 


Temperatures were held constant to within +5°C. except for the 645°C. treatment 
of specimen R-2, when the limits were +10°C. 

* Recrystallization observed. 

+ No recrystallization observed. 


Prior to straining by elongating in a tensile machine and annealing, 
two flat surfaces at right angles to each other were machined along the 
entire length of the single-crystal rod. These surfaces were carefully 
polished and etched, by use of the same technique as for the X-ray 
specimens. The prepared crystals were elongated so that shears of 
0.20, 0.27 and 0.39 (as determined by X-ray analysis) were produced in 
specimens R-1, R-3 and R-2, respectively. Cumulative heat-treatments 
were then carried out on each crystal in a constant-temperature salt bath 
following the schedule of time and temperature given in Table 2. At 
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the end of definite time intervals the crystals were removed from the 
bath, cooled to room temperature, etched in Tucker’s reagent, and 
visually examined for indications of recrystallization. With the occur- 
rence of recrystallization, the length of the new grains was measured 
along the common edge between the flat surfaces; that is, in a direction 
parallel to the axis of the crystal. 

The orientations of the new grains were determined by the back- 
reflection Laue method. Preceding and following each heat-treatment 
at each temperature, a back-reflection Laue photogram was taken on 
specimen R-2. These photograms were taken as nearly as possible at 
the same location on the specimen. 


EXPERIMENTAL RESULTS 


Effects of Strain on Structure 


The elongation of the crystals, as observed during the actual straining, 
was normal in all respects except one. On 11 of the 20 crystals there was 
a faint set of bands lying roughly in a plane whose pole was 90° from the 
pole of the slip plane.* Etching the crystals clearly revealed these 
bands and permitted the following observations to be made: 

1. They extended completely through the crystals. 

2. They varied in thickness and character. When viewed from one 
point they appeared straight and regular while from another they 
appeared forked and wavy. 

3. When held in a certain position they reflected light strongly, as a 
twin would, while the remaining part of the crystal was dark. 

4. Observations made on a two-circle goniometer and by X-rays 
indicated that the bands contained a range of orientations. 

Although the data pertaining to these bands were insufficient to 
permit a determination of their exact relation to the deformation process, 
they were sufficient to arouse considerable interest and to stimulate a 
speculative approach to the problem. Several possible conditions were 
apparent that could plausibly connect these bands to the deforma- 
tion process. 

Plastic flow when produced in a single crystal by tensile stressing 
cannot take place by simple translation, owing to the constraint exerted 
by the grips of the tensile machine. Rather, the crystal accommodates 
itself to strain by flexural gliding, or Biegeglectung. Whether or not the 
bending or flexing of the glide plane occurs along the entire specimen or 
is restricted to a small section in the immediate vicinity of the grips is 


* It is possible that the other nine crystals also contained bands of such fine struc- 
ture that they could not be detected by the technique employed here; i.e., etching in 
Tucker’s reagent. 
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not known. If the former condition occurs it is quite plausible that the 
deformation bands can be intimately associated with the bending 
mechanism in the layers of slip lamellae. However, if the constraint is 
equalized in the immediate vicinity of the grips, as is indicated by the 
investigation of Miller,‘ a different relation between the bands and the 
deformation process must be sought. 

It is not unreasonable to presume that the bands may be connected 
with some secondary aspect of the deformation such as the action of the 
plane of maximum shear stress. This particular possibility, however, 
was not realized in the present case because the bands were found not 
only at an angle approximating 45° to the axis of stress but at other 
angles varying through a range of at least 25°. 

Another possibility is that they are the result of some form of crystal 
fragmentation and rotation similar to that proposed by Barrett® to 
explain the presence of deformation bands in strained iron crystals. It 
is not believed that these bands originate in growth abnormalities as 
elaborated by Schmid and Boas® but it was not a part of this investigation 
to solve this particular problem, which, indeed, may be of fundamental 
importance in the correlation of strain and recrystallization. Barrett’s 
recent papers on the plastic deformation of iron®” and aluminum! bring 
renewed interest in the general subject of banded structures and much 
more work may be anticipated dealing with the significance of bands of all 
kinds in worked and annealed metal. 

With the beginning of plastic deformation, marked changes occurred 
in the character of the spots on the back-reflection Laue films. There 
was a noticeable decrease in intensity of the spots as indicated by the 
darkening of the photographic film. In addition, the spots were no 
longer sharp but rather diffuse, possessing tails or streaks. Increasing 
amounts of deformation, while causing the streaks or tails to develop 
markedly, had little additional noticeable effect. With all these changes 
the pattern of spots on the films retained the symmetry characteristics 
of a single crystal, indicating that although the specimens were no longer 
single crystals, they were aggregates of many small crystal fragments of 
closely similar orientations. 

The results of the A series of examinations, Table 1, in addition to 
corroborating the observations made on the back-reflection Laue films, 
gave a more detailed picture of the fragmentation process. They indi- 
cated that the elongation first produced a small general increase in the 
range of orientations, which must be visualized as some sort of fragmenta- 
tion, and that these fragments were then rotated essentially about that 
[112] direction lying on the active slip plane at right angles to the slip 
direction and in the manner described by Taylor. These rotations have 
been called positive, those in the reverse direction negative, and those to 
either side lateral. 


stom 


J. A. COLLINS AND C. H. MATHEWSON 159 


Maximum crystallite rotation was selected as the parameter to make 
the correlation with shear and recrystallization data. It was thought 
that this quantity would best indicate not only the movement of the 
crystallites but also the number of crystallites concerned. 

It was observed that while the negative and lateral rotations were 
dependent upon shear for their development, their magnitude was 
independent of the amount of shear, a small shear producing as much 
rotation as a large shear, or more. 
This is clearly illustrated in Fig. 
4 where the maximum negative 
rotations have been plotted 
against shear. Inasmuch as the 
negative and lateral rotations 
react similarly to shear, only this 
-one correlation is shown. The 
positive rotations, on the other 
hand, showed a definite trend of 
increased rotation with increased 
shear. In several instances it 
was noted that two or more crys- 
tals, which had been subjected to 
the same amount of shear, did not 
have the same values for maxi- 
mum positive crystallite rotation. Ete sueia® . 
Since the crystals had been Fie. 4.—CoRRELATION BETWEEN 

MAXIMUM POSITIVE CRYSTALLITE ROTA- 
sheared the same amount, and on (suack POINTS) AND MAXIMUM 
since the shear had been produced NEGATIVE CRYSTALLITE ROTATION (OPEN 
j ; : CIRCLES) WITH SHEAR. 
in all instances by tensile stress- 
ing, these differences may have arisen from other factors, such as: (1) 
the original orientation of the crystals, (2) the degree of crystal perfection 
of the crystal structure, (3) inclusions of foreign material and porosity, 
and (4) the nature of the X-radiation. 

A careful survey was made of the original orientation of the crystals 
in relation to the maximum positive crystallite rotations, but no relation 
was found that could account for the observed differences. It was con- 
cluded, therefore, that the original orientation had no effect on the magni- 
tude of the positive rotations observed after straining. No data were 
at hand to permit an adequate consideration of the degree of crystal 
perfection as a factor governing the magnitude of the crystallite rotations. 
The third factor, dealing with inclusions and porosity, can safely be 
eliminated on the ground that neither of these conditions was noticed 
in any of the crystals and every precaution had been taken to prevent 
them. Since repeat X-ray examinations checked within the limit of 
experimental error, the last factor, a variable nature of the X-radiation, 


MAXIMUM CRYSTALLITE ROTATION 
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is not operative in the present connection. This leaves the differences 
unexplained in any satisfactory manner, which may be taken to indicate 
that other factors than those considered must operate to control finally 
the amount of maximum positive 
crystallite rotation that a given 
shear can produce. For example, 
Andrade and Tsien’ contend that 
the rotation of crystal fragments 
is determined not only by strain 
but also by stress. 

Inasmuch as the B series exami- 
nations (Table 1) measured the 
same quantities as the A series, in a 
different manner, only the latter 
have been shown graphically. A 
satisfactory correlation between the 
two series may be seen in the 


/ 
TAIL LENGTH 
Fic. 5.—GRrapuic representation Straight line of Fig. 5. 
OF RELATION BETWEEN MAXIMUM POSITIVE 


CRYSTALLITE ROTATION, AS MEASURED Potential Recrystallization Centers 
IN A SERIES EXAMINATIONS, AND LENGTH 


OF TAIL ASSOCIATED WITH DIFFRACTION Formed by Deformation 
SPOT PRODUCED IN B SERIES EXAMI- ? 
NATIONS, The results of the 15-min. 


anneals at 600°C. (Table 1, column 

4), show that increasing amounts of shear produce a corresponding 
increase in the number of new grains formed by recrystallization. In 
other words, the number of potential recrystallization centers produced by 
the straining is proportional to the amount of shear. This statement 
applies only to direct stressing; reverse stressing presents other problems. 
Burgers!!!? has attempted to connect logically the phenomena of 
plastic deformation and recrystallization by proposing that recrystalliza- 
tion nuclei are formed in the local curvatures in the slip lamellae generated 
by the deformation. Germination of these nuclei, which have been 
characterized as strain-free crystal fragments, is determined by the 
intensity of the local curvature. A certain minimum intensity must be 
exceeded before germination can occur. Assuming that this theory is 
valid, it is reasonable to expect that the magnitude of the crystallite 
rotation resulting from the deformation should indicate fairly accurately 
the capacity of the strained crystal to form new grains by recrystalliza- 
tion. Contrary to this expectation, a rather poor correlation was found 
between these quantities (Fig. 6). In considering these results it must be 
remembered that recrystallization is intimately connected with the action 


* One point corresponding to crystal No. 7 lies far away from the line, which can 
be attributed only to some unexplainable error in the B series datum for this crystal. 
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of internal stresses. The best measure of the number of the new grains 
that will result from recrystallization may be the intensity and distribu- 
tion of these stresses. Although crystallite rotations have been freely 
considered in connection with internal stresses, it is, of course, possible 
that the maximum positive rota- 
tions observed here may not be 
indicative of their intensity. 


Mechanism of Recrystallization 


In the cumulative annealing 
treatments of crystals R-1, R-2 
and R-8, recrystallization occurred 
only in the last two, and in these 
only after the highest tempera- 
tures had been reached. One new 
grain developed in the gauge 
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length of these specim = a Laat WI meee a 
8 : Pp : ens. Ob MAX POSITIVE CRYSTALLITE ROTATION 
servations made during the devel- Fia. 6.—RELATION BETWEEN MAXIMUM 


opment of the new grains brought POSITIVE CRYSTALLITE ROTATION AND CA- 
i PACITY OF STRAINED CRYSTAL TO FORM NEW 


forth several interesting facts: (1) Grains BY RECRYSTALLIZATION, 

In correlation with the observa- 

tions of Pickus and Mathewson,’ made on single crystals of brass, it was 
observed that the strained single crystals of aluminum required a 
markedly higher temperature to cause recrystallization than in similarly 
strained polycrystalline test pieces;!* (2) recrystallization originated in 
minute nuclei; (3) the linear rates of growth of the new grains into a 
uniformly strained crystal were constant; (4) the rate of growth of the 
grains varied with the crystallographic direction in which it was 
measured. These last two points are clearly illustrated in Fig. 7, where 
the length of the new grains has been correlated with the length of time 
the specimen remained at the annealing temperature. 

The correlation for R-2 was found to be expressed by two straight 
lines intersecting at an abscissa value of 834 min. During the initial 
period from 0 to 834 min. grain No. 1, the new grain, was growing both 
up and down the specimen at a constant rate of 0.88 cm. per min. Dur- 
ing this same period another new grain grew down from the grip section. 
At the end of 834 min. the two grains came together, and from that time 
on grain No. 1 could grow only downward. The rate of growth during 
the final period was 0.43 cm. per min. or one-half of the original rate. 
This indicated that during the first period of rapid growth, grain No. 1 
was growing up and down the specimen at a constant rate, and that for 
the entire recrystallization period the linear rate of growth in one direc- 
tion was constant at about 0.43 cm. per minute. 
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The correlation of grain length with time for R-3 corresponds to a 
straight line. The rate of growth was 0.60 cm. per min. This was also 
the linear rate of growth in one direction, inasmuch as the new grain was 
restricted to downward growth during the entire recrystallization by the 
presence of another new grain that had grown out of the upper grip section. 

During the straining prior to the annealing there appeared on all 
three crystals the deformation bands described on page 157. These bands 
were found to be related to the recrystallization process as observed in 
crystals R-2 and R-3. The interesting point noted was that with the 
inception of recrystallization and for some time thereafter (up to 8 min.) 
the inner face between the new grain and the original crystal was a plane 
surface parallel to the plane of the deformation bands. It is of interest 
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to note that Karnop and Sachs have reported that the inner face of 
crystal growth lay parallel to the old glide plane. 

The boundaries between the two recrystallized grains were not 
observed to move or migrate during the time of heat-treatments; that 
is, in neither R-2 nor R-3 did a new grain develop at the expense of a 
neighboring new grain. 

The correlation for R-2 if extrapolated to zero time intersects the 
vertical axis at a finite grain size, while the R-3 correlation intersects 
the horizontal axis at a finite time. Neither of these intersections can 
be used as a basis for speculation either as to the size of the nuclei from 
which recrystallization starts or as to the possibility of a neucleation 
period prior to actual grain development, because of three factors: (1) 
the preceding heat-treatments, (2) length of time the specimen was at 
each temperature, and (3) the actual size of the specimens. The first 
two factors probably cooperated to cause the extrapolation for R-2 to 
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cross the vertical axis, and the last factor resulted in an intersection of 
the R-3 correlation with the horizontal axis; i.e., the grain probably 
existed in the specimen before it could be seen on the surface. 

The orientation relationships between the old strained grain and the 
new grains for specimens R-2 and R-3 are shown in Fig. 8. In neither 
instance could the new grains be related to the orientation of the original 
erystal by any simple rotation. This may be interpreted as evidence 
against the idea that recrystallization nuclei are small strain-free crystal 
fragments formed by the deformation process. While this type of 
nucleus lends itself to the geometrical interpretation of recrystallization 
textures, consideration must be given to the possibility of a nucleus that 
forms more or less spontaneously at points of high internal stresses much 


a b 


Fic. 8.—STEREOGRAPHIC PROJECTIONS SHOWING ORIENTATIONS OF THE ORIGINAL 
CRYSTAL (BLACK TRIANGLES), ORIENTATION OF NEW CRYSTAL (OPEN TRIANGLES), 
SLIP PLANE SP, SLIP DIRECTION SD, AND SPECIMEN AXIS P. 

a, specimen R-2; 6, specimen R&-3. 


as a crystallization nucleus forms in a freezing melt. From a purely 
speculative point of view recrystallization textures may be referred to 
either type of nucleus in the absence of experimental evidence permitting 
a definite choice. 


Recovery 


In view of the amount of shear experienced by the specimens R-1, 
R-2 and R-3, it would be expected from the preceding recrystallization 
data, that if recovery had no effect on the number of nuclei that could 
germinate, 1 to 2 grains per inch would form in R-1, 1 to 6 grains per 
inch in R-3, and 2 to 13 grains per inch in R-2. The fact that R-1 did 
not recrystallize at all and that only one new grain developed in R-2 and 
R-3 showed that recovery did have an effect, and that it resulted in a 
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noticeable decrease in the capacity of the strained grains to form 
new grains. 

Four of the back-reflection Laue photograms taken on specimen R-2 
are shown in Fig. 9. Fig. 9a is a photogram of the strained crystal show- 
ing the characteristic streaked-out spots which are of fairly uniform 
intensity except for a few high-intensity points caused by the charac- 


Fic. 9.—EFFECT OF RECOVERY ON STRAINED SINGLE CRYSTAL OF ALUMINUM AS 
REVEALED BY BACK-REFLECTION LAUE PHOTOGRAMS. 
a. Photogram of strained crystal, R-2. 
b. Same as a after 1334 min. at 300°C. This photogram is also typical of structure 
after 1334 min. at 200° and 400°C. 
c. Same as b after 1834 min. at 500°C. 
d. Same as c after 1334 min. at 645°C. 


teristic radiation. Heating for 1334 min. at 200°, 300° and 400°C., 
respectively, produced new intensity maxima in the spots (Fig. 9b), which 
were still structureless and gave little indication of the changes that 
had occurred in the crystal. After 1334 min. at 500°C., however, the 
recovery had proceeded far enough to cause additional changes in the 
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spots (Fig. 9c). Here the intensity maxima were seen to be composed of 
many individual small spots. Tails and streaks were still present, 
although somewhat reduced. Fig. 9d, taken after 1334 min. at 645°C., 
shows the structure after the recovery process had presumably reached its 
end point. The diffraction spots were clearly observed to be made up of 
many small maxima, somewhat larger and more clearly resolved than 
those in Fig. 9c. The diffraction spots were about 4° long and 1° wide, 
with only the slightest indication of tails or streaks. 

The development of the small intensity maxima in the diffraction 
spots of the back-reflection X-ray photograms have been interpreted as 
indicating that recovery results in a decrease of internal stress in the small 
crystal fragments without altering their orientations. Seljakow and 
Sow, from their X-ray study (by a rotation technique) of recovery 
_ in strained aluminum crystals, have also concluded that recovery is 
simply a stress-removal process. 

In addition to this analysis of the X-ray results another possible 
interpretation should be mentioned. According to this view the small 
intensity maxima are the result of a coalescence of the minute crystal 
fragments. This concept of recovery, however, requires an explanation 
of the fact that coalesence does not continue until the strained crystal is 
again perfect, possessing the orientation of the fragment that absorbed 
the others. Such an occurrence has been reported only for very small 
deformations of 2 per cent elongation or less,!®° and does not characterize 
the general process of softening after substantial strain-hardening. 


CONCLUSIONS 


1. In addition to the normal glide ellipses, the elongation generated 
a set of deformation bands, which lay roughly in a plane 90° from the 
slip plane and in the zone containing the slip-plane pole and the axis of 
the specimen. These bands were related in some manner to the recry- 
stallization process. 

2. The deformation first fragmented the crystals into many small 
crystallites with a slight increase in the range of orientations. This 
fragmentation was followed by a rotation of the crystallites, principally 
around the [112] direction lying on the slip plane at right angles to the 
direction of the slip, and to a slight degree around the slip direction. 
The magnitude of these rotations was not measurably affected by the 
original orientation of the crystals. 

3. The magnitude of the crystallite rotations was not an accurate 
measure of the capacity of the strained crystals to form new grains 
by recrystallization. 

4. Recrystallization originated in small nuclei. The linear rate of 
growth of the new grains into a uniformly strained crystal was constant 
for a constant temperature. No simple relation, such as a rotation about 
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a single axis, was found that would rationalize the orientation of the new 
grain to that of the original crystal. The germinative temperature for 
reerystallization was markedly higher for strained single crystals than for 
similarly strained polycrystalline specimens. 

5. Recovery occurred, to some extent, at all temperatures from 200°C. 
up to the recrystallization temperature, which may be as high as 645°C. 
Recovery resulted in a removal of internal stresses from the small crystal 
fragments without altering their orientation, and reduced the capacity 
of the strained crystals to form new crystals by recrystallization. 


ACKNOWLEDGMENTS 


The authors wish to express thanks to Prof. W. E. Milligan for making 
the spectrographic analyses, to Professors Arthur Phillips and L. W. 
McKeehan and to Doctors M. R. Pickus and R. M. Brick for their 
helpful discussions. 


REFERENCES 


1. G.I. Taylor and C. F. Elam: Distortion of an Aluminum Crystal during a Tensile 
Test. Proc. Roy. Soc. London (1923) 102-A, 643. 

2. A. B. Greninger: A Back-reflection Laue Method for Determining Crystal Orienta- 
tions. Ztsch. Kristallog. (1935) 91, 424. 

3. M. R. Pickus and C. H. Mathewson: Plastic Deformation and Subsequent 
Recrystallization of Single Crystals of Alpha Brass. Trans. A.I.M.E. (1939) 
133, 161. 

4. R F. Miller: Influence of a Grain Boundary on the Deformation of a Single 

Crystal of Zine. Trans. A.I.M.E. (1934) 111, 135. 
. C. S. Barrett: Structure of Iron after Compression. Trans. A.I.M.E. (1939) 
135, 296. 
. E. Schmid and W. Boas: Kristallplastizitit. Berlin, 1935. Julius Springer. 
. C. 8. Barrett and L. H. Levenson: Structure of Iron after Drawing, Swaging and 
Elongation in Tension. Trans. A.I.M.E. (1939) 135, 327. 
8. C. 8. Barrett and L. H. Levenson: Structure of Aluminum after Compression. 
This volume, page 112. 
9. G. I. Taylor: Resistance to Shear in Metal Crystals. Trans. Faraday Soc. 
(1928) 24, 121. 

10. E. N. de C. Andrade and L. C. Tsien: Glide of Single Crystals of Sodium and 
Potassium. Proc. Roy. Soc. London (1937) 163-A, 1. 

11. W. G. Burgers and J. J. Ploos van Amstel: Relation Between Hardening and 
Recrystallization Properties Associated with the Plastic Deformation of 
Metals. Zisch. Physik. (1933) 81, 43. 

12. W. G. Burgers: Int. Conf. on Phys., London, 1934, pt. II. 

13. L. W. Eastwood, R. W. James and R. F. Bell: Some Aspects of the Recrystalliza- 
tion of Cold-worked Aluminum and Aluminum Alloys. Trans. A.I.M.E. 
(19389) 133, 124. 

14. R. Karnop and G. Sachs: Versuche iiber die Rekristallisation von Metallen. 
Ztsch. Physik. (1927) 42, 283. 

15. N. Seljakow and EK. Sows: X-ray Study of Aluminum Single Crystals. Nature 
(1935) 135, 764. 

16. U. Yoshida and Nagata: A Study of the Rearrangement of the Crystals in a Metal 
by Recrystallization. Mem. Coll. Sci. Kyoto Imp. Univ. (1936) 19, (5), 207. 


or 


ID 


i 


DISCUSSION 167 


DISCUSSION 
(Cyril Stanley Smith presiding) 


C. 8S. Barrert,* Pittsburgh, Pa.—Do the data in this paper confirm Taylor’s 
theory of rotated fragments at the slip planes, which is the basis of Burgers’ recrystalli- 
zation texture theory? Fig. 4 appears to, and the direction of the axis of rotation 
does also. However, Fig. 4 may merely represent the range of orientation from one 
side to the other of a deformation band—and the authors remark that such a range is 
common in their specimens. When a range exists with a macroscopic distribution 
like this the evidence for local, microscopic rotations is necessarily uncertain for it is 
submerged by the macroscopic effect. 

As to the axis being [112] normal to the slip direction, I should like to point out 
that this axis is near the cross-section plane. Perhaps a number of axes lying in 
the cross-section plane would explain the range of orientations, as they do in the 
aluminum crystal deformed in compression (see page 128, this volume). 


R. W. James, + Cleveland, Ohio.—The author’s observation that ‘‘Recovery .. . 
reduced the capacity of the strained crystals to form new crystals by recrystallization”’ 
is very interesting because it probably is the first time that data supporting such a 
contention have been recorded in the metallurgical literature, though Eastwood, 
James and Bell suggested that such a phenomenon might explain certain heating-rate 
effects (ref. 13, p. 131). 

It is commonly known that slow heating of cold-worked polycrystalline com- 
mercial metals and alloys usually produces a coarser recrystallized grain structure 
than is produced by a more rapid heating rate, but to date no satisfactory explana- 
tion for the heating-rate effect has been offered. It seems conceivable that this effect 
may be the result of recovery if it is assumed that recovery treatments do reduce the 
recrystallization capacity of cold-worked metals. If a cold-worked material is 
slowly heated to the recrystallization temperature, during the heating up period 
the metal may ‘‘recover”’ to such an extent that the degree of effective cold-work 
is measurably reduced, hence the sample recrystallizes to a coarser grain structure. 
This coarser grain structure would be comparable to that produced by rapidly heating 
a sample that had originally received less cold reduction. With slow heating there 
is a relatively long period of time during which the atomic mobility gradually increases, 
internal stresses are relieved, various physical characteristics are altered, and there 
probably is some readjustment of the crystal lattice though no recrystallization, per 
se, has taken place. Inasmuch as all of these factors are intimately related to cold- 
work, it seems logical that the effective degree of cold-work has been reduced during 
this recovery period. An investigation along these lines has already resulted in 
data that tend to support this hypothesis. 


J. A. Coutins AnD C. H. Marurewson (authors’ reply).—In reply to Dr. Barrett’s 
discussion, the authors consider that their data are best explained by Taylor’s theory 
of crystal fragmentation and rotation,® and therefore support this theory. However, 
as was pointed out (p. 160), they do not confirm Burgers’ theory of recrystallization 
textures. Inasmuch as a range of orientations was measured in all the crystals, and 
deformation bands were detected on only 11 of the 29 crystals studied, it does not 
seem probable that this range corresponds to a macroscopic distribution inside the 
deformation bands as Mr. Barrett suggests. The paths traced by crystals of the 
large middle group shown in the projection of Fig. 2 would be closely approximated 
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by slip and rotation around the corresponding [112] axis, and orientations produced 
at any stage of the extension remaining in the final crystal would be expected to 
yield diffraction spots in close agreement with those observed. The paths traced by 
crystals in the lower group would require, in addition to rotation around the [112] 
axis, some rotation of the planes around their polar axis, so that simple residual 
orientations found in the final crystal would not register a common [112] direction. 
We cannot claim that the orientation of these minute crystallites has been completely 
determined, but the evidence at hand is not inconsistent with the natural assumption 
that they are strained residual spacings along the route of extension traced by the 
crystal. The orientations of recrystallized grains might be attributed to some 
unknown form of rearrangement (nucleus formation) in these strained regions. 


[The following discussion by Dr. Mehl refers also to the papers that begin on pages 
41, 49, 128, 170, 198, 464, respectively.] 


R. F. Meut,* Pittsburgh, Pa.—As the result of the efforts of many workers, our 
knowledge of the recrystallization process has progressed rapidly in recent years. 
We now know that the process is one in which the variables are composition or purity, 
degree of deformation, temperature, initial grain size, and time.!’? Excluding com- 
position, four chief variables must be considered; if these are to be represented 
graphically and if final grain size is to be included as a dimension on a diagram, it 
would be necessary to build a five-dimensional diagram; ordinarily the so-called 
recrystallization diagram does not represent initial grain size or time, and for this 
reason must be taken as greatly oversimplified. But chiefly the disregard of the 
variable time has tended to mask the basically important fact that recrystallization 
is not an instantaneous process but one which is clearly time-dependent. 

Progress in a scientific field requires the exercise of judgment in the selection of 
problems and modes of attack if the important questions are to be answered first. 
It has now been demonstrated that recrystallization proceeds by a process of nuclea- 
tion of unstrained (recrystallized) grains and the growth of these grains. The time 
dependence of the rate of recrystallization can then be broken up into two separate 
processes, each time-dependent—namely, nucleation and growth—and we should 
be able to express the rate of recrystallization under a given set of conditions (the 
variables mentioned above) in terms of the rate of nucleation and the rate of growth. 
Mathematical methods by which known values of these separate rates may be properly 
associated have recently been given.!8 Such an analysis must make proper allowance 
for variation in the rate of nucleation and in the rate of growth as the process proceeds 
toward completion. 

It appears, therefore, that progress in the study of recrystallization will be more 
rapid if approached in this way; i.e., by a quantitative determination of the rate of 
nucleation and of the rate of growth, as these may change with the variables enumer- 
ated, including time. Some attempts have already been made (see Kornfeld2° and 
also Karnop and Sachs*!), though in no case do we have a full and satisfactory analysis 
for any given case. I think it can be said that there have been no really satisfactory 
determinations of the rate of nucleation; good measurements of rate of growth for a 
few temperatures have been made for tin (Polanyi and Schmid"), iron (Kornfeld?°), 
cadmium (Kornfeld®°), and aluminum (Kornfeld,2° Karnop and Sachs,?! and 
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now by Collins and Mathewson). But what we obviously need is a detailed and 
comprehensive study of the interplay of all of the variables with respect to the rate 
of nucleation and the rate of growth and an attempt to provide this for aluminum and 
for iron-silicon alloys is being made in the Metals Research Laboratory. With data 
of this sort we may hope to build an adequate theory of recrystallization and without 
it I believe our progress will be slow and imperfect. 

It has always been difficult to find a method of expressing the degree of deformation 
or cold-work in terms with a physical meaning; we need this if a quantitative physical 
theory is to be developed. No such method exists now, though the method used by 
Collins and Mathewson—degree of shear in a single crystal slipping on one plane 
only—is at least simpler in a physical way than the rest. Their demonstration that 
recovery preceding recrystallization of deformed single crystals tends to decrease 
the number of crystals in the recrystallized piece and thus, since the rate of growth 
is unaffected by recovery, to decrease the rate of nucleation, is the result that would 
be expected and is thus more reasonable than the results of Kornfeld, who found the 
opposite result.2!_ Their demonstration that the rate of growth of a recrystallized 
grain is the greater the smaller the deformation shear is surprising, however, for the 
contrary would be expected. Kornfeld’s results are satisfactory in this respect, I 
think. Since it is known that the rate of growth may vary within wide limits among 
the recrystallized grains in a single sample (for reasons not well understood), could it 
not be that the two grains studied represent opposite extremes in this variation, and 
if a large number had been measured that the average rate of growth would have been 
the greater the greater the degree of shear? 


Recovery and Recrystallization in Long-tume 
Annealing of 70-30 Brass 


By S. E. Mappican,* Junior Memper, anv A. I. Buanxt 
(New York Meeting, February 1940) 


Many experimental and theoretical investigations have been made 
on the processes involved in annealing and recrystallization of metals. 
Most of these, however, have treated the time element as constant and 
heat-treatments used have been for relatively short times. Aside from 
the early work by Carpenter and Elam,' the few that have investigated 
the effect of time on the processes have usually done so for fairly short 
time periods. 

During recent years the growing interest in long-time creep properties 
of metals and alloys under stress has made increasingly important a 
better knowledge of the recrystallization during prolonged heating. The 
recrystallization temperature of 70-30 brass given by Clark and White? 
in 1932 was somewhat above 400°F. (204°C.) but under 500° (260°C.), 
whereas in our laboratory recrystallization has been observed in creep 
specimens at 204°C., the lowest temperature of Clark and White’s range. 
Since the creep properties are quite different above and below the 
recrystallization temperature, erroneous conclusions can readily be drawn 
by the application of short-time recrystallization data to creep problems. 

It was thus considered of both practical and theoretical value to 
make long-time annealing studies near the minimum recrystallization 
temperature. In this way useful additions could be made to data on 
recrystallization temperatures and, since the reactions in this range 
are relatively slow, additional insight could be obtained into the factors 
involved in annealing. 

Several comprehensive reviews of recrystallization processes have 
been written,*~> therefore only a brief review of the generally accepted 
facts will be given here. 

Though the effects of heat-treatment usually are expressed as related 
to observations with varying temperatures, it is logical to assume that 
the same order of occurrence will exist with time as a variable. Thus, 
we may postulate that with increasing time we will observe the following 
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consecutive processes: (1) recovery, (2) recrystallization, (3) grain 
growth. The first two may to some extent be concurrent, while the 
last is by definition considered as occurring only after recrystallization 
is complete. 

Recovery is generally associated with the relief of internal stress 
accompanied by an increase in electrical conductivity with either a 
slight rise or fall in mechanical properties. Mehl® states that, with 
temperature as a variable, the complete return of conductivity to the 
maximum annealed value occurs before any recrystallization is observed. 
No grain growth or other change in microstructure is considered as 
occurring here. 

Recrystallization consists of the formation of nuclei and growth 
of the latter until the entire matrix is absorbed in new grains. This 
process is considered responsible for the major changes in mechanical 
properties, but is not generally held to be responsible for much change 
in electrical properties. 

In an isothermal study with time as a variable, it cannot be assumed 
by analogy that complete recovery of electrical conductivity occurs 
before recrystallization sets in. It is possible that at recrystallization 
temperatures the two processes are active concurrently. 

Grain growth is simply the increase in grain size by coalescence after 
recrystallization is complete, and does not have much effect upon the 
discussed properties—neglecting machining, cupping, ete. 

Carpenter and Elam‘ in their early work and, more recently, Bungardt 
and Osswald® have reported the growth of existing crystals without any 
recrystallization process. However, as stated by Masing’ in criticism 
of Bungardt and Osswald’s work, little credence is given today to the 
existence of such a phenomenon in strained material, because experi- 
mental data show that while unstrained crystals may coalesce, strained 
crystals do not grow until recrystallization sets in. No consideration 
seems to have been given to the possibility that, after light reductions, 
annealing may cause softening without recrystallization of some of the 
worked grains and thus allow these grains to grow by coalescence without 
any previous nucleation. 

By analogy with the laws for effect of variable temperature we may 
also state that: 

1. The time for the beginning of observable recrystallization will 
increase with decreasing amounts of cold-work, increasing initial grain 
size, and decreasing temperature. 

2. The grain size of the completely recrystallized material will 
increase with increasing initial grain size and decreasing amounts 
of cold-work. 

Any explanation of the phenomena observed on heating a deformed 
metal depends upon the concept of the state of the deformed metal itself. 
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To explain the changes in electrical and magnetic properties of nickel, 
Muller? has recently postulated the existence of two orders of internal 
stresses in deformed metals: A stress pattern exists of microscopic 
but relatively long-range periodicity; superimposed on this is a short- 
range pattern whose period length is of the order of the conduction 
electron wave length. As suggested by Mott,'® the latter series of 
discontinuities, of the order of four or five atom distances, would decrease 
the conductivity by a scattering effect on the electron wave. During 
the process of recovery this short-period pattern is smoothed out, which 
causes a considerable increase in conductivity. Such superimposed 
patterns have been considered by others, as indicated by Desch."™ 

How such a process would affect mechanical properties is not certain. 
In general, some loss in strain-hardening occurs during recovery. At 
first consideration this would seem to be expected from the postulated 
removal of short-range localized stresses. However, many investigators 
have reported an increase in tensile and hardness properties during 
relief annealing. This could be explained by assuming that the removal 
of the short-range pattern causes a slight increase in intensity of the 
longer range pattern. This could easily occur if the relation between 
the two was such that a peak of the short pattern fell at a minimum point 
in the long-range type, and a minimum of the short-range type fell at a 
maximum of the long-range type. Then on smoothing out the short- 
range pattern, the highest points would be raised to the normal position 
for the long-range pattern, and a similar lowering would occur at the 
minima. Such a process could readily cause a directional redistribution 
of stresses like that reported by Pickus and Mathewson” and others. 

Several investigators have attempted to give an explanation of 
recrystallization phenomena in terms of nucleation and growth. Johnson 
and Mehl'* assumed that both nucleation rate and growth velocity are 
constant throughout the process; the process of nucleation was considered 
as random. Remarkable success was attained for the cases considered. 
Avrami, in a discussion of that paper, indicated that the nucleation rate 
decreases more rapidly than can be explained by the decrease in untrans- 
formed matrix. This, he suggested, is due to the existence of germ 
nuclei, which become activated during annealing. This could as readily 
be explained as follows: Accepting the usual postulate that nucleation 
occurs at points of high stress concentration, the nucleation rate is 
dependent upon the number of such points present. This is considered 
by Johnson and Mehl as decreasing only by nucleation; i.e., the number 
of nucleation points is proportional to the amount of untransformed 
material. However, by a process of thermal rearrangement it may be 
possible for the atoms to proceed in either of two directions: (1) a short- 
range rearrangement may take place, which results in the formation of a 
nucleus; (2) a longer range readjustment may occur, which results in the 
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removal of the stress concentrations and a softening of the original lattice. 
The latter process would cause a decrease of possible nucleation points 
and would thus cause a fall in nucleation rate faster than would be 
expected from the amount of untransformed matrix. 

Referring again to Muller’s postulate, it would seem that during 
recovery the short-range stress pattern is relieved by a thermal rearrange- 
ment. This results in an increase in electrical conductivity, but is not 
associated with recrystallization. A possible second stage in conductivity 
increase may be associated with removal of stress by recrystallization 
nucleated at the points of stress concentration in the long-range pattern. 
However, it may as readily be partly caused by a further stress relief 
action occurring now on the postulated long-range pattern. 


EXPERIMENTAL PROCEDURE 


Because of its generally favorable properties in regard to microscopic 
studies, and because the recrystallization data were desirable for a creep 
investigation already under way, a 70-30 brass was chosen for this 
investigation. To reduce the effects of impurities to a minimum, a 
special lot was cast from an induction furnace, all precautions to avoid 
contamination being observed. ‘The analysis is: 


COBO NE Ro o.0-5 we Aes es SR CI Un Oe Re a eee 69.93 to 70.23 
JEWSI Ys © asc arvolncg bad AtCkS ERROR RECON eae re 0.003 to 0.004 
JER oheg 5 chat } atilee jiotas Gat Genoa Ree ea ae eee a eee 0.015 

SISter eM oa ete ie ee R a artis as oes Shcke als oe Ekle uate’s 0.001 

ESO COND OLE) erator Gio taco ER eee Soa 29.75 to 30.05 


A 400-lb. billet of this lot was extruded to 1-in. rod and then reduced 
by wire-drawing to a final diameter of 1g in., with various tempers and 
grain sizes. By proper choice of drawing series and anneals, the final 
grain sizes and reductions shown in Table 1 were obtained. All specimens 
received an 84 per cent reduction in area between the penultimate and 
final anneals and care was taken to avoid any abnormal conditions in 
other stages of the drawing series. For the lowest final reduction of 
1g B. and S. number (11 per cent reduction in cross section), most of the 
working in ordinary wire drawing occurs in the outer layers. For this 
case a second lot was prepared by stretching to the same reduction, thus 
ensuring fairly uniform deformation throughout the cross section. All 
drawn material was straightened by a conventional method used in 
manufacture of wire. Specimens were then cut into 20-in. lengths for 
the annealing studies. 

Anneals were made at 204° and 260°C. for various times from 14 hr. 
to 2740 hr. Annealing was carried out in a forced convection hot-air 
furnace designed for creep testing and having fairly low temperature 
gradients. All wires to be annealed at a given time and temperature 
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TaBLE 1.—Record of Experiments 


Hours to Beginning of Recrystallization 


Estimated Reduction 
Group Sc Size, s youn Retest Mi ay 
m. er Cent cute echanica icrostructure 
Conductivity Properties 100 
260°C. ANNEAL 
1-1 0.010 Stretched 11 Recrystallization doubtful though grain growth 
occurs. 
1-2 0.040 Stretched 11 No visible recrystallization. 
1-3 0.150 Stretched 11 Grain growth without visible recrystallization. 
2-1 0.010 Drawn 11 5 25 5 
2-2 0.040 Drawn 11 627 125 25 
2-3 0.150 Drawn 11 627 25-125 125 
3-1 0.010 21 5 25 5 
3-2 0.040 21 5 25 25 
3-3 0.150 21 627 125 627 
4-1 0.010 37 1-5 5 1-1 
4-2 0.040 37 5 5 25 
4-3 0.130 37 5-25 25 25 
5-1 0.010 60 <lg 1g 1 
5-2 0.040 60 <2 ho 1 
5-3 0.130 60 <4 1 tg-1 
6-1 0.010 84 <6 <4 44 
6-2 0.040 84 <4 <4 <% 
6-3 > 0.200 84 <4 <4 <4 
204°C. ANNEAL 
1-1 0.010 Stretched 11 Some increase in grain size. 
1-2 0.040 Stretched 11 
1-3 0.150 Stretched 11 Grain growth without visible recrystallization. 
2-1 0.010 Drawn 11 2740 
2-2 0.040 Drawn 11 197 
2-3 0.150 Drawn 11 627 
3-1 0.010 21 627 2740 
3-2 0.040 21 2740 2740 
3-3 0.150 21 2740 
4-1 0.010 37 125 627 627 
4-2 0.040 37 627 627 2740 
4-3 0.130 37 2740 
5-1 0.010 60 40 15-125 15-125 
5-2 0.040 60 40 15-125 125 
5-3 0.130 60 125 15-125 125 
6-1 0.010 84 5-15 15 5 
6-2 0.040 84 15 15 15 
6-3 > 0.200 84 15 1 1-15 
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were placed together in the furnace in a mounting that allowed adequate 
circulation of air between specimens. An additional wire was placed at 
the center of the bundle and thermocouples were attached at the extremi- 
ties and center of itslength. Tests showed that the heating rate and tem- 
perature gradient were approximately the same at the center and edges of 
the bundle, since heating was produced by convection, not radiation. 

The times required to reach maximum temperature were 7 min. at 
204°C. and 12 min. at 260°C. Because of the relatively slow reaction 
rates, it was felt that this rate of heating would not cause any appreciable 
error. However, for the 14-hr. and 1-hr. anneals, oil baths were used 
where the heating time was only 2 min. Fairly close checks were 
obtained between furnace heating and oil-bath heating for 1 hour. 

The temperature distribution over the specimen length was as 
follows: at nominal 260°C., from 256° to 259°C.; at nominal 204°C., 
from 200° to 204°C. No temperature gradient was observable in 
the oil bath. The variation of temperature with time was +0.5°C. at 
both temperatures. 

For each condition and time one specimen was annealed and tested 
and the variation in the different properties was observed. Check tests 
were then run for points where critical changes occurred in the various 
properties. In this way check specimens were not annealed at the same 
time and were not subjected to the same series of possible furnace fluctua- 
tions. After annealing, all specimens were given a short pickling treat- 
ment in 10 per cent H2SO.. 

To detect changes due to annealing, measurements were made of 
conductivity, tensile strength, elongation and Rockwell hardness. These 
results were correlated with microscopic observations. 

Since conductivity values seem to be extremely sensitive to slight 
inhomogeneities in a metal, extreme care was taken with these measure- 
ments. As changes in conductivity rather than absolute values were 
important here, a system was used that was considerably more sensitive 
to changes than the ordinary Hoopes conductivity bridge. This appara- 
tus was essentially an application of the voltage-drop method of resist- 
ance measurement. 

Several specimens were placed in series with each other and with a 
standard specimen, so that the same current passed through each of them. 
Potential contacts were made across a 16-in. length of each specimen by 
means of stationary copper knife-edges. The chief error in such a 
method is in the determination of length. ‘To prevent errors in length 
due to bending of the specimens, square-cut grooves were milled into a 
Bakelite slab so that the specimens would just fit with the application 
of a slight pressure. The knife-edges made contact with the specimens 
at the bottoms of these grooves. The potential drop across the 16-in. 
length of a specimen was measured by means of a Leeds and Northrup 
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potentiometer with a sensitivity of 0.001 mv. and a full-scale reading of 
15 mv. Relative resistance values were obtained by comparing directly 
the potentiometer readings across a given specimen and across the stand- 
ard specimen. Working near the full-scale potentiometer reading and 
replacing a given specimen always in the same position, it was possible 
on removing and reinserting specimens to obtain check values within 
+0.02 per cent. All values were checked in such a manner. 

By inserting specimens in the same position in the apparatus both 
before and after annealing, the same error from the nominal length 
of 16 in. was made at each time and changes in relative resistance of 
0.02 per cent of the initial value could be observed. Errors of about 0.1 
per cent could be caused by room-temperature fluctuations. Therefore 
all resistance readings were made at 0°C. after the system had been 
allowed to reach an equilibrium value. As weight losses due to annealing 
and pickling were always less than 0.02 per cent, no correction was made 
for this factor. 

During annealing, changes in density of the metal may occur. No 
attempt has been made to measure these changes. However, from avail- 
able data it can readily be shown that this would have only a small effect 
upon conductivity values in the experiments described. Thus relative 
conductivities could be determined directly from the resistance values. 
Results are shown graphically as the ratio of annealed conductivity to 
initial conductivity. 

For the microscopic studies, samples were chosen from the center 
and ends of each specimen. In order to facilitate the differentiation 
between the original grains and the new ones, all samples were polished 
as nearly as possible in a plane parallel to and containing the wire axis. 
In this way distortion in shape of the grains due to working could be used 
for the identification, in addition to size and the presence of deformation 
lines in the grains. 

From each wire there were thus left two sections of about 8 in. in 
length, upon which tensile strength and elongation determinations were 
made. Where these checked closely, an average value was plotted. 
However, in some instances, especially just after new grains could be 
observed under the microscope, at which time the material was in a non- 
homogeneous condition, considerable differences were observed between 
the two sections. For these cases both observed values were plotted. 
Rockwell hardness and elongation values were not included in the report 
because neither indicated any changes that were not clearly shown by the 
tensile-strength data. 


Discussion oF RESULTS 


As can readily be seen from the curves (Figs. 1 to 6), during the initial 
stage of heating the conductivity rises sharply to a region of fairly 
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Fig. 1.—EFFrEcT OF ANNEALING TIME AT 204° AnD 260°C. ON CONDUCTIVITY AND 
TENSILE STRENGTH OF 70-30 BRASS STRETCHED TO 11 PER CENT REDUCTION IN CROSS 
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constant value. During this same stage, in general a slight rise in tensile 
properties is to be seen occurring simultaneously with the conductivity 
change. Under the microscope at 1000 diameters no trace of new grains 
can be found in this time range. Apparently this is a region of pure 
recovery, though possibly nucleation has already occurred at some points. 
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Fia. 3.—EFFEcT OF ANNEALING TIMB AT 204° AND 260°C. ON CONDUCTIVITY AND 
TENSILE STRENGTH OF 70-30 BRASS DRAWN TO 21 PER CENT REDUCTION IN CROSS 
SECTION. 


At the time at which new grains can first be seen, a second rapid rise 
in conductivity begins simultaneously with rapid changes in mechanical 
properties. The close relation between the first microscopic evidence of 
recrystallization and that given by the sudden changes in conductivity 
and tensile strength is clearly indicated in Table 1. The electrical and 
mechanical properties continue to change for a period during which 
increasing amounts of new grains can be observed. At the same time all 
indications of deformation lines in the old material gradually fade out. 
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Fig. 4.—EFFECT OF ANNEALING TIME AT 204° anp 260°C. ON CONDUCTIVITY AND 
TENSILE STRENGTH OF 70-30 BRASS DRAWN TO 387 PER CENT REDUCTION IN CROSS 
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Finally, both conductivity and mechanical properties level off at the same 
time to approximately constant values. At this stage, however, recrys- 
tallization is not complete as identified by microscopic examination. 
Deformation lines can no Jonger be clearly seen and the entire specimen 
has the appearance of annealed material. However, by an inspection of 
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grain sizes at successive annealing times it can readily be seen (at least in 
the larger initial grain sizes) that at this stage a considerable proportion 
of the material has a grain size relatively larger than the new grains and 
corresponding in size and shape more closely to the old grains than to 
the new. At subsequent times such grains are smaller and fewer in 
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number, become more irregular in outline, and have many reentrant 
regions in the boundary, whereas the new grains appear to have definite 
and regular boundaries. 

It appears evident, therefore, that mechanical and electrical properties 
change simultaneously and probably are controlled by the same internal 
properties, but these changes cannot be attributed solely to the formation 
of new grains, and it appears that some softening occurs in the untrans- 
formed material at the same time that recrystallization is proceeding. 


Electrical Conductivities 


In the time range just before the first new grains are visible, the 
conductivity values are fairly constant, although in some cases, particu- 
larly at low degrees of reduction, a slight drop in conductivity is observed 
in this region. Such drops are most evident in Figs. 1 to 3; e.g., in Fig. 1 
group 1-1 annealed at 260°C. for 5 hr.; in Fig. 3 group 3-2 annealed at 
204°C. for 625 hr.; and group 3-2 annealed at 260°C. for 2144 hr. Careful 
inspection of the curves reveals several other examples. 

If the hypothesis that some softening occurs in the matrix simul- 
taneously with new grain formation and growth is accepted, the number 
of nuclei formed during the early stages must be much greater than that 
required by a constant nucleation rate in order to produce the same 
recrystallized grain size. Such nuclei, being softer than the matrix, are 
discontinuities which, if of the proper size, may have an effect on conduc- 
tivity in the same direction as discontinuities caused by stress concen- 
trations. In the early stage of their existence they should be of the same 
order of size! as that postulated by Mott for electron-wave interference. 
Thus if present in sufficient number they would be expected to cause a 
drop in conductivity. 

It must be remembered, however, that the recovery process may be 
concurrent with the nucleation and that the two stages of recovery 
postulated here may overlap. It would thus be only under favorable 
conditions that the suggested nucleation effect could be observed. Such 
an explanation for this anomaly can be considered only as tentative and 
is being investigated further. 

At the higher degrees of reduction (60 and 84 per cent) a second 
anomaly exists, as in Figs. 5 and 6, just after the main rise in conductivity 
has occurred. After reaching a maximum value, a small drop in con- 
ductivity is observed followed again by a rise to the maximum value. 
To explain this feature it must be remembered that conductivity decreases 
with increasing amounts of grain-boundary material, owing to the stress 
discontinuities existing in the latter. Again, in the alloy under investiga- 
tion, the effect of low degrees of deformation on electrical and mechanical 
properties is fairly small. Thus at the first maximum value we may 
postulate, as indicated by microscopic observation, that along with the 
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new grains a large amount of the matrix still exists but in a consider- 
ably softened condition. Such a postulate is supported by Trillat.'° 
Although the matrix material doubtless retains some slight strain, the 
effect of this on conductivity is small, and the alloy becomes a softened 
material consisting of mixed large and small grains. On further anneal- 
ing, the small new grains grow and perhaps increase in number, so that 
the matrix material is further absorbed and at the same time, owing to 
increasing size of the new grains, the total grain-boundary surface is 
greater. Because of this increase, a decrease in conductivity can be 
expected. As growth continues, a stage is reached at which the total 
grain-boundary surface is less than it was at a somewhat earlier stage, 
owing to impingement and possible coalescence of the new grains as the 
matrix completely disappears. On this basis an increase of the conduc- 
tivity could be expected. Such a process should increase in magnitude 
with increasing grain size, as is seen to be true in groups 5 and 6 (Figs. 5 
and 6). 


Nucleation Points 


While it is very difficult to observe the positions of new grain forma- 
tion after extreme deformation, it is evident that in general nucleation 
first occurs at grain boundaries and twin bands. This is true at least 
for lower deformations as shown in Figs. 7 and 8. 

For higher deformations, however, it is possible that stresses inside 
the grains may be sufficiently high to cause nucleation in the interior 
rather than at the boundary of the grain. Such a process was observed 
in group 5-3 (60 per cent reduction, 0.130-mm. grain size). After only 
1-hr. anneal at 260°C., a rather unusual structure appeared, consisting 
of bands running roughly perpendicular to the wire axis, even at the edge 
of the specimen, whereas the heaviest deformation lines existing in the 
as-worked sample seem to be in the general direction of the wire axis. 
In the as-worked sample only very faint traces of such a cross structure 
could be detected, the sample on the whole showing no such phenomenon 
(Fig. 9). After the 144-hr. anneal, on the other hand, the banded struc- 
ture as seen in Fig. 10 existed throughout the sample, the bands having an 
appreciable width, whereas before annealing only a few very fine lines 
could be seen. At a magnification of 1000 diameters, the bands in one 
or two regions were seen to actually contain new grains, although no 
grain-boundary nucleation was observed (Fig. 11). A similar banded 
structure was developed in some grains along the direction of the main 
deformation lines. After longer annealing, the bands were much less 
numerous but most of those that still existed were observed to contain 
new grains (Fig. 12); the few bands that did not exhibit new grains were 
much less clear than previously, as were also the main deformation lines. 
A similar structure was observed in groups 5-2, 4-3 and 4-2. 
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Grain-boundary nucleation also occurred but did not appear until 
the cross-band nucleation was well developed. 

The banded structure observed requires further consideration. In 
wire-drawing of a face-centered cubic lattice a preferred orientation is 
produced with a <111> direction parallel to the wire axis. Thus a set 
of (111) planes tends to assume a position perpendicular to the wire axis 
and to the plane of polishing in the photographed samples. In rolled 
material, deformation lines exist in a direction roughly perpendicular to 
the rolling direction and such lines might also be expected here, since 
the slip planes are (111) planes. As already indicated, however, these 


Fie, 7. HIG: 8. 

Fie. 7.—Groupr 4-3. INITIAL GRAIN sizE, 0.130 Mm. REDUCTION, 37 PER CENT. 
ANNEALED 25 HOURS AT 260°C. 

Fig. 8.—Grovp 3-3. IniriaL GRAIN sizB, 0.150 mm. ReEpucTION, 21 PER CENT. 
ANNEALED 627 HOURS AT 260°C. 

xX 250. Etched in NH,OH + H2O:2. Original magnification given; reduced 
approximately 14 in reproduction. 

Note: Wire axis is parallel to long sides of photomicrographs. 


lines are not visible in great quantity in the as-worked specimen and 
appear to be made apparent by the annealing process. 

As stated in Elam’s review,‘ hardening on inactive slip planes inclined 
to the active slip planes is greater than on the active system itself. 
Nucleation might therefore be expected on the inclined inactive planes 
before it occurs on the active system. The band systems observed here 
are inclined at a considerable angle to the direction of the main deforma- 
tion lines visible in the as-worked sample. It is suggested therefore 
that the bands are evidence either of the hardening on inactive slip planes 
or of the nucleation resulting from it. 

Since the bands become less numerous with continued annealing 
and those not developing visible grains gradually fade out, it is possible 
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that the bands are not actually nuclei but some pre-nucleation state of 
strain. As heating proceeds recovery may occur, causing the gradual 
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Fic. 9.—Grovp 5-3. 
AS DRAWN. 


Fic. 10.—Grovp 5-3. Inirtau GRAIN s1zB, 0.130 MM. Repuction, 60 PER CEN’. 
ANNEALED 14 HOUR AT 260°C. 


Fie. 11.—Grovr 5-3, In1rtau GRAIN sizB, 0.130 mM. ReEpvuctioNn, 60 PER CENT. 
ANNEALED 4 Hour At 260 °C. 


Fic. 12.—Grovr 5-3. In1r1au GRAIN siz, 0.130 mM. REDUCTION, 60 PER CENT. 
ANNEALED 1 HOUR aT 260°C. 


Figs. 9 and 10, X 250; Figs. 11 and 12, x 1000. Etched in NH.OH + H.O.,, 
Original magnification given. Reduced approximately 14 in reproduction. 
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disappearance of some of the bands at the same time that the deformation 
lines fade out. If this does not occur, the conclusion must be drawn 
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that part of the nuclei are reabsorbed. This is untenable from the ther- 
modynamic standpoint unless some straining of the nucleus occurs after 
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INITIAL GRAIN S1ZB, 0.150 mm. REDUCTION, 11 PER CENT. 


Fic. 13.—Grotp 1-3. 
AS STRETCHED. 

Fig. 14.—Grovp 1-38. InirraAL GRAIN sizB, 0.150 mM. RepucTion, 11 PER cENT 
(STRETCHED). ANNEALED 44 HOUR AT 260°C. 
Fie. 15.—Grovp 1-3. Inirrau GRaIn size, 0.150 MM. ReEpuctTion, 11 PER CENT 


(STRETCHED). ANNEALED 5 HOURS AT 260°C. 
Fic. 16.—Grovp 1-3. InrvTIaAt GRAIN sizz, 0.150 MM. ReEpucTION, 11 PER CENT 


(STRETCHED). ANNEALED 125 HouRS at 260°C. 
All X 50. Etched in NH,OH + H.O>. Original magnification given; reduced 


approximately 14 in reproduction. ; Paes: 
Figs. 13 through 17 show grain growth without recrystallization. 


its formation. This might occur by a pinching action on the nucleus, 
as follows: The nucleus exists in a band between two heavily stressed 
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regions. If recovery occurs in these regions, a general lattice readjust- 
ment takes place on both sides of the nucleus. This might readily cause 
shearing stresses in the nucleus, which would transform it into a worked 
small particle. Under these conditions the tendency for large grains to 
absorb smaller ones could cause a disappearance of such a nucleus. 


Grain Growth before Recrystallization 


At low degrees of deformation, growth of the original grains seems 
to occur without any recrystallization. As shown in Figs. 13 to 17 
for group 1-3 (0.150-mm. grain size, 11 per cent reduction), the grain size 
after a few hours anneal at 260°C. is much larger than the original grain 
size. At the same time softening seems to have occurred, as indicated 
by disappearance of the deformation lines. Nowhere in the annealing 
series from 14 hr. to 627 hr. was any nucleation visible even at 1000 diam- 
eters. It is barely possible that nucleation may have occurred in a 
shorter time, but this is most unlikely as in general the time for beginning 
of recrystallization increases with decreasing amounts of cold-work. 
These large grains cannot be associated with the strain-annealing method 
of producing single crystals because in the latter very high temperatures 
are used. It must be remembered that here there is a temperature of 
only 260°C., whereas the original grain size of 0.150 mm. was produced 
by an anneal at 700°C. Because of the slow reaction rates, it is not felt 
that the remarks of Masing’ in relation to the work of Bungardt and 
Osswald can apply here. It is suggested that softening without recrystal- 
lization occurs in some grains, which then grow by absorption of the rest. 

Similar results were observed at 204°C. At both temperatures for 
2740-hr. anneal, both tensile strengths and microscopic data failed to 
conform with the data for other annealing times. Since certain other 
groups also showed discrepancies for the 2740-hr. anneal, it was felt 
necessary to omit these results pending further study. 

A further indication that grain growth can occur before recrystalliza- 
tion was found in group 3-3 (0.150-mm. grain size, 21 per cent reduction). 
As shown in Figs. 18 and 19, a considerable increase in grain size was 
again observed. However, after annealing 627 hr. small new grains were 
visible (Fig. 19), indicating that recrystallization had begun after some 
growth and softening had occurred in the old grains. After annealing 
for 2740 hr. considerable recrystallization had taken place (Fig. 20). 
Fig. 8 is an example from the same series. 

Further work is being carried out on this subject. 


Process of Softening 


From a general survey of the microstructures, it appears evident 
that softening does not occur by recrystallization alone, but by a combina- 
tion of recrystallization and recovery. The softening of old grains can 


S. E. MADDIGAN AND A. I. BLANK 187 


17 


aah. ¥ 


Fig. 17.—Grovp 1-3. IniTrau GRAIN sizh, 0.150 mm. ReEpuction, 11 PER CENT 
(STRETCHED). ANNEALED 627 HOURS at 260°C. 
Fig. 18.—Grovup 3-38. INITIAL GRAIN s1zE, 0.150 mm. 


ANNEALED 125 HouRS AT 260°C. 
Fig. 19.—Grovp 3-3. INITIAL GRAIN siz, 0.150 MM. ReEpuCTION, 21 PER CENT. 


ANNEALED 627 HOURS AT 260°C. 
Fig. 20.—Grovp 3-3. INITIAL GRAIN sizB, 0.150 MM. ReEpucTION, 21 PER CENT. 


ANNEALED 2740 HOURS AT 260°C. 
All X 50. Etched in NH,OH + H2O2. Original magnification given; reduced 


approximately 14 in reproduction. ; p . 
Figs. 18 through 20 show nucleation after grain growth of original grains. 


REDUCTION, 21 PER CENT. 
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be followed progressively. As shown in Figs. 21-23 (group 4-3; 0.130-mm. 
grain size, 37 per cent reduction), softening does not always occur con- 


Fic. 21.—Grovr 4-3. INITIAL GRAIN s1zB, 0.130 mM. 
AS DRAWN. 


Fic. 22.—Grovr 4-3. INITIAL GRAIN s1z8, 0.130 mM. 
ANNEALED 5 HOURS AT 260°C. 

Fig. 23.—Grovp 4-3. INITIAL GRAIN sizB, 0.130 MM. 
ANNEALED 2740 HouRs AT 260°C. 


Fig. 24.—Grovpr 4-3, Inirrau GRAIN s1zB, 0.130 MM. 
ANNEALED 627 HOURS AT 260°C. 


REDUCTION, 37 PER CENT. 
REDUCTION, 37 PER CENT. 
REDUCTION, 37 PER CENT. 


REDUCTION, 37 PER CENT. 


Figs. 21, 22 and 24, x 500; Fig. 23, x 250. Etched in NH,OH + H.Ox. Origi- 
nal magnification given; reduced approximately 14 in reproduction. 


Figs. 21 through 23 show gradual softening in unrecrystallized material. 


tinuously throughout the specimen nor even through a single grain. 
Frequent examples were found where softening as indicated by disappear- 


S. E. MADDIGAN AND A, I. BLANK 189 


ance of deformation lines seemed to be complete in one part of a grain 
before taking place in other parts of the same grain (Fig. 22). In many 
specimens containing twin bands, one band might seem completely soft 
while a neighboring band would show numerous deformation lines. The 
latter, however, is sometimes visible in as-worked samples. The exam- 
ples shown here were for a low degree of deformation. Similar effects 
could have been shown for larger deformations, but were less easily 
photographed because of the broken structure after annealing. The 
further progress of softening is shown in Fig. 23, in which a softened grain 
of the old matrix is seen in a region of recrystallized material. 

It is noticeable that after softening of the matrix has proceeded 
to some extent a change seems to take place in the character of recrystal- 
lization. During the early stages the new grains were reasonably 
equiaxed and seemed to be produced by the accepted nucleation process 
at grain boundaries, twin bands, and the previously mentioned cross 
bands. After softening has proceeded for some time, however, the main 
process seems to be the formation of twin bands, which start as a fine 
needlelike structure parallel to the original deformation lines and grow 
through a period as seen in Fig. 24. A further study of this stage of the 
process is proposed. 


SUMMARY AND CONCLUSIONS 


An investigation has been made of the processes of recovery and 
recrystallization during low-temperature annealing of cold-worked 
70-30 brass. Two annealing temperatures were used, one slightly above, 
and the other slightly below the accepted recrystallization temperature. 
After various annealing times up to 2740 hr., microscopic studies were 
made in addition to tensile-strength measurements and very sensitive 
conductivity measurements. 

The process of softening seems to be divided into two parts: (1) a 
stage of pure recovery preceding any microscopic evidence of recrystal- 
lization; (2) a second stage in which recrystallization can be seen under 
the microscope and softening is probably a combination of recovery 
and recrystallization. The boundary between these stages was fixed at 
almost identical times by all the methods of ve ee i.e., micro- 
scopic, tensile strength, and conductivity. 

Just previous to the second stage, an anomalous drop in conductivity 
sometimes occurs, which may be due to nucleation. A second con- 
ductivity anomaly is also observed, which may be explained by grain 
growth of new crystals in a softened but not completely recrystal- 
lized matrix. 

For lower degrees of reduction, evidence is advanced to show that grain 
growth can occur before recrystallization. ‘The temperatures used here 
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are well below those used for strain-annealing and also below those at 
which so called ‘‘abnormal”’ grain sizes are generally observed. 

As was expected from results of previous investigators, the time for 
beginning of recrystallization increases with increasing grain size, decreas- 
ing amounts of cold-work, and decreasing temperature. 
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DISCUSSION 
(L. W. Eastwood presiding) 


G. Sacus,* Cleveland, Ohio.—I wonder if the increase in electrical conductivity 
of the investigated brass on low-temperature anneals is related to the recently dis- 
covered fact that the alpha solid solubility in the system copper-zine decreases with 
the temperature. The effect of such annealing on the conductivity is considerably 
larger than that observed in any other of the solid solution alloys. This apparent 
discrepancy is explained if a precipitation process can occur in this alloy. Have 
experiments been made on the effect of cold-work and of high-temperature anneals, 
which may give some additional information in this respect? 


C. 8. Barrerr,t Pittsburgh, Pa.—Some of the remarks in the paper about short- 
range and long-range stresses are highly speculative, but I should like to point out 
that a number of X-ray diffraction investigators have found the general concept of 
short and long-range distortions to be useful. Long-period disturbances are believed 
to cause a widening of diffraction lines without reducing their intensity, while short- 


* Assistant Professor, Metallurgical Department, Case School of Applied Science. 
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period disturbances—with wave lengths of a few atom diameters—are believed to 
weaken the lines but leave them sharp. The conclusion of a number of investigators 
in the field is that the residual internal energy of cold-worked metal consists of stresses 
of the short-range type and not those of longer range. 

The exact nature of the strain markings that are so well shown in the authors’ 
photomicrographs continues to be uncertain. The fact that they can be made to 
disappear in part of a grain during recovery suggests that they may be deformation 
bands in which the orientation differs slightly from that of the surrounding material, 
and argues against their being deformation twins, whose boundaries would be expected 
to be more permanent. Mr. Levenson and I have observed recently striking examples 
of the stability of twin boundaries during recrystallization of iron. Specimens of 
fine-grained iron that had been elongated slightly were recrystallized to produce 
single crystals. The resulting crystals were found to contain many small included 
crystallites. An analysis of the size and orientation of these proved that they were 
some of the original grains that had not been absorbed by the growing erystal, and 
that they all had the orientation of twins of the growing grain (within a tolerance of a 
few degrees). In other words, boundaries that correspond to the boundaries between 
twins are the most stable during recrystallization. 


S. E. Mappican (author’s reply).—From the informal discussion raised by this 
paper, it appears that the large changes in conductivity produced by cold-working 
of alpha brass have not been generally realized outside of the brass industry. This is 
surprising since as early as 1923 several investigators have reported such changes.!° 

In Table 2 our maximum conductivity changes are compared with those produced 
by a normal 1-hr. anneal at 1390°F. as measured with a Hoope’s conductivity bridge. 


TaBLE 2.—Aatio of Annealed and Drawn Conductivity 


Tensile St th Conduetivit; ‘ Maximum Change 
Group Drown, Lb. per Drawn, Per Cent, Shor ee cenent in yee ie 
2-1 72,200 21.2 1.0384 1.040 
2-2 65,500 27.6 1.019 1.019 
2-3 59,100 28.0 1.010 1.010 
3-1 79,700 26.4 1.068 Ovo 
3-2 71,900 PTE AW) 1.044 1.054 
3-3 66,200 27.4 1.028 1.026 
4-1 89,300 25.6 1.1038 1.102 
4-2 84,300 26.0 1.083 1.087 
4-3 83,100 26.3 1.073 1.068 
5-1 107,500 24.3 1.160 alaive 
5-2 106,200 PL 1.141 1.159 
5-3 102,700 24.9 1.136 1.139 
6-1 126,800 23.2 1.212 1.222 
6-2 121,800 23.6 1.197 1.221 
6-3 124,000 23.3 1.210 1.222 


ee ni — Oa 


1€ Guillet and Ballay: Compt. rend. (1923) 176, 1800. 
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It is readily seen that the total changes reported by us are closely checked by those 
of the short-time anneal; these values agree with results obtained in ordinary mill 
practice. Also included in the table are the tensile strengths in the as-drawn condi- 
tion, which were omitted previously. 

The suggestion made by Professor Sachs is worthy of careful consideration. It 
would seem probable, however, that any precipitation of beta phase would be greatly 
different for long anneals at low temperatures than for short anneals at high tempera- 
tures. However, from Table 2, the total changes are seen to be almost identical. 
This would seen to minimize the probability of such a reaction. 

Dr. F. C. Frary has suggested an approach from the opposite side of the phase 
equilibrium diagram; i.e., the possible existence of an ordered structure with the 
atomic composition 75 per cent Cu: 25 per cent Zn. As brought out by Dr. Frary, 
the existence of such a structure could readily explain our conductivity results. At the 
time this paper was presented, a thorough investigation concerning such a structure 
was already under way in thislaboratory. At the present time, however, the complete 
results are still not available. 

The possible existence of such an ordered structure must be admitted, but it 
appears unsafe to offer an explanation based on this hypothesis without more support- 
ing data than at present are available. The variation of conductivity with percentage 
reduction is almost linear, which does not agree with results obtained on ordered 
structures.!7. Furthermore, as shown in the table, the conductivity changes are 
almost identical for anneals at both high temperature and low temperature. This 
would not be expected if an ordered structure were involved. 

For carbonyl nitrogen, a double range of stress patterns was found necessary by 
Muller to explain the lack of congruency in the minimum temperatures at which 
conductivity and magnetic susceptibility changes occurred. Whether such patterns 
are to be discussed under the name of local distortions, as suggested by Dr. Sachs, or 
stress concentrations is mainly a matter of terminology, since the former require 
the existence of the latter. As Dr. Barrett has indicated, such a concept of double- 
range distortions has also been found useful by X-ray investigators. Therefore 
we have considered it advisable to use such an explanation for our results, at least 
until more definite evidence has been obtained for the existence of a superlattice. 

We agree with Dr. Barrett that the strain markings may be deformation bands. 
Such bands and their disappearance by recovery agree with a new theory of strain- 
hardening developed by Prof. C. H. Mathewson. * 


Rk. F. Ment, discussion on page 168. 


QO, Dahl: Ztsch. Metallkunde (28, 133-136). 
* Private communication. 


Correlation of Deformation and Recrystallization Textures 
of Rolled 70-30 Brass 


By R. M. Bricx,* Junior Memper A.I.M.E. 


(New York Meeting, February, 1940) 


Tuer etched microstructures of cold-worked alpha brasses, after reduc- 
tions in excess of about 20 per cent, exhibit dark lines or markings, which 
have been termed “deformation bands,” ‘etch bands,” and “strain 
markings.” ‘The terms will be used synonymously in this report. The 
markings are similar in their general appearance to etch figures found in 
cold-worked iron, aluminum and other cubic metals but in certain respects 
may differ noticeably. At reductions of from about 20 to 50 per cent in 
brass, they appear as straight dark lines of irregular spacing and at 
_ random directions in different grains, but apparently intimately associated 
with definite crystallographic planes, usually {111}, in each crystal. At 
higher reductions, the markings on the rolling plane tend to appear in a 
direction transverse to the rolling direction in all crystals but may bend 
away at considerable angles, particularly near grain boundaries. 

Samans,! on the basis of X-ray and micrographic studies of two single 
crystals of brass, rolled to a 50 per cent reduction, showed that the lines of 
deformation were the edges of thin mechanical twins parallel to octahedral 
planes. Barrett and Levenson?‘ have made comprehensive studies of 
the deformation of iron and of aluminum. They show that in these two 
metals the deformation markings originate by division of the original 
homogeneous crystal into banded areas differing in orientation by an 
amount that increases with the degree of deformation. The markings 
thus cannot be twin bands, and Barrett, in a review of this subject,” 
attributed Samans’ results on brass to an accidental choice of deformation 
that left the bands in approximately a twinned relationship. On the 
other hand, Mathewson® has suggested that in some cases mechanical 
twinning offers a better rationalization of the coverage of some (111) pole 
figures of worked brass than the assumption of band rotation into sym- 
metry positions. 

Considering next a deformed and annealed alpha brass, the most 
striking aspect of its microstructure is the multiplicity of twin bands. 


Manuscript received at the office of the Institute Oct. 10, 1939. Issued as T.P. 
1144 in Merats Tecunouoey, January 1940. 
* Instructor in Metallurgy, Hammond Laboratory, Yale University, New Haven, 
Conn. 
1 References are at the end of the paper. 
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While their nature and orientation relationships are well known, their 
origin remains obscure. In discussing twinning in general, Mathewson® 
reproduced photomicrographs made by A. J. Phillips, which showed that 
during recrystallization of an alpha brass narrow parallel deformation 
bands merged to form annealing twin bands of ordinary appearance. On 
this evidence, he suggested that the deformation lines must be mechanical 
twins and the annealing twins were simply the result of growth of recrys- 
tallization nuclei in the markings. According to this view the recrystal- 
lized grains should possess the orientations of the original crystal or its 
four possible twins. 

Confusion resulting from numerous researches and theories in this 
field, as cited by Barrett, have been considerably clarified by recent work 
of Barrett and Levenson, but it may be questioned whether their results 
on iron and aluminum necessarily apply to alpha brass. Without 
attempting to define the individual steps involved in the origin of non- 
effaceable strain markings and annealing twins, it appeared possible that 
a complete pole-figure study of cold-rolled brass and of annealed brass 
should tend to substantiate or to disprove the suggestions previously 
cited. The octahedral pole figure of cold-rolled brass might indicate 
whether Mathewson’s suggestion in support of the twinning relation is 
tenable, or, to the contrary, that here the banding is of the type found by 
Barrett in iron and aluminum. A study of the subsequent recrystalliza- 
tion texture might be expected to clarify the relation between the 
deformed lattice and the twinned recrystallized structure. In this case, 
a comparison standard is available in aluminum, which generally exhibits 
the same type of deformation texture as brass but does not form twins on 
annealing, and also normally exhibits a different recrystallization texture.? 


MetTHops 


The brass used in this work was a high-grade 70-30 Cu-Zn alloy with 
low lead, iron and other impurity content. It was available in the form 
of 44-in. mill-wrought plate, cast and homogenized polycrystalline ingot 
and single-crystal rod. The aluminum was available as 99.95 per cent Al 
metal in the form of wrought strip. 

Specimens, usually about 114 in. square, were rolled to final thickness 
according to the rolling and annealing schedules of Table 1. The reduc- 
tions were accomplished in several passes through laboratory power rolls; 
two-high polished rolls of 37g in. diameter. For all annealing treatments, 
the specimens were tightly wrapped in brass foil, to minimize surface 
dezincification. All anneals were for 30-min. periods in electrically 
heated and controlled muffles. 

Where the final gauge was 0.010 in. or less, small specimens were 
etched in 50:50 HNO;:H,0 to a thickness of about 0.002 in. for the sub- 
sequent X-ray analysis. Thicker specimens were alternately etched as 
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above and ground, on both sides, on grade 0 emery paper with the final 
treatment an etch. 

X-ray transmission photograms were taken with unfiltered Cu K 
radiation, using a simple box camera with a specimen to film distance of 
15mm. Thespecimen was mounted on a goniometer and eight exposures 
were taken at different angular settings of from 0 to 80°, rotating from 
the normal on the transverse and on the longitudinal axes. Most of the 
exposures were taken with a l-mm. pinhole system, although some were 
made with a }4-mm. pinhole. The latter photograms gave sharper 
diffraction lines but intensity maxima could be no more accurately deter- 
mined and the considerably longer exposure times led to use of the 
larger beam. 

Readings of the positions of intensity maxima on the {111} and {002} 
diffraction rings were transcribed on octahedral and cubic pole-figure nets 
in the manner described by Barrett.® Since the 0.002-in. gauge specimens 
were not ground to a wedge-shaped edge, the intensity and sharpness of 
the diffracted beam varied with the angle between the beam and the 
specimen. This is perhaps the source of the largest error in the construc- 
tion of the pole figures, particularly with absorption of the diffracted 
beam at settings of about 45° from the normal. Other errors entered in 
the original setting of the specimen with the rolling direction and rolling 
plane at perhaps from 2° to 4° from the desired position. Four degrees of 
intensity are shown on most pole figures. These represent relative 
densities for that specific specimen but similarly marked areas on different 
figures do not necessarily have identical densities. 


DEFORMATION TEXTURES 


Fig. 1 shows the octahedral and cubic pole figures obtained for 70-30 
brass subjected to a reduction of 99 per cent (specimen No. 1, Table 1). 
These are similar to those published by v.Géler and Sachs? for comparable 
material. It is usually termed the stable end texture and may be found 
in many rolled face-centered cubic metals. The positions of octahedral 
and cubic poles in a crystal with a (110) in the rolling plane and a [112] 
in the rolling direction are shown as black triangles and cubes in Fig. 1. 
In the texture, symmetry relations are fulfilled and the mirror images of 
each orientation are present in approximately equal proportions. 

The positions of maximum intensity of (111) poles seem to adhere well 
to the (110) [112] texture. Areas of secondary intensity exhibit a strong 
tendency of the upper and lower peripheral octahedral poles to spread 
toward the transverse direction, a tendency previously shown by v.Géler 
and Sachs. This spread indicates a considerable amount of material with 
a (110) in the rolling plane but with [113] to [117] in the rolling direction, 
a tendency confirmed by the spread of peripheral (111) poles at the 
transverse positions. At the center, the area of secondary intensity 
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forms a rough cross, which includes the kidney-shaped stronger areas. 
These two features of the secondary intensity areas were found in all the 
rolled brass specimens. The most lightly shaded areas and the open 


a b 
Fie. 1.—(a) OcTAHEDRAL, (b) CUBIC, POLE FIGURES OF WROUGHT BRASS ROLLED 99 


CENT. 
Triangles and cubes represent positions of (111) and (001) poles in a (110) [112] 
texture with complementary positions complete. 


Fig. 2. Fia. 3. 
Fic. 2.—OcraHEDRAL POLE FIGURE OF BRASS ALTERNATELY ROLLED 50 PER CENT 
AND ANNEALED AT 650° C, FINAL REDUCTION 50 PER CENT (SPECIMEN No. 7). 
IG. 3.—OCTAHEDRAL POLE FIGURE OF BRASS ROLLED 96 PER CENT, ANNEALED AT 
400° C. AND THEN REDUCED 60 PER CENT BY ROLLING (SPECIMEN No. 16). 


sections of the pole figure seemed to be more variable from specimen to 
specimen although since judgment of relative intensities by eye is more 
difficult in these ranges of low blackening, it might be that observational 
errors caused the variability. At any rate, there was always an area 
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nearly free from octahedral poles in the two side sections of the figure 
along the transverse direction. 

It is certain that at this reduction of slightly over 99 per cent, not all 
crystals, or all parts of all crystals, are oriented in the so-called end posi- 


tion. 


The questions arise: 


1. When does the (110) [112] texture become distinguishable? 


- 


bands within grains or boundary mismatching? 
3. What is the relation of strain markings and mechanical twinning 


to the texture? 


TABLE 1.—Specimens 


A considerable amount of material lies well away from the areas of 
densest packing of (111) poles. 


2. Are the deviations from the texture attributable to entire grains, 


Final 


“Ten Original Condition Intermediate Steps uae educe are 
oO. In. eat Fig. 
1 | Wrought 0.500 | Rolled direct 0.004 | 99.2¢ | 1 
2 | Wrought 0.500 | 50 per cent reduction, 650°| 0.004 | 98.5 
anneal, rolled 
3 | Wrought 0.500 | Alternate 50 per cent reduc-| 0.004 | 96. 
tions, 650° anneals 
4 | Wrought 0.500 | Alternate 50 per cent reduc-| 0.004 | 92. 
tions, 650° anneals 
5 | Wrought 0.500 | Alternate 50 per cent reduc-| 0.004 | 84. 
tions, 650° anneals 
6 | Wrought 0.500 | Alternate 50 per cent reduc-| 0.004 | 70. 
tions, 650° anneals 
7 | Wrought 0.500 | Alternate 50 per cent reduc-| 0.004 | 50. 2 
tions, 650° anneals 
8 | Cast 0.240 | Rolled direct 0.002 | 99.2 |4 
9 | Cast 0.240 | Rolled direct 0.010 | 96.¢ 
10 | Cast 0.022 | Rolled direct 0.002 | 90. 
11 | Cast 0.022 | Rolled direct 0.010 | 54. 
12 | Wrought 0.131 |95 per cent reduction, 650°] 0.002 GUE 
anneal, rolled 
13. | Wrought 0.131 |95 per cent reduction, 400°] 0.002 | 70.¢ 
anneal, rolled 
14 | Cast 0.240 | 75 per cent reduction, 400°| 0.002 | 96.¢ 
anneal, rolled 
15 | Specimen 1 above (99 per cent reduction), 400°} 0.0025 | 75. 
anneal, rolled 
16 | Specimen 9 above (96 per cent reduction), 400°} 0.0015 | 60. 3 
anneal 
17. | Single crystal 0.262 | Rolled direct 0.111 ie a 
18 | Single crystal 0.262 | Rolled direct 0.089 | 85.¢ | 6, 22 
19 | Single crystal 0.262 | Rolled direct OROMS MRIS s 2s sak,- 20 
20 | Single crystal 0.262 | Rolled direct 0.003 | 99.2 | 8, 24 


mt 


« Subsequently annealed at 400° for study of recrystallization texture. 


anneals for 30-min. intervals.) 


(All 
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Additional pole figures were constructed from X-ray photograms of 
other specimens summarized in Table 1. A definite texture was found at 
a final reduction of only 70 per cent, and even at a 50 per cent final 
reduction the texture varied from that found at greater deformations 
chiefly in the presence of (111) poles in the rolling direction (Fig. 2, 
specimen 7). In specimens 6 and 7, the 650° anneal before the final 
reduction gave a coarse-grained structure, which was not completely 
obliterated by the subsequent rolling procedure. The X-ray patterns 
were somewhat spotty and occasionally strong reflections were found 
slightly outside the range shown by the pole figure, indicating that some 
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Fie. 4.—OcTAHEDRAL POLE FIGURE OF CAST BRASS ROLLED 99 PER CENT. 

Solid triangles, (111) poles in a single (110) [112] texture; open triangles, (111) 
poles in a (110) [115] texture. Solid and open circles; hypothetical twins from central 
(111) poles of the corresponding textures. 

Fig. 5.—OcrTaHEDRAL (SOLID) AND CUBIC (DOTTED) POLE FIGURES OF SINGLE- 
CRYSTAL BRASS ROLLED 57 PER CENT. 

ore and hollow triangles represent original orientation of (111) poles in the single 
crystal. 


larger individual crystals or parts of crystals had not yet rotated into the 
preferred position. 

It was possible that the prior reductions and anneals caused the tex- 
ture to be noticeable at a 50 per cent final reduction. Several experi- 
ments were performed to determine the extent of the influence of the 
previous history of the metal. Specimens 12 and 13 received a 95 per cent 
reduction, establishing a moderately strong texture. No. 12 received a 
650° anneal, which resulted in a coarse-grained, apparently randomly 
oriented structure. No. 13 received a 400° anneal and exhibited a very 
fine-grained structure with a pronounced recrystallization texture. Upon 
subsequent rolling to a reduction of 70 per cent, the coarse-grained brass, 
No. 12, showed a fairly well developed (110) [112] texture whereas the 
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fine-grained specimen, No. 13, exhibited a nearly random orientation of 
crystallites. A specimen similar to the latter, No. 14, did show a moder- 
ately strong deformation texture but at a reduction of 96 per cent. 
Specimens 15 and 16 agreed with No. 13 in showing only faint traces of a 
texture after reductions of 75 and 60 per cent, respectively, of fine-grained 
recrystallized specimens. 

The faint (111) texture of specimen 16 is reproduced in Fig. 3. There 
is a tendency for (111) poles to assemble in a broad band distributed 
around the rolling direction; also in areas in the rolling direction tilted 


Fic. 6. lie. 7. 

Fig. 6.—OcTAHEDRAL (SOLID) AND CUBIC (DOTTED) POLE FIGURES OF SINGLE- 
CRYSTAL BRASS ROLLED 85 PER CENT. 

Triangles and cubes represent positions of (111) and (001) poles in a single (110) 
{117] orientation. 

Fig. 7.—OcTAHEDRAL (SOLID) AND CUBIC (DOTTED) POLE FIGURES OF SINGLE 
CRYSTAL BRASS ROLLED 95 PER CENT. 

Triangles and cubes represent positions of (111) and (001) poles in a single (110) 
117] orientation. 


from the rolling plane. The differences in intensity of reflections in going 
from one region to the other in Fig. 3 are not as marked as in other pole 
figures and merely represent the first slightly discernible change from a 
random to an oriented structure. 

To eliminate the influence of prior deformation, specimens of different 
initial thicknesses were cut from a cast and homogenized ingot. The 
surfaces were etched and smoothed on No. 1 emery paper to remove the 
zone of metal affected by the cutting operation and subsequently rolled 
according to the schedule of Table 1. Fig. 4 shows that after a reduction 
of 99 per cent, cast specimen No. 8 attained a texture comparable to the 
initial wrought brass (Fig. 1). In this case the metal was rolled directly 
to the thickness employed for the X-ray examination and was not etched 
while the material of Fig. 1 had been etched from 0.004 to 0.002 in. 
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Apparently, under the rolling conditions and metal thicknesses employed 
in this work, no surface texture was obtained that differed materially from 
that of the interior. 

The position of one set of (111) poles in a (110) [112] orientation are 
shown in Fig. 4 as solid triangles. The positions of mechanical twins on 
the potentially active planes 35° from the center of the projection are 
shown as solid circles. The configuration of the pole figure with reference 
to possible twin positions shows that material in positions of mechanical 
twins from the (110) [112] texture is not present in appreciable quantities, 
nor is there better evidence of material in twin positions from the (110) 
[113] — [117] textures. 

Specimen 9 from the cast material at a 96 per cent reduction exhibited 
a similar texture, although not quite so well defined. Specimen 10 
received almost as high a deformation, 90 per cent, but showed only traces 
of a texture while No. 11 exhibited nearly single crystal reflections, many 
of which indicated a (110) plane in the rolling plane but a variety of 
crystal directions in the rolling direction. A widely different type of 
reflection pattern was obtained by changing the point of impingement 
of the X-ray beam on the specimen. Both No. 10 and No. 11, of only 
0.022-in. initial thickness, were cut from cast material with grains mostly 
over 14g in. in diameter. Thus the specimens had chiefly one grain, at 
most two grains, extending through the section. 

The fragmentary nature of the above tests led to experimentation on a 
single crystal. A cylindrical slab, 114 in. in diameter and 0.262 in. thick, 
was chosen for rolling and analysis by the methods previously employed. 
The initial crystal orientation relative to the rolling plane and direction is 
shown in Fig. 5 by the solid (111) poles for one hemisphere, open (111) 
poles for the other, together with the pole figure found after a reduction of 
57 per cent (specimen No. 17). The specimen was rotated 180° around 
the rolling direction for each pass to ensure straight flow of the metal. 
No record was made of which side corresponded to the initial orientation 
determination, although subsequently the same hemisphere is projected 
for the pole figure at each stage in the reduction. 

In deriving the single-crystal pole figures, it was necessary to double 
the number of exposures by rotating the specimen in both directions from 
the longitudinal and transverse normals, since it was not possible to 
assume symmetry in the pole figure. Although the data then covered 
the entire spherical projection, only one hemisphere is plotted in normal 
density. When an area of high intensity occurs near the periphery but 
on the other hemisphere, it is here shown by thin lines. It was possible 
simultaneously to project (100) poles on the same figure and cube-plane 
distribution is indicated by the dotted areas. 

The figure suggests that the initial orientation, with a (110) pole about 
14° from the rolling plane and a [100] some 4° from the rolling direction, 


aie 
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has rotated during the 57 per cent reduction to place the (110) about 5° 
from the rolling plane with no appreciable change in direction. 

A further deformation from the 0.111-in. specimen above to 0.039 in., 
a total reduction of 85 per cent, produced very little change in the pole 
figure, except for completion of the rotation of (110) into the rolling plane 
(Fig. 6), for specimen 18. The metal still appears to be nearly a single 
erystal in a (110) [117] orientation with no X-ray evidence of a comple- 
mentary orientation. Upon further rolling to 0.013 in. a total reduction 
of 95 per cent for specimen 19, a slight trace of a complementary orienta- 
tion appeared in the X-ray photograms. Fig. 7 indicates that the orienta- 
tion of the crystal changed very little; the (110) pole has remained in the 


b 
a : 
Fig. 8.—OcTAHEDRAL (a) AND CUBIC (b) POLE FIGURES OF SINGLE-CRYSTAL BRASS 
ROLLED 99 PER CENT. ; 
Triangles and cubes represent positions of (111) and (001) poles in a (110) [113] 
texture with complementary positions present. 


rolling plane and the (100) pole has started to rotate further away from 
the proximity of the rolling direction, to change from a (110) [117] toward 
a (110) [112]. In this condition, the onset of complementary positions 
may be responsible for part of the lengthening of distribution of (111) 
poles along the periphery, or it may chiefly be a result of bending asso- 
ciated with rotation of (100) from the rolling direction. 

The final reduction employed was at 99 per cent, specimen No. 20. 
The separate (111) and (100) pole figures in Fig. 8 show that rolling from 
0.013 in. to 0.003 in. for a final stage in the reduction of 77 per cent has 
partially changed the material from essentially a single (110) [117] 
orientation toward a symmetrical (110) [112] texture. The (110) has 
rotated out of the rolling plane toward the rolling direction by about 
5° to 10°, the actual major direction is nearest [113], strong traces of the 
original (111) pole positions remain and while complementary orientations 
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are practically complete on the periphery, the center of the figure is 
asymmetric. 

At the several stages of reduction, the single-crystal specimens were 
occasionally X-rayed in several places at a critical angle of reflection. In 
all cases, the patterns were identical in appearance but, in accordance with 
Barrett’s results on iron and aluminum, sometimes exhibited rotations 
that usually were less than 5° of arc. The area covered by the beam, a 
circle over 1 mm. in diameter, resulted in the integration of all crystallite 
orientations in that area. 

Microstructures of the rolling plane of all specimens were examined 
and those of the polycrystalline material were found to be similar, in 
regard to the appearance of the etch or deformation markings, to photo- 
micrographs of worked brass previously published. The straight, 
randomly oriented striae found at low reductions gradually assumed a 
general alignment transverse to the rolling direction but often forked and 
displayed elongated cellular shapes with interior ‘‘plateau”’ markings 
visible at a high magnification (Fig. 9). 

The single-crystal specimens afforded a better opportunity for 
establishing a possible correlation of strain markings with orientation 
changes. After a 57 per cent reduction with a slight crystal rotation of 
(110) toward the rolling plane, the specimen showed none of the charac- 
teristic strong, dark etch markings but rather, in general, a fine regular 
pattern, which at low magnifications appeared similar to scratches made 
by 0000 emery paper, and at high magnifications seemed to consist of 
disconnected spots aligned in a nearly transverse direction (Fig. 10). In 
a few places, markings appeared at specific angles in generally straight 
lines (Fig. 11). These were at angles that were readily measured, and 
when checked with the corresponding pole figure, Fig. 5, appeared to be 
parallel to octahedral planes. One of these planes responded to shock 
deformation as shown in Fig. 12, representing the structure near the 
indentation made by an offset tooth in the hacksaw used to cut out 
the specimen. 

At the 85 per cent reduction, with only a very slight additional change 
in the pole figure, the structure was practically unchanged, although in a 


Fic. 9.—PoLyCRYSTALLINE BRASS ROLLED 90 PER CENT. X 2000. 

Fig. 10.—SINGLE-CRYSTAL BRASS ROLLED 57 PER CENT. X 800. 

Fic. 11.—SINGLE-CRYSTAL BRASS ROLLED 57 PER CENT. MARKINGS PARALLEL 
ro (111) PLANES. X 800. 

Fic. 12.—SINGLE-CRYSTAL BRASS ROLLED 57 PER CENT. NEAR SAW CUT EDGE. 


x 800. 
Fic. 13.—SINGLE-CRYSTAL BRASS ROLLED 85 PER CENT. ONSET OF STRONGER 


MARKINGS. X 800. 
Fic. 14.—SINGLE-cRYSTAL BRASS ROLLED 95 PER CENT. NUMEROUS STRONG 
MARKINGS. X 800. : : ‘ fae ; 
All photomicrographs taken on rolling plane with rolling direction vertical, to corre- 
spond with pole figures. All specimens etched with ammonia peroxide. 
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few well separated areas, stronger markings, generally outlining cellular 
spots, began to appear (Fig. 13). 

After a reduction of 95 per cent, the strong, frequently cellular mark- 
ings were found to occur in wide bands parallel to the rolling direction, 
although a greater amount of the material exhibited only the light original 
transverse striae. The intermediate zone showed some markings nearly 
parallel to the rolling direction (Fig. 14). 

A specimen at a reduction of 98 per cent, although not analyzed with 
X-rays, would probably have shown a condition between the (110) [117] 
orientation and the (110) [112] texture. The microstructure exhibited 
a structure similar to that at 95 per cent except that there was consider- 
ably less material in bands showing light markings and more in the 
heavily marked bands. Under crossed, polarized light, the etched micro- 
structure showed etch pits, which during a complete rotation exhibited 
- four points of alternate lighting and extinction, 90° apart. At the junc- 
tion of light and heavily marked bands, a sawtooth structure exhibited 
two periods of alternate lighting and extinction, roughly 180° apart 
=(Fig. 15). 

At a 99 per cent reduction, the entire structure showed predominantly 
the strong dark markings with all cellular outlines practically obliterated 
(Fig. 16). 

RECRYSTALLIZATION TEXTURES 


Specimens of sheet No. 1 (Table 1) were annealed for 30-min. periods 
at 50° temperature intervals from 250° to 750° C. The X-ray photo- 
grams showed that recrystallization was complete at 300° C. but that at 
300° and 350° the intensity maxima of the new texture were less sharply 
defined than after a 400° anneal. The observation would suggest that 
the early stages in growth consisted in the absorption of randomly 
oriented grains by those situated favorably with respect to the recrystal- 
lization texture. Higher temperatures of anneal resulted in further grain 
growth, with the gradual obliteration of the texture, although some traces 
of it were visible even after a 750° treatment. The apparent loss of the 
texture may be chiefly related to the decrease in the number of crystals 
encountered by the beam in a coarse-grained specimen. It is possible 


Fia. 15.—SInGLE-CRYSTAL BRASS ROLLED 98 PER CENT. POLARIZED LIGHT WITH 
PARTLY CROSSED Nicoxts. X 100. 

Fria. 16.—SINGLE-CRYSTAL BRASS ROLLED 99 PER CENT. X 800. | ; 

Fic. 17.—-SINGLE-CRYSTAL BRASS ROLLED 57 PER CENT, ANNEALED aT 400° C. 
NEW CRYSTALS IN STRAIN MARKINGS NEAR FORMER SAWCUT EDGE. X 800. ‘ 

Fic. 18.—SINGLE-CRYSTAL BRASS ROLLED 85 PER CENT, ANNEALED aT 340° C. 


x 800 


Fic. 19.—SINGLE-CRYSTAL BRASS ROLLED 85 PER CENT, ANNEALED AT 340° C, 
800. 
. Fic. 20.—SINGLE-CRYSTAL BRASS ROLLED 95 PER CENT, ANNEALED AT 315° C. 


Ae noiseitrortapls taken on rolling plane with rolling direction vertical to corre- 


spond with pole figures. All specimens etched with ammonia peroxide. 
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that a mechanism for moving the sheet in front of the beam without 
changing its angular relationships would yield evidence of a distinct 
texture. In this work, however, all recrystallization pole figures were 
obtained on material annealed at 400° C. 

The annealing texture shown by specimen No. 1 is reproduced in the 
octahedral and cubic pole figures (Fig. 21). It is quite similar to that 
described by Bass and Glocker.!° Schmid and Boas’ refer to it as a 
(113) [112] texture, although poles placed according to this orientation, 
as in the accompanying pole figures, are several degrees away from the 
center of areas of densest packing. 


Fic. 21.—REcRYSTALLIZATION TEXTURE OF POLYCRYSTALLINE BRASS ROLLED TO A 
99 PER CENT REDUCTION FOLLOWED BY A 400° ANNEAL, 

a. The octahedral pole figure. Solid triangles show (111) poles in a single (113) 
[112] orientation; heavily outlined triangles, positions of (111) poles of hypothetical 
twins from a central (111) pole in a (110) [115] orientation; lightly outlined triangles, 
positions of (111) poles of hypothetical twins from a central (111) pole in a (110) [112] 
orientation. 6. The cubic pole figure. Cubes placed according to a single (113) [112] 
orientation. 

The recrystallization texture shown is the only one obtained on poly- 
crystalline specimens in this work. The degree to which the texture 
develops seems to be related to the strength of the deformation texture 
from which it is derived, although certain exceptions to the rule were 
noted. Specimen No. 9, which had a less well developed deformation 
texture than No. 1, also showed a less well developed annealing texture. 
Specimen No. 13, which after a 95 per cent reduction and 400° anneal had 
a well developed (113) [112] texture and developed only a trace of the 
deformation texture upon a further 70 per cent reduction, subsequently 
exhibited a practically random distribution of new grains when given a 
second 400° recrystallization treatment. The exception was specimen 
No. 12, which showed distinct evidences of a deformation texture after the 
comparable 70 per cent reduction of a coarse-grained aggregate but then 
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developed a random recrystallized structure when subsequently annealed 
at 400° C. 

From the photomicrographs made by A. J. Phillips® and the results 
above, it seems probable that the recrystallization texture is related to both 
the individual deformation markings and the general (110) [112] texture. 
In Fig. 21a, an attempt is made to show the possible correlation. The 
agreement of the (113) [112] texture with twins from the central four (111) 
poles of a (110) [112] deformation structure is unsatisfactory. However, 
if twins from material at the secondary intensity positions of the deforma- 
tion texture showing (110) [113] — [117] are considered, nearly as satis- 
factory an agreement with the actual annealing texture is found as is 
yielded by the empirically chosen (113) [112] poles. The moderate 
intensity areas on the periphery at the transverse axis of the recrystalliza- 
tion texture may be considered as derived directly from the deformation 
- structure with practically no change in orientation. 

For further confirmation of this possible correlation between deforma- 
tion and recrystallization textures, the rolled single-crystal specimens 
studied in the first section were annealed for cumulative 30-min, periods 
according to the schedule in Table 2. 


TaBLE 2.—Annealing of Rolled Single-crystal Specimens 


57 Per Cent 85 Per Cent 95 Per Cent 99 Per Cent 
340° C. 320°C: 295° C. 280° C. 
350 3302 3052 2852 
360 340° 310 290 
3cO? 350° 315° 295° 
380 320 300 
390 825° 305° 
400° 
410 
420 
430° 


« Recrystallization started. 
+’ Photomicrographs 17 through 20. 
¢ Recrystallization completed. 


The table shows the familiar effect of an increasing deformation lower- 
ing the temperature at which recrystallization is initiated and shortening 
the temperature interval required for its completion. The criterion for 
setting the temperatures at which recrystallization started and was com- 
pleted was the X-ray photograms. 

After a 57 per cent reduction, the rolled specimen that showed only 
general, light strain markings recrystallized to a rather coarse-grained 
structure with practically a random distribution of orientations. The 
recrystallization temperature was fairly high for this rather considerable 
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reduction. The structure at an intermediate stage of recrystallization 
generally showed a few relatively large new crystals in the strain-marked 
deformation structure. The new crystals had no obvious relationship 
either to the light strain markings or to the straight lines that appeared to 
be parallel to octahedral poles (Fig. 17; ef. Fig. 12). 

The specimen reduced 85 per cent by rolling which, it will be recalled, 
resulted in only a few heavy deformation markings in the microstructure, 
recrystallized to a coarse-grained structure exhibiting a distinct non- 


RiGee: Fre. 23. 


Fia. 22.—OcTAHEDRAL POLE FIGURE OF SINGLE-CRYSTAL BRASS ROLLED 85 PER 
CENT, ANNEALED AT 400° C. 

Solid triangles, (111) poles in original (110) [117] position. Hollow triangles, 
(111) poles twinned from original central (111) poles. Hollow circles, twins from 
complementary central poles. Dotted triangles and circles, twins from peripheral 
original poles and their complements, respectively. Dotted areas, strong areas of 
deformation pole figure. 

Fig. 23.—OcTAHEDRAL POLE FIGURE OF SINGLE-CRYSTAL BRASS ROLLED 95 PER 
CENT, ANNEALED AT 400° C. 

_ Solid triangles, (111) poles of original (110) [117] deformation texture. Hollow 
triangles, twins on original central (111) poles. Hollow circles, twins on com- 
plementary central poles. Dotted triangles, twins on original peripheral poles. 


Dotted circles, twins on complementary peripheral poles. Crossed circles, twins on 


central poles of a (110) [112] orientation. 


symmetrical texture (Fig. 22). Superimposed on the recrystallization 
pole figures are outlines of the most heavily populated areas of the 
deformation texture. The peripheral (111) poles are similar in each and 
that part of the recrystallization texture seems to be derived unchanged 
from the rolling texture. The central (111) poles are not reproduced with 
a corresponding intensity. One has mostly changed to the three possible 
twin positions with one particularly strong area in the rolling direction. 
Other areas may be partly rationalized on the basis of twinning from the 
peripheral (111) poles and complementary poles of the original (110) [117] 
orientation. Although the latter were too weak to show up in the X-ray 


— 


R. M. BRICK 209 


photograms of the as-rolled sheet, they must have been present to con- 
tribute to the new texture. The correlation of twin positions with the 
actual pole figure shows deviations that are partly explicable on the basis 
that poles of hypothetical twins have been plotted from a perfect (110) 
[117] orientation while the original 
rolled sheet showed noticeable 
deviations from this ideal. 

The microstructure of the 85 
per cent reduction specimen at an 
intermediate stage of recrystal- 
lization corroborates the X-ray 
pole-figure evidence in a general 
way. Fig. 18 reproduces one of 
the coarse, heavily twinned new 
grains in the lightly strain-marked 
structure. The directions in- 
dicated by the edges of the twin 
markings in Fig. 18 correspond 
generally to the original octa- 
hedral planes. No residual Fie. 24.—OcTAHEDRAL POLE FIGURE OF 
‘“‘heavy”’ strain markings were Pe culne i 400° pees elas 


found at this stage of annealing. Nee nels (111) poles of - G10) 
: : 5 original deformation texture. ollow 
Fig. 19 shows a large grain with triangles, twins on central (111) poles. 


no twins, and it may be surmised Ddtied peacoat twins aS (111) 
; é : poles and complements. Circles, twins on 
that its orientation approaches  ¢entral poles of a (110) [112] orientation. 


that of the original rolled crystal, 
since one edge of the grain is slightly in relief while the other is scarcely 
discernible. 

After a 95 per cent reduction, the original single crystal that exhibited 
both light and heavy strain markings recrystallized to form a coarse- 
grained structure with a strong, nonsymmetrical texture (Fig. 23). 
Again, the original peripheral (111) areas are reproduced with a relatively 
high intensity; the central (111) areas, with moderate intensity. The six 
twins from the center (111) poles are found and those close to the rolling 
direction are of high intensity. The complementary central (111) poles, 
which were very weak in the rolled texture, apparently have equal influ- 
ence in the formation of the twinned recrystallization texture. Twins 
from the peripheral (111) poles again apparently contribute the strong 
coverages near the center of the transverse axis. In this 95 per cent 
reduction pole figure, additional heavily populated areas appear for the 
first time in sections that correspond to twinning from the central (111) 
poles at a (110) [112] orientation nearest the original (110) [117] position. 
No twins from the complement of this (110) [112] orientation appeared in 
the pole figure. 
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The microstructure of the partially recrystallized 95 per cent reduction 
specimen showed banded areas in which recrystallization was barely 
initiated and the structure was predominantly light strain markings 
(Fig. 20). In other sections, presumably where heavy strain markings 
formerly existed, a fine-grained structure formed throughout a band 
roughly parallel to the rolling direction. 

The specimen rolled to a 99 per cent reduction exhibited a recrystal- 
lization pole figure (Fig. 24) related to the deformation texture in much 
the same way as at the two lower reductions. The rolled texture appears 
strongly at the periphery, less strongly in the center and twins from resid- 
ual (111) poles at the (110) [117] positions as well as from those placed 
according to a (110) [112] texture appear to contribute to the recrystalliza- 
tion structure. The texture that appeared to be symmetrical in some of 
the photograms is strong but nonsymmetric and does not conform to the 
usual (112) [113] recrystallization figure. Although the pole positions 
shown by twinning are not in very good accord with the actual figure, it 
should be recalled that the original texture was far from an exact (110) 
[112] orientation. 

The present work on aluminum corroborated the deformation textures 
shown by Vargha and Wasserman.!! The metal was rolled to 0.002-in. 
foil and X-rayed directly. The pole figures are not reproduced here but 
exhibited a combination of a (110) [112] and a (001) [110] texture, the 
latter being a surface texture, according to Vargha and Wasserman. The 
X-ray photograms of the aluminum exhibited considerably stronger 
asterism than any of the brass specimens. Is it possible that this is 
related to the absence of twinning in aluminum? At any rate, the 
recrystallization photograms did not develop the (112) [113] texture of 
brass but showed a weak texture similar to that of the cold-rolled foil. 


SUMMARY 


1. The (110) [112] texture seems to be the most stable preferred 
orientation for rolled polycrystalline 70-30 brass, although a considerable 
part of the metal shows deviations in the form of a spread, [113] to [117] 
in the rolling direction even at reductions of 99 per cent. 

2. The reduction at which the texture becomes readily distinguishable 
is greatly influenced by the prior grain size of the material. A coarse- 
grained brass shows strong indications of a texture at a 50 per cent reduc- 
tion while a very fine-grained brass may require a reduction of 90 per cent 
to give an equal degree of preferment. 

3. The texture appears to develop by rotation of a (110) into the 
rolling plane with a-later and usually incomplete rotation of [112] into the 
rolling direction. A single crystal with a single orientation of (110) [117] 
at a 57 per cent reduction was rolled to 95 per cent without changing its 
orientation and with only traces of the complementary positions appear- 
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ing in the deformation X-ray photograms. At a 99 per cent reduction, it 
partly shifted to a (110) [113] texture showing full complementary 
development at peripheral poles. 

4. The single crystal in the (110) [117] orientation, rolled to an 85 per 
cent reduction, generally exhibited only regular, light transverse mar kings 
and a few others apparently parallel to octahedral poles. From 85 to 
95 per cent reductions, longitudinal bands of heavy, transverse, often 
cellular, markings appeared and increased in quantity while the X-ray 
photograms at the same time showed the first traces of the complementary 
orientation. At the 99 per cent stage of reduction, heavy transverse 
markings appeared throughout the microstructure. 

5. The evidence offered by the general conformation of the poly- 
crystalline, deformation pole figures and by the correlated microstructures 
_ and pole figures of the single crystal do not tend to confirm the theory that 

the strain markings are mechanical twins of the dominant (110) [112] 
texture. The amount of metal actually in the markings is too small to 
greatly influence the pole figure. It seems probable that the banding 
that involves a considerable proportion of the metal must, in accordance 
with Barrett’s results on aluminum and iron, be attributed to the division 
of a crystal into parts of differing orientations. Presumably in the rolled 
single crystal studied here, the strong etch markings accompany the 
origin of a complementary orientation. 

6. The strength of the recrystallization texture appears to be a func- 
tion of the degree of preferment in the original deformed structure. The 
usual empirically chosen description of the annealing pole figure is a 
(112) [113] texture. The actual texture, however, is equally well 
described by twins from the secondary rolled texture, approximately (110) 
[115], and by traces of the original primary texture. 

7. The single-crystal specimens at various stages of reduction gave 
nonsymmetrical textures after recrystallization, which were best explained 
as follows: 

(a) 57 per cent (deformed; (110) [117}—no complements—light mark- 
ings)—practically random recrystallized structure. 

(b) 85 per cent (deformed; (110) [117]fragmentary evidence of 
complements—a few heavy markings)—recrystallized strongly in original 
orientation; twins from original positions and twins from complementary 
positions of nearly equal strength. 

(c) 95 per cent (deformed; (110) [117]traces of complements— 
numerous heavy markings)—recrystallized strongly in original orienta- 
tion; twins from original positions and equally strongly, from their 
complements; twins from the single (110) [112] nearest the original 
orientation, but not its complement. 

(d) 99 per cent (deformed; (110) [113] + (110) [117]|—complements 
nearly complete—heavy markings)—recrystallized strongly in original 
orientations; twins from (111) poles in both of original textures. 
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8. It is believed the evidence indicates that in general the recrystal- 
lization texture is derived from the deformation texture by twinning on 
(111) poles and by new grains in the original (110) [112] orientation. The 
poles most active in the twinning action appear to be those in the central 
part of the pole figure oriented according to the usual polycrystalline 
secondary texture, (110) [115]. The strong presence of annealing twins 
from complementary orientations of the single crystals that were not 
visible in the cold-rolled texture and from the (110) [112] texture in the 
single crystal when only the (110) [117] was noticeable in the rolled state 
indicates the pole-figure method is insensitive to relatively minute 
proportions of metal in the rolled sheet. It is quite possible the strain 
markings are the site of mechanical twins that form the nuclei for sub- 
sequent annealing twins and the correlated recrystallization textures, but 
the evidence must be considered only as suggestive. 
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DISCUSSION 
(L. W. Eastwood presiding) 


G. Sacus,* Cleveland, Ohio.—Were the photomicrographs taken on the same 
specimens that were used for the X-ray investigations? Is it possible to describe 
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the recrystallization structure of brass as consisting of the same fundamental orienta- 
tions as the rolling structure but in different intensities? 


C. 8. Barrerr,* Pittsburgh, Pa.——While I do not share the author’s enthusiasm 
for the twinning theory he is attempting to test here, I should like to suggest a different 
kind of twinning relation that should be considered; that is, a twinning relation 
between different grains of the recrystallized metal. In aluminum after compression 
and recrystallization some of the grains are twins of their neighbors, although none 
seem to be twins of the deformed matrix. Also, in recrystallized iron, Mr. Levenson 
and I have found twin orientations between large crystals and small grains that had 
not been absorbed during recrystallization. 

It is interesting to compare the textures of rolled and of recrystallized brass with 
the textures of brass after compression. I have found the compression texture of 
70-30 brass to have strong [110] and weak [111] components, and to differ from copper, 
in which the [111] texture is absent. This double compression texture of brass was 
not changed by recrystallization. Fig. 4 shows a [111] component in the ‘“compres- 
sion direction,’ normal to the sheet, in agreement with the compression texture. 
An earlier pole figure of Wever’s for rolled brass failed to show this. This component 
seems to be missing after recrystallization (Fig. 21). 


R. M. Brick (author’s reply).—The photomicrographs were taken at an inter- 
mediate stage in the recrystallization process and the X-ray investigation made of 
similar specimens but after recrystallization was complete. The recrystallization 
texture does consist in part of the same fundamental orientations as the rolling 
structure but several marked differences appear (Figs. 4. and 21), which seem to be best 
rationalized on the basis of twinning. 

The author deprecates any appearance of enthusiasm for the twinning theory, 
although it must be admitted that after obtaining the pole figures reproduced in the 
paper and failing to correlate them on the basis of any prior hypothesis, it was rather 
pleasant to find that they might be rationalized by twinning from the secondary 
deformation textures. An alternative and superior explanation would be welcome. 
Application to rolled brass of Dr. Barrett’s method of determining localized orienta- 
tions by etch-pit methods might support his suggestion of a twinning relation between 
different grains. This correlation found in iron and aluminum should not necessarily 
be expected in brass, since the former metals rarely show the internal annealing twins 
that are so abundant, one might say predominant, in worked and annealed brass. 

No explanation occurs to the author for the absence of the weak {111} component 
of the rolling texture in the recrystallization pole figure. It is interesting that Dr. 
Barrett found this weak component present in both deformed and recrystallized 
compression specimens. The absence of the {111} texture in Wever’s pole figure for 
rolled brass might be occasioned by a different relation between roll diameter and 
specimen thickness, with a resultant different compression component during the 


deformation. 


R. F. Meat, discussion on page 168. 
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Tensile Deformation of Critically Oriented Brass Crystals 


By H. L. Burcuorr,* Mempnr A.I.M.E. 
(Chicago Meeting, October 1939) 


DurinG the course of preparation of crystals of alpha brass for an 
investigation of their creep characteristics, a number of critically oriented 
crystals were produced. In each of these specimens, Po, the specimen 
axis, lay near some important crystallographic direction or on or near 
the border of two possible slip systems. Because of the unusual nature 
of their orientations, it was considered of interest to deform these speci- 
mens in simple tension and to study orientation changes and any unusual 
occurrences, different from what would be expected for specimens in 
which only one slip system had distinctly the highest maximum resolved 
shear stress. 

Choice of actual operating slip system in a crystal offering an immedi- 
ate possibility of two slip systems would be expected to be due to chance, 
defect, or some inhomogeneity. Even in an ideally perfect crystal so 
oriented, the natural oscillations of the atoms about their lattice positions 
would give rise to a condition wherein one slip system would be favored 
over the other at the critical shear stress. In the large, nonperfect 
crystals of the present investigation, slip on both systems, but in different 
portions of the specimen, might occasionally be expected. 


DETERMINATION OF ORIENTATION AND OPERATING SLIP SYSTEM 


Orientations of specimens before and after deformation were deter- 
mined by Greninger’s back-reflection Laue method.! 

Klam? has shown that deformation of alpha brass crystals proceeds 
as with crystals of aluminum and of copper; that is, the slip plane is a 
{111} plane and the slip direction is a <110> direction. There are, 
however, four possible slip planes of {111} form and each plane has 
three possible slip directions, so that there is a total of 12 possible slip 
systems in a face-centered cubic lattice. It is evident that the system 
for which the tangential component of shear is maximum will function 
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as the slip system, and this tangential component of shear is given by 
Elam to be: 


IP. 
S = 7 sin X cos d 


where S = resolved shear stress; P, applied load; A, area of cross section 
of specimen; X, angle between {111} and specimen axis ; A, angle between 
<110> and specimen axis. 

It is thus possible to predict the slip plane and direction of slip of any 
crystal whose orientation is known, and Taylor and Elam‘ have shown 
how a stereographic figure can be obtained in which a point P, represent- 


Fia. 1.—STEREOGRAPHIC DIAGRAM FOR PREDICTION OF SLIP-PLANE AND DIRECTION OF 
SLIP FROM KNOWLEDGE OF ORIENTATION OF CRYSTAL.4 

ing the axis of the specimen (cubic crystal), can be put into one of 24 
similar spherical triangles; and that P always falls into the same triangle 
by suitable choice of the <100> axis to rotate into the center. They 
have also shown that if the axis P lies in a particular triangle it will 
deform by slip on one particular plane and in one particular direction, 
and have accordingly developed the diagram shown in Fig. 1, which 
gives the slip plane and slip direction for each triangle. 

This method of analysis was used in the present investigation, so 
that calculation of maximum resolved shear stress for the operating 
slip system was a simple matter in a crystal of known orientation. 


Test MATERIALS AND EXPERIMENTAL WORK 


The crystals were made by the Bridgman method! in the form of rods 
1g in. in diameter and about 9 or 10 in. long, high-grade 70-30 brass being 
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used as raw material, with the finished crystals containing approximately 
71 per cent Cu. In preparation for testing, the specimens were carefully 
machined to a diameter of about 0.450 in. for a gauge length greater than 
6 in., annealed for 16 hr. at 1350°F. to reduce coring, and then cleaned 
or etched in nitric acid solution. Extension of the specimens was accom- 
plished in an Amsler hydraulic testing machine of 20,000 Ib. capacity, 
the 2000-lb. range being used for proper sensitivity, and Templin grips 
being employed to ensure axial loading. 

After test, each specimen was again submitted to X-ray analysis, 
to determine change in orientation due to the deformation experienced 
and also to establish the crystallographic significance of slip markings 
when observed. The theoretical final position of the specimen axis 
(final orientation) was also plotted for comparison with the position 
actually observed, the calculation being made from Schmid and 
Boas’ formula:® 


sin X; = sin Xo! 
where X, = final angle between slip plane {111} and specimen axis, 
Xo = original angle between slip plane {111} and specimen axis, 

I) = original length of specimen = 1, 

l, = final length of specimen = 1 + total elongation. 
Knowing the angle between the slip plane and the final position of the 
specimen axis, and the course of movement of the specimen axis on the 
stereographic projection according to the Taylor and Elam theory, 
the theoretical position is readily plotted. 


TaBLE 1.—Data and Test Results for Critically Oriented Crystals 


Bpeuiman “NOx, catel oats cetovcnimis steele st Vale erclenuavadire em micters Shae Sie 14-2 31-1 12-1 29-1 
BEA Coby ae 0M BR eae bre. Se py tincs Ocs <eito Seton Whit 0 ce 33° 53° 28° 47° 
NO CNRS OSS ARNO aa cotencr tude mieheteire rs tects 43° 5816° 30° 48° 
BU Anrrat cae aicnsccracg SR ape oe nk Pcs ciee Staaste eee ae 0.544 | 0.798 | 0.469 | 0.731 
GOS Abas octet ato EtG? cite ie Sree ana eet ai nie Oe eee 0.731 | 0.522 | 0.866 | 0.669 
BUTI‘ EXiG COR: Aptis vee aie attrnas eel eeviere eee eMC a 0.397 | 0.416 | 0.406 | 0.489 
Critical resolved shear stress, grams per sq. mm...| 1440 1400 1370 1395 
MOtal Cxtensiony. per CON nc ease ca niente te. 7 é 38 13 


The orientation data for this group of specimens are summarized 
in Table 1, which also includes some test results, the peculiarities of the 
orientations being as follows: 

14-2, in which Po lay on the great circle passing through the poles of 
the (011) and (111) planes, giving two slip systems of equal maximum 
resolved shear stress having a common slip plane but different slip 
directions. 


J 
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31-1, in which P» lay very close to the pole of the (011) plane so that 
four slip systems of approximately equal resolved shear stress existed. 

12-1, perhaps the most interesting fundamentally, in which the speci- 
men axis Po coincided, within the limit of error of determination, with the 
pole of the (112) plane, the orientation approached as a final position 
for such face-centered cubic crystals when deformed in simple tension; 
there were two slip systems having maximum resolved stress and double 
or alternate slip was possible. 

29-1, in which Po lay very close to the great circle through the poles 
of the (101) and (001) planes, so that there were two slip systems of 
approximately equal maximum resolved shear stress involving different 
slip planes and slip directions, the action of slip on one system tending to 
reduce resolved stress on the other. 


RESULTS 


Specimen 14-2.—Specimen 14-2 was extended a total of 7 per cent, 
and deformation took place by slip on one system only. Critical resolved 
shear stress was 1440 grams per sq. mm., the load dropping very slightly 
at the initiation of plastic deformation and thereafter rising steadily to a 
maximum resolved shear stress of 1615 grams per sq. mm., based upon 
the original orientation, at the end of the extension. Deformation was 
definitely progressive, as slip markings first appeared in the lower part 
of the 6-in. gauge length and spread upward as extension proceeded. 
Although total elongation was 7 per cent, actual elongation along the 
specimen was distinctly variable, elongations in successive 1-in. intervals 
from bottom to top being 12, 11, 9, 6, 2.5 and 1 per cent, respectively. 
Orientation change was measured by X-ray means, the extension of 
the specimen at the point of incidence of beam being about 10 per cent. 
The movement of the specimen axis is shown in Fig. 2, and is as predicted 
for slip on one system. 

Specimen 31-1.—Specimen 31-1 was also extended 7 per cent, and 
deformation took place by slip on one system only. As for specimen 14-2, 
slip was progressive and not uniform throughout the 6-in. gauge length, 
elongation in successive 1-in. intervals from bottom to top being: 9, 9, 9, 
6, 7 and 2.5 per cent. Resolved shear stress as plastic deformation first 
began was 1400 grams per sq. mm. This decreased to 1325 grams per 
sq. mm. during the first plastic extension and then rose steadily to 
1430 grams per sq. mm. at the end of the extension. Orientation change 
is shown in Fig. 2 for a section elongated 9 per cent, and is as expected 
for slip on one system. 

Specimen 12-1.—Specimen 12-1 was examined after successive exten- 
sions to 1, 5, 15, 30 and 38 per cent total elongation in the original 6-in. 
gauge length. As explained before, the axis of this specimen originally 
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coincided with the pole of the (112) plane within the limit of error of 
determination; that is, within about one degree. 

Critical resolved shear stress was 1370 grams per sq. mm., and a 
definite yield point was observed, being evidenced by a very slight decrease 
in load during the first plastic extension. Load thereafter continually 
increased throughout the tests as extension proceeded and normal 
tensile stress attained a value of 13,000 grams per sq. mm. for 38 per cent 
elongation, at which time extension was stopped for further examination 
of the specimen. When pulled to fracture at a later date, the maximum 
normal tensile attained was 15,000 grams per sq. mm. and elongation 
in 2 in. was 100 per cent. Incidentally, this specimen was not as ductile, 
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Fia. 2. Fig. 3. 

Fia. 2.— DIAGRAM SHOWING ORIENTATION CHANGES FOR SPECIMENS 14-2 AND 13-1. 

Circle shows observed position of specimen axis P, 

Cross shows position calculated for observed extension. 

Fia. 3— DIAGRAM SHOWING POSITIONS OF AXIS OF SPECIMEN 12-1 AFTER 1, 5, 15, 30 
AND 38 PER CENT EXTENSION. ORIGINAL POSITION COINCIDES WITH POLE OF (112) 
PLANE. 

Cross indicates theoretical position of axis for observed extension, assuming move- 
ment on (111) only and in (011) direction. 

Circle indicates observed position of axis for percentage elongation shown. 

Dot indicates theoretical position calculated for movement on one plane only from 
previous observed position. 


evidently because of the original orientation, as a specimen for which 
Py Jay well within the stereographic triangle and which elongated 175 
per cent when pulled to fracture. Elam has also reported elongations as 
high as 168 per cent for brass crystals of the same composition. 

The orientation changes for the various steps are shown in Fig. 3. 
The points, designated by x and lying on the great circle passing through 
Po, or pole of the (112) plane, and the pole of the (011) plane, are the 
calculated positions that should result from slip on the plane (111) in 
the [011] direction for the various increments of extension. Actually 
none of these positions was realized, but it did appear that slip began 
on the (111) plane, as will be explained in more detail. 


—~ 
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For the initial 1 per cent extension the apparent slip plane, as evi- 
denced from slip markings and X-ray analysis, was the (111) plane. 
The calculated and observed positions of P; per cent did not agree very 
well, but the angle between P, per cent and (111) was the same for both, 
and P moved away from the stereographic triangle 
Ga) as would be expected for slip on (111). 
Therefore it would appear that this 1 per cent exten- 
sion took place by slip on the (111) plane. 

For 5 per cent total extension, Ps per cent was 
even closer to the pole of the (112) plane or Py than 
was P; per cent. Even though only the original set 
of slip markings was visible, the extension from 1 to 
5 per cent apparently did not take place by slip on 
- (111), for P; per cent moved in the opposite direc- 
tion, somewhat toward [101], indicating slip on (111). 
Using P; per cent as observed for the starting posi- 
tion of the 1 to 5 per cent movement, and assuming 
slip on (111), Ps; per cent as observed does not 
coincide with the calculated position, but both posi- 
tions give about the same angle between (111) 
and P. 

For 15 per cent total extension, P moved from P; 
per cent toward the pole of the (011) plane, indicat- 
ing slip on (111), and the slip markings corre- 
sponding to this plane were still the ones evident. 
However, the observed position of Pi; per cent was 
considerably short of the position expected from slip 
solely on (111). It would appear, therefore, 


that there was some minor slip upon (111) in Fic. 4.—AppPEaR- 
hi . t ] ANCE OF PORTION OF 
this interval. SPECIMEN 29-1 AFTER 


For 30 per cent total extension, P moved from 18 PER ean 
P15 per cent somewhat toward the pole of the (011) Scie Des ee 
plane, again indicating slip on (111). Here again visible in both upper 
the observed position of Psp per cent was short. of aes oe ania 
the position expected from slip only on (111) for this 
amount of elongation. Some slip therefore was indicated to have taken 
place on (111), and, in fact, a number of slip markings corresponding to 
this latter slip plane appeared during this interval. 

When the specimen was finally stretched from 30 to 38 per cent elonga- 
tion, the axis P moved back from Po per cent toward the pole of the (101) 
plane, indicating slip on (111). As the markings corresponding to this 
plane actually increased greatly in number, and the observed and 
calculated positions of Ps per cent practically coincided, it appeared that 


all the slip in this interval was on the (111) plane. 
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After completion of the tests on this specimen, the second set of slip 
markings was readily visible while the original set was almost obliterated. 
It is to be mentioned that extension or deformation was uniform through- 
out the gauge length at each stage. 

To summarize the work on this specimen, it appeared that the sup- 
posedly stable original orientation was not maintained. Deformation 
began by slip on one of the two planes of maximum resolved shear stress 


OW Wa f00 


O// 
Fic. 5.—PosITIONS OF AXIS OF SPECIMEN 29-1 BEFORE AND AFTER 13 PER CENT 
EXTENSION. 
P» is original position; P; is final position for upper zone; P», final position for 
transition zone; P3, final position for lower zone. 
Circle is observed position; cross, position calculated for observed extension. 


and later proceeded by double or alternate slip on both these planes. 
Non-uniform hardening of these two slip planes was indicated as has been 
found in other work on brass crystals where double or alternate slip was 
possible. During the last stage of the deformation the specimen axis 
again approached the initial orientation. 

Specimen 29-1.—Specimen 29-1, the axis of which lay very close to the 
great circle passing through the poles of the (101) and (001) planes, was 
elongated 13 per cent, and maximum resolved shear stress was 1395 grams 
per sq. mm. as plastic deformation first started. A small but definite 
decrease in load was observed during the first plastic deformation, the 
“upper yield point”’ corresponding to a resolved stress of 1430 grams per 
sq. mm. and the “lower yield point” to 1405 grams persq.mm. Resolved 
stress then increased steadily to 1620 grams per sq. mm. at 13 per 
cent elongation. 
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Deformation occurred quite uniformly throughout the 6-in. gauge 
length, but did not take place by slip on one system only. Rather, slip 
began simultaneously in different parts of the specimen on both systems 
of maximum resolved shear stress, so that three distinct zones resulted. 
The first or central zone slipped on one system while the two adjacent 
zones slipped on the second system. Where these zones merged, transi- 
tion appeared to be effected with the assistance of bend planes. Elonga- 
tion in these transition zones was lower than the average for the specimen, 
actual elongations in successive 1-in. intervals from top to bottom being 
as follows: 11 per cent, 12 per cent, 13 per cent, 14 per cent, 11 per cent 
and 14 per cent. The transition zones occurred in the intervals of 11 
per cent elongation, a greater resistance to slip thus being evident in 
these complex regions. It was noted that some slip bands of the two 
functioning systems definitely overlapped in the transition zones, so that 
a special case of double or alternate slip existed. Fig. 4 shows the 
appearance of the lower transition section and the adjacent portions of 
the specimen. 

Orientations in the lower transition zone and the adjacent regions 
of one-system slip were investigated. Fig. 5 shows the results of the 
X-ray analysis, and it is seen that the two regions of one-system slip 
change orientations as expected and are quite symmetrical with respect 
to the transition zone, which, in spite of obvious deformation, retained 
the original orientation very closely, the axis lying exactly on the great 
circle passing through the pole of the (001) and (101) planes. 


SUMMARY 


The deformation of these four critically oriented crystals in short- 
time tension tests provided a demonstration of the applicability of the 
law of maximum resolved shear stress with deformation possible on differ- 
ent slip systems in adjacent regions of a crystal at the same time. Move- 
ment of the axis of a specimen about its original and supposedly stable 
position, which corresponded to that of the pole of the (112) plane, was 
shown. In addition, each specimen was found to have an ‘‘upper”’ and 
a ‘lower’ yield point in these short-time tests. 
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Recrystallization of Lead 


By Paut A. Becx,* Memper A.I.M.E. 
(Chicago Meeting, October 1939) 


Wuite the recrystallization properties of most of the practically 
important metals are known in considerable detail, those of lead are still 
relatively little known in spite of some valuable contributions in recent — 
years. This condition probably is due to the difficulties involved in 
applying the usual methods of investigation. 

The microscopic method of discriminating between the elongated 
deformed grains of the familiar lenticular shape and the equiaxed recrys- 
tallized grains is not successful with fully refined lead: lenticular grains 
cannot be seen under the microscope with any amount of deformation 
whatever. The probable cause of this phenomenon was recognized long 
ago. With large deformation the time of recrystallization at room tem- 
perature is shorter than the period of preparation of the specimen for 
microscopic examination; with small deformation the deformed grains 
are not noticeably elongated in the first place. However, with small 
deformation the migration of the grain boundaries can be observed. The 
only systematic investigations yet published on the recrystallization of 
lead, those by R. 8. Russell,'~* make use of the conditions just described. 
Russell considered recrystallization completed when no further migration 
of boundaries could be observed. A serious objection to this method 
arises from the fact that there is no evidence to support the view that 
grain-boundary migration results only from recrystallization. If such 
migration does result from other sources after recrystallization is com- 
pleted—after the deformed grains have been replaced by new unde- 
formed grains—the “time of recrystallization”’ as determined by Russell 
may be too long. Furthermore, the method is subject to the above- 
mentioned limitation because of the unavoidable period of preparation 
of the sample. According to Russell, even with the fastest technique 
5 min. elapsed before the deformed samples were ready for examination, 
and consequently no recrystallization time shorter than 5 min. could 
be measured. 

The lack of success in detecting the recrystallization of lead by the 
usual hardness or tensile tests is again caused by the time necessary for 
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the performance of such tests. If the deformation is large enough to 
produce considerable hardening, recrystallization takes place so fast that 
the metal cannot be tested in the cold-worked condition; if the deforma- 
tion is small, the resulting hardening is too small to be detected. 

In order to avoid these difficulties, a different method was used in 
the present investigation. It is well known that the grain size produced 
by recrystallization due to deformation and subsequent annealing depends 
on the degree of deformation. In using a certain constant time and 
temperature of annealing, there will be a more or less definite lower limit 
of deformation, below which no recrystallization takes place and the 
grain size remains unchanged. If the deformation is somewhat higher 
than this critical value (a in Fig. 1), very large new grains result (critical 
recrystallization). Further increase in the deformation yields continu- 

ously decreasing grain sizes. The 
critical deformation, of course, is 
not a constant for the material 
used, since it also depends on the 
time and temperature of annealing. 
Generally, if the temperature of 
annealing is high enough, approxi- 
mately 1 or 2 per cent elongation 
will cause critical recrystallization ; 
viz., the formation of grains up to 
1000 times larger than the original ire 
ones. It is clear, however, that Z 6 Deformation > 

coir: Beene : Fig. 1.—GRAIN SIZE AS FUNCTION OF 
ie tetrue Oly for initially strall> pcronmavioN FOR GIVEN TIME AND TEM- 
free material, or for that which has PERATURE OF ANNEALING. 
been less than critically strained 
previously. If the additional strain of 1 or 2 per cent is applied 
to a material initially deformed to a larger extent (6 in Fig. 1), the addi- 
tional strain will have no visible effect other than decreasing the resulting 
grain size. Thus the application of a slight deformation and of subse- 
quent annealing may be used as a test to determine whether the material 
was deformed or strain-free—i.e., recrystallized—at the moment when 
the slight deformation of the test was applied to it. Since this test 
deformation can be performed very quickly, the method permits measur- 
ing time of recrystallization of less than one minute. 


Grain size— 


Meruop or TESTING 


The method of testing as actually used in the present investigation 
consisted in the application, at adequate intervals, of indentations with 
the aid of a simple 7-in. cut nipper, and in subsequent annealing. Since 
all indentations were made along one edge of the strip to be tested, they 
produced some bending. The strip was slightly elongated near the 
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indented edge, and slightly compressed at the other edge. After anneal- 
ing the surface of the specimens was etched in a mixture of 1 part hydrogen 
peroxide solution (35 per cent), 2 parts glacial acetic acid and 3 parts 
water. Fig. 2 shows the etched surface of a specimen with no critical 
recrystallization; evidently the strip had not yet recrystallized when the 
indentations were made. The specimen of Fig. 3 is another piece of the 
same strip, which, however, was indented only 16 min. after rolling. 


Fia. 2.—ROouuEp SAMPLE, INDENTED BEFORE RECRYSTALLIZATION, THEN ANNEALED 
AND ETCHED. 

Fie. 3.—RoLLED SAMPLE, INDENTED AFTER RECRYSTALLIZATION, THEN ANNEALED 
AND ETCHED. 


The well-developed critical recrystallization shows that the recrystalliza- 
tion was practically complete when the indentations were made. 

With some practice it was found possible to execute the first indenta- 
tions within 5 sec. after the strip left the rolls. Further indentations 
were usually made at 15, 30, 45 sec., 1, 1.5, 2, 2.5, 8, 5 min., and so forth 
at increasing intervals. 

In order to correlate the results obtained by the critical recrystalliza- 
tion method to those obtained by hardness measurements, a check 
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experiment was carried out under conditions that permitted the applica- 
tion of Brinell tests. A bar of cast tellurium lead, containing 0.084 per 
cent Te, was cold-rolled in 10 per cent passes from 0.75 to 0.1 in. Two 
adjacent parts of this strip were used; one for the Brinell tests, the other 
for the critical recrystallization tests. As recrystallization of this lead 
at room temperature is slow, an annealing temperature of 100° C. was 
used. The two specimens were annealed together in an automatically 
controlled electric oven, and removed from the oven at adequate intervals 
for testing. For each test the specimens were removed from the oven 
together, placed on a heavy steel plate, and tested after attaining room 
temperature. After testing they were replaced in the oven together. 
Two impressions were made for each Brinell test, using a 10-mm. ball, 
30 sec. time, and a dead load of 100 kg. Two measurements of diameters 
at right angles were made of each impression, so that four values were 
obtained for each point. Of these the highest and the lowest were 
recorded. After a total annealing period of 5.5 hr., the last Brinell 
impressions and indentations were made, and the indented specimen was 
annealed 1 hr. at 210° C. for critical recrystallization. Table 1 gives the 
Brinell hardness number and the presence or absence of critical recrystal- 
lization after various periods of annealing at 100° C. These data are 


TaBLeE 1.—Critical Recrystallization 


Period of Annealing Brinell Hardness Critical Reerystallization 
Minutes 
0 8.3-8.5 None 
3 8-8.5 None 
10 8-8.5 None 
ire 8-8 .5 None 
25 8 None 
35 7.8-8.3 None 
45 7 .6-8 None 
65 7.2-7.6 Traces 
95 6.9-7.4 Beginning 
Hours 
225 6.4-6.6 Complete 
Dae 6-6.2 Complete 


a 


shown in Fig. 4. The dotted vertical line represents the first appearance 
of complete critical recrystallization, which, as readily seen, coincides 
with the end of the major hardness drop. Thus the check experiment 
confirms that critical recrystallization in the indented samples is indica- 
tive of the practical completion of recrystallization at the time when the 
indentation was made. 

It has been observed, in the course of this work, that the surfaces 
of the specimens were often rough in the neighborhood of the indentations. 
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Closer examination revealed that this roughness depended on the internal 
condition of the material when the indentation was made. As rolled, the 
strips were very smooth, as shown by the uniformly high light reflection 
of the surface. If the indentations were made soon after rolling, while 
the material was still hard, a narrow band of roughness appeared at the 
end of each indentation. In these bands the little hills and valleys were 
close together. Their average ‘‘wave length” and average “amplitude” 
were small. However, indentations made on partially recrystallized 
material caused the formation of much wider bands, in which, super- 
imposed on the fine ‘‘waves”’ described above, larger areas of protrusions 
and recessions were found. When recrystallization was completed these 
formations of longer ‘‘wave length” did not appear, and only the finer 
‘““waves,”’ similar to those formed in completely hard material, were seen. 


Brinell hardness number 
=~) 


Time, hours 


Fic. 4.—BRINELL HARDNESS AS FUNCTION OF PERIOD OF ANNEALING AT 100° C. oF 
ROLLED TELLURIUM LEAD. 


The width of the bands increased continuously from hard to soft material. 
These three characteristic stages are shown in Figs. 5, 6 and 7. 

The phenomena described can be readily interpreted as follows: The 
fine waves are due to orientation difference between the neighboring 
grains, and to the corresponding differences in the slip directions. The 
long waves, found in partially recrystallized material, correspond to . 
adjacent hard and soft areas. It was possible to use the appearance of 
the long waves as an indication that recrystallization is proceeding and 
their more or less gradual disappearance as an approximate indication of 
completed recrystallization, The indications obtained by this method of 
“deformation figures’? usually checked fairly well with the results of the 
more accurate critical recrystallization method, and served as useful 
guides in the appropriate timing of the indentations. 

After the deformation figures indicated that the recrystallization was 
complete, the test was usually continued for some time, and the samples 
were then annealed for 1 hr. at 150° C. This annealing was not neces- 
sary for high-purity lead, where critical recrystallization readily took 
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Fic. 5.—ROLLED SAMPLE, INDENTED BEFORE IT RECRYSTALLIZED. 
Fic. 6.—ROLLED SAMPLE, INDENTED WHEN PARTLY RECRYSTALLIZED. 
Fic. 7—ROLLED SAMPLE, INDENTED AFTER IT RECRYSTALLIZED. 
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place at room temperature and was complete in a few hours. Subse- 
quent annealing at 150° C. did not cause further noticeable change. 

The time of recrystallization of the following leads was investigated: 
high-purity lead, common lead, acid lead, and silver lead. The high- 
purity lead was produced by a special refining procedure at the Central 
Research Laboratory of the American Smelting and Refining Co. Spec- 
trographic and chemical analyses proved it to be at least 99.999 per cent 
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© High-purity lead 

20 9 Common lead (fine grained) 
© Common leadl (large grained) 
18 © Acid lead (fine grained) 

@ Acid lead (large grained) 

16 ¢ Silver lead 
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Fig. 8.—TIMm OF RECRYSTALLIZATION AT 25° C. AS FUNCTION OF DEFORMATION. 


pure. The silver lead was made of this high-purity lead by the addition 


of 0.0084 per cent fine silver. The common lead and acid lead used | 


were produced at the Perth Amboy plant of the American Smelting and 
Refining Co. Their typical analyses are listed in Table 2. 

All of the leads named were melted in an open graphite crucible and 
cast at 400° C. into an iron mold preheated to 100° C. The cast bars, 
measuring 34 by 1 by 8 in., were cold-rolled in 0.04-in. passes down to 
0.354 in., and in 10 per cent passes down to 0.1 in. in thickness. The 
period between passes was 45 to 60 sec. Strips of common lead and of 
acid lead were also prepared by a modified method of rolling, in which the 
10 per cent passes were replaced by a correspondingly smaller number of 
30 per cent passes, so that the same final thickness of the strips was 
secured, The time of recrystallization of the various strips was then 
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TABLE 2.—Typical Analyses 


PERCENTAGES 
ee ee Se 
Goneacuent High-purity Silver Common Acid 
Lead Lead Lead Lead 
(Oils. 43 Sis. cc ee Fea 0.0000 0.0002 0.0004 0.064 
Ag bia ty 0 Bicvetotnee het Rec RIC ee ee eee 0.0000 0.0084 0.0007 0.0007 
TENT on 5 cite Caen eG aee eS e  e 0.0000 0.0000 0.1 0.020 
PQ, o dee nd Ce Ie ie ee ee 0.0001 0.0001 0.0001 0.0001 
TAS a SO Gdns IO ee ar ee 0.0000 0.0000 0.0002 0.0002 
ASE oh OL OET ce arS crt he em eee es 0.0000 0.0000 0.0000 0.0000 
Tels ove oie ea Relea ee 0.0000 0.0000 0.0001 0.0001 


determined in a set of preliminary experiments. The results, together 
with the resulting grain sizes, are given in Table 3. 


TABLE 3.—Results of Cold-rolling 


Specimen Eee ed hae seen reer Cer ae 
Enigh=puriby lead sasa.ce es 6 ete ae ais 10 5 sec. 0.6 
@ounmmonslead sacs. saci ccovkviunt« «5 10 1.5 min. 0.2-0.3 
(Commons ead aay: om & eateet ye aca eos 30 15 sec. 0.1-0.15 
ENGI LA ITE ls Sea str eae ert ieee 10 1-2 min. 0.2 
NGG CED GD Sor seo. acne Cha ene eet Cet neo 30 5 sec. 0.1 
Sulver-lead alloy. . 26h. -<.-n. oe e+t ees 10 30 min. 0.3 


After allowing enough time for complete recrystallization, the strips 
were given a final pass through the rolls, and the time of recrystalliza- 
tion was determined, for the six sets of specimens listed in Table 3, 
as a function of the reduction in the final pass. 


RESULTS AND Discussion OF RESULTS 


Table 4 gives the time of recrystallization at room temperature 
(about 25° C.) as a function of the reduction in one pass for the six 
sets of specimens listed in Table 3. The information given in Table 4 
is presented graphically in Fig. 8. 

As seen from Fig. 8, the time of recrystallization of all leads investi- 
gated increases more than exponentially with decreasing deformation. 
This increase is particularly rapid for silver-lead alloy around 10 per 
cent deformation, and for coarse-grained acid lead at around 13 per 
cent deformation. For both kinds of lead in this region the deformation 
figures failed to give reliable results. According to the deformation 
figures, the recrystallization was complete much faster than indicated 
by the more reliable critical recrystallization method. Apart from this 
discrepancy the two methods checked fairly well. 
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TaBLe 4.—Time of Recrystallization at Room Temperature as Function of 
Reduction in One Pass 


Reduction, Per Cent 


Time of Recrystallization 


Resulting Grain 


By Deformation By Critical Rise onan 
Figures Recrystallization 
HicuH-puriry Leap (Grain Size 0.6 Mm.) 
1.6 5-10 min. 5-10 min. IBS 
2.3 4—6 min. 6-9 min. 2D 
3 3 min. 4-6 min. 20 
3.8 1-2 min. 2 min. 2 
6.4 25-35 sec. 25-35:sec. 0.8 
FINER-GRAINED CoMMON LEAD (GRAIN SizE 0.1 To 0.15 Mm.) 
3 2-4 days 2-4 days 2 
4.3 1-2.5 hr. 5.5 hr. Leb 
5 65 min. 65 min. 0.3 
HED 25-45 min. 45 min. 
6.6 64 min. 30 min. 
leap 13 min. 
8.2 12 min. 12 min. 0.3 
8.5 10 min. 
9 9 min. 9 min. 
10 4 min. 4 min. Ose 
Loh 2 min. 1.5 min. 0.15 
13 1.5 min. 1.25 min. 0.15 
16 30-45 sec. 30 sec. 0.1 
21 15-25 sec. 15 sec. 


LARGER-GRAINED Common Liab (GRAIN SizE 0.2 To 0.3 Mm.) 


4 


5 


5. 


I 


on 


Wan 


4 


nn 


2 days 

18 hr. 

10 hr. 
41-90 min. 
30 min. 
12-20 min. 


5 min, 


4 min. 

4 min. 
3-5 min. 
2 min. 

45 sec. 
45-55 see. 
15-25 sec. 


2-4 days 
18 hr. 

10 hr. 

41 min. 
45 min. 
12 min. 
6 min. 

5 min, 

5 min. 

4 min. 

4 min. 

3 min. 
105 see. 
45 sec. 
30 sec. 
15-25 sec. 
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TaBLE 4.—(Continued) 


FINE-GRAINED (0.05 To 0.1 Mm.) Act Leap 
ee aE SN Pe HN Span OA i at ce le 


cee No Recrystallization neice Ree ate cach 
5.5 1 day 3 days 
Ont 25 min. 40 min. 
8 14 min. 16 min. thr. 
9.9 2 min. 3 min. 3 or 5 min. 
12,7 1.5 min. 2 min. 
15.6 10 see. 20 sec. 40 sec. 
20.5 5 sec. 15 sec. 
30 Less than 5 sec. 
LARGER-GRAINED (0.2 Mm.) Acro Leap 
6.7 12 days ie ? 
8 12 days ? t 
9.9 18 hr. 26 hr. More than 8 days 
10.8 TLS lowe, Obie More than 4 days 
ile 12 min. 15 min. More than 4 days 
Wet 6 min. 8 min. 2) aie 
15.6 30 sec. 1 min. 1.5 min. 
18.6 5 sec. 15 sec. 25 sec. 
20.5 5 sec. 30 sec. 
30 Less than 5 sec. 
SILVER-LEAD (GRAIN Size 0.3 Mm.) 
Time of Recrystallization 
Resulting Grain 
By Deformation By Critical ee 
Figures Recrystallization 
9 3-19 hr. 
10.5 1-1.5 hr. 0.3 
22 60-130 min. 45 min. 0.2 
15 30-60 min. 9-15 min. 0.1 
20.5 2-7 min. 2 min. 


As was to be expected, the fine-grained material recrystallizes faster 
than the large-grained, for both common lead and acid lead. This 
difference is particularly marked with acid lead, in the lower deforma- 
tion region. 

Small amounts of impurities markedly increase the time of recrystalli- 
zation. Of those investigated, silver is undoubtedly the most effective. 
The addition of 0.0084 per cent Ag to high-purity lead increases the time 
of recrystallization several thousand fold. This is in qualitative agree- 
ment with the results of Russell, but differs as far as quantitative com- 
parisons can be made. Russell finds that electrolytic lead with the 
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ANNEALED, ETCHED. 


1° 
wt 


Fic. 10.—Srriep OF SILVER-LEAD ALLOY INDENTED AT VARIOUS INTERVALS AFTER ROLLING, ANNEALED, ETCHED. 


Fic. 9.—STRIP OF HIGH-PURITY LEAD INDENTED AT VARIOUS INTERVALS AFTER ROLLINC 


addition of 0.005 per cent Ag, cold-rolled 10 per cent, recrystallizes at 
125° C. in 21% hr., whereas the critical recrystallization method gives 
approximately the same time of recrystallization at 25° C. for the same 
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cold-rolling on lead containing 0.0084 per cent Ag. If we assume that 
the time of recrystallization increases about twice for a temperature 
decrease of 10° C., the discrepancy between the two values will be in the 
order of three decimal places, even without considering the difference in 
the silver content. For 25 per cent deformation of the same alloy, Russell 
obtains a time of recrystallization at 125° C. of 10 to 30 min., whereas 
the extrapolation of the curve of Fig. 8 gives about 1 min., or less, at 
25° C. This means an even greater discrepancy than the previous one. 

The results for high-purity lead agree much better. Russell’s results 
for electrolytic lead at 11° to 13° C., 2.5 per cent deformation, range from 
30 min. to 2!9 hr. The present work gives about 8 min. for high-purity 
lead, 2.5 per cent deformation, at 25° C. This difference of less than two 
decimal places might well be due to the somewhat higher temperature 
and higher purity of the lead used in the present work. 

Fig. 8 shows that common lead and acid lead recrystallize equally 
fast 1f the deformation is about 15 per cent, or higher. Below that range, 
however, acid lead recrystallizes comparatively much more slowly. 


CONCLUSION 


The time of recrystallization at room temperature of rolled high- 
purity lead, common lead, acid lead, and a silver-lead alloy was deter- 
mined as a function of the deformation. For common lead and acid 
lead, data were obtained for both coarse-grained and fine-grained material. 
The time of recrystallization was measured by the critical recrystallization 
method and by the method of deformation figures. The critical recrystal- 
lization method was shown to be in good agreement with Brinell hardness 
measurements when both methods could be used. 
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DISCUSSION 
(W. L. Fink presiding) 


E. E. Scuumacuer,* New York, N. Y.—The information on recrystallization 
times of the order of a minute or less, so readily determined by Dr. Beck’s method, 
may make possible the explanation of certain anomalous effects that are sometimes 
noted when lead alloys are cold-rolled in successive stages. Obviously, a sample 
that received a second rolling operation before it recrystallized might be expected 
to have quite different ultimate properties than one that had self-annealed before 
the second rolling operation was performed on it. 

Since our main interest with regard to leads and lead alloys is concerned with 
cable sheath, most of our studies at the Bell Telephone Laboratories have been made 
on extruded material. We have also applied Dr. Beck’s procedure to extruded, aged, 
and then rolled samples of pure lead, grade II chemical lead, lead with 0.06 per cent Te, 
lead with 1 per cent Sb and lead with 0.03 per cent Ca. As has been previously 
reported, lead-tellurium recrystallized much more slowly than pure lead. After 
40 per cent reduction by cold-rolling, pure lead recrystallized in less than 5 sec. while 
lead-tellurium required about 6 hr. Even more striking, lead with 0.03 per cent Ca 
has not recrystallized after this degree of deformation in 25 days. 

Some caution must, of course, be exercised in the application of Dr. Beck’s proce- 
dure to the determination of recrystallization rates in alloys. The influence of such 
factors as precipitation and agglomeration must be carefully considered, since obvi- 
ously they must exert profound effect on grain growth, not only directly but also 
indirectly. For example, degree of precipitation and distributional form of the 
precipitated phase in an age-hardenable alloy are themselves affected by deformation. 

It is interesting that in one respect Dr. Beck’s results are at variance with those 
reported by Brinley-Jones.6 The latter states that lead of medium refinement is found 
to be immune from grain growth and to be affected only by strains severe enough to 
cause recrystallization. If this were true, the Beck procedure would be inapplicable 
to samples possessing a uniform medium grain size on recrystallization. Obviously 
all ranges of grain size were developed when the samples used in Dr. Beck’s study 
were allowed to recrystallize and all of these show the critical grain growth when 
treated in the prescribed manner. We ourselves observed the critical grain growth 
even in extruded samples having equiaxed grains over a large range of sizes. 


P. A. Breck (author’s reply).—The several instances of applying the critical 
recrystallization method in Mr. Schumacher’s laboratory are a source of much 
encouragement, particularly since his results seem to be in very good agreement 
with ours. In continuing this work, we have found the method useful also with acid 
lead, antimonial lead, various calcium-magnesium-tin-lead alloys, ete. Many of 
the alloys tested were of the age-hardening type, and some work has been done to 
detect the effect of heat-treatment on the time for complete recrystallization. The 
results indicated that this effect may be exceedingly large. Thus, for instance, a 
rolled calecium-magnesium-tin-lead alloy strip recrystallized within one day at 150°C. 
when the bar was quenched from 300°C. previous to rolling, but when the quenched 
bar was heat-treated to effect nearly maximum age-hardening before it was rolled, 
it did not recrystallize for several months at 150°C. When the material was overaged 
by annealing before rolling, the time of recrystallization was less than 6 hr. at 150°C. 
Apparently it is the state of dispersion of the precipitate before rolling that influences 


* Bell Telephone Laboratories. 
6 Jnl. Inst. Metals (1937). 
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the time of recrystallization. Further work is being done on this problem. The 
critical recrystallization method was consistently in agreement with the results 
obtained by ordinary microscopic technique, whenever both were used. 

The apparent discrepancy between Brinley-Jones’ results and those of the present 
work can be explained as follows. Interpreted in the light of the present work, 
Brinley-Jones showed that for a certain brand of refined lead with large initial grain 
size, the time of recrystallization at room temperature was very long, provided the 
deformation was small. Consequently, the very coarse recrystallized structures 
corresponding to such small deformations were practically never observed. With 
increasing deformation the time of recrystallization became shorter, but the resulting 
recrystallized structure was much finer. Therefore, in this material no amount of 
deformation produced coarse grains at room temperature. With smaller initial grain 
size, the time of recrystallization became shorter and the coarse grains, due to critical 
recrystallization at room temperature, developed within the period of the experiment. 

The present results indicate that other conditions tending to speed up recrystalliza- 
tion, such as high purity and higher temperature, have an effect similar to that of 
smaller initial grain size. Thus high-purity lead, in spite of very large initial grain 
size, showed critical recrystallization at room temperature. Acid lead, or antimonial 
lead that did not critically recrystallize at room temperature within practicable 
periods of time, no matter what the initial grain size, readily showed critical recrystal- 
lization at elevated temperatures. Super-refined lead with an impurity content 
roughly corresponding to that of Brinley-Jones’ material occupies an intermediate 
position. Fine-grained samples stored for several days at room temperature often 
showed critical recrystallization if their previous handling involved a certain small 
amount of straining, whereas large-grained samples were immune from critical 
recrystallization under the same conditions. However, critical recrystallization 
was always achieved (after initial straining) at the elevated temperatures used in the 
present work. 

Finally, I want to stress the importance of Mr. Schumacher’s statement regarding 
the rolling of lead in successive stages. Three different alternatives could be clearly 
distinguished in this process: (1) the material completely recrystallized between 
successive passes in the rolls; (2) partial recrystallization took place between passes; 
(3) practically no recrystallization took place between passes. The first case occurred 
when common lead or acid lead were rolled in 30 per cent passes to produce fine-grained 
material. The second alternative was found to occur when these same brands of 
lead were rolled in 10 per cent passes in order to produce large-grained material. 
The third alternative occurred when rolling calcium-magnesium-tin-lead alloys and 
antimonial leads. It is clear that in the second case the period of time between 
individual passes is an important factor, in so far as it influences the amount of 
deformation remaining in the material at the time of the next pass. 


A Simple Method of Thermal Analysis Permitting Quantitative 
Measurements of Specific and Latent Heats 


By Cyrin STantey Smiru,* Memper A.I.M.E. 
(Chicago Meeting, October 1939) 


Tue method of thermal analysis, so important in the development of 
metallographic science, has of recent years been falling into disuse owing 
to the development of other physical methods which give results easier 
of interpretation and which can be used for the study of either equilibrium 
or transitional conditions because they do not require a continuously 
changing temperature. Nevertheless thermal analysis remains useful 
in the study of reactions that take place rapidly, and the simplicity of 
the experimental technique and the general availability of the apparatus 
involved are points in its favor. 

Theoretically, thermal analysis is capable of giving specific and latent 
heat measurements and therefore should permit the study of reactions 
on a more fundamental basis than any other method. It is, however, 
difficult or impossible to obtain quantitative heat measurements from 
cooling curves obtained in the usual way. Evenif the furnace containing 
the sample is cooled or heated at a linear rate, or if a gradient furnace 
is employed to maintain a constant rate over a large range of tempera- 
ture, the heat flow from or to the specimen depends on its previous his- 
tory, for the difference of temperature between the specimen and its 
surroundings varies. The emissivity of the specimen surface, moreover, 
is unlikely to be constant. The able mathematical analysis by Russell,' 
although it prevents misinterpretation of data, has an effect rather the 
reverse of that intended, and leaves the reader doubtful of the possibility 
of ever obtaining quantitative results from thermal curves. 

Nothing can be done to apply thermal analysis to the study of equilib- 
rium conditions of reactions that are not completed at rates of tempera- 
ture change above about 1° C. per minute, and this unfortunately excludes 
most solid transformations in alloys.| For the determination of liquidus 


Manuscript received at the office of the Institute June 3, 1939. Issued as T.P. 
1100 in Mrrats TecHnoLoay, September 1939. 

* Research Metallurgist, American Brass Co., Waterbury, Conn. 

1 References are at the end of the paper. 

} Thermal analysis can be sometimes used to determine the presence or absence 
of a phase after long annealing to obtain equilibrium, for if the sample is then cooled 
or heated at a convenient rate an arrest will appear if the phase is present at some 
temperature characteristic of the rate of cooling, even though it is far removed from 
the equilibrium temperature. 
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temperatures and peritectic or eutectic horizontals, the ordinary cooling 
curve is often sufficient, because all that is necessary is the temperature 
of inflection, and quantitative heat measurements are meaningless because 
of segregation and the lack of approach to equilibrium. In the rather 
limited field where reactions are fast enough and where quantitative 
heat measurements are desired, the following method will be found 
useful. It is suitable for the determination of heats of reactions that 
occur with reasonable rapidity, and rates of transformation, precipita- 
tion, or ordering on progressive heating or cooling. The method also 
seems to have utility in the determination of specific heats with fair 
accuracy and great ease, employing only apparatus available in every 
metallurgical or physical laboratory. 


PRINCIPLE OF MrrHop 


Briefly, the new method consists in placing the specimen with its 
thermocouple in a refractory container of low thermal conductivity and 
placing this in a furnace the temperature of which is maintained a con- 
stant amount above or below the specimen temperature. This is easily 
managed by opposing the electromotive force of the specimen couple to 
that of a couple at the outside of the container, and feeding the resultant 
electromotive force to an automatic temperature controller of ordinary 
design. Alternatively a differential couple may be used, independent 
of the specimen couple, with one junction inside and another outside 
the container.* In this way a constant temperature gradient is main- 
tained across the container walls and, since the thermal conductivity 
of the refractory remains constant at a given temperature, the heat 
flow through it will be constant, and so the heat received or lost by the 
specimen in a given elapsed time will be constant. Obviously, there- 
fore, the time taken for the specimen to move through a given tempera- 
ture interval will be proportional to the heat absorbed or evolved. 

Actually, the conductivity of any refractory does not remain exactly 
constant as the temperature changes, neither does the electromotive 
force difference of opposed thermocouples remain independent of tem- 


* The differential couple is to be preferred for accurate determinations of specific 
heat. The two-couple method is perhaps simpler to construct and use but it necessi- 
tates a controller of high resistance (at least 300 ohms). The ordinary potentiometer 
controller is of low resistance and will affect the main thermocouple readings appreci- 
ably when it is slightly out of balance during the control cycle. It is, of course, 
important that the controller have a short cycle and that the furnace have as little 
lag as possible. Control of the average temperature within 0.5° C. is desirable but a 
reproducible cycle larger than this is harmless if of short duration. If the controller 
is compensated for cold-junction temperature changes (as are most commercial 
instruments) it is necessary to eliminate this or to place a thermocouple with one 
junction in ice and the other at instrument temperature, connected in series with the 
electromotive force to be controlled. 
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perature, consequently the heat flow varies slightly with temperature. 
However, a given container can be calibrated over a range of tempera- 
tures by use of a mass of known specific heat and will give reproducible 
quantitative results. 

Fig. 1 shows a setup which has proved satisfactory. The specimen 
(0.75-in. diameter, 1.5 in. long) fits closely in a container with walls 
0.375 in. thick, turned on a lathe from a piece of Armstrong ‘Non 
Pareil” insulating brick. This material is said to have a thermal con- 
ductivity of 0.00028 c.g.s. units at 150° C. and 0.00044 at 870° C., the 
maximum temperature at which it should be used. When a tempera- 
ture difference of 60° was maintained, the heat flow through this con- 
tainer varied between 0.92 cal. per second at 200° C. and 1.23 at 600°. 
For higher temperatures a crucible of Armstrong LW20 insulating brick 
(conductivity = 0.0006 to 0.0008 ¢.g.s. units at 540° to 1315° C.) was 
used. Both these materials were found satisfactory but obviously any 
insulating material of suitable refractoriness, mechanical characteristics 
and constancy could be used. The container was given a wash of 
alundum cement to fill surface pores. It was found necessary to dry it 
by heating immediately before use, as it was distinctly hygroscopic. 
The furnace consisted of a thin alundum core, 214 in. in diameter, uni- 
formly wound with Nichrome wire. To obtain a cooling rate sufficiently 
rapid for thermal analysis very little lagging (14 in.) is necessary but a 
furnace for heating curves alone may be well insulated. The container 
is supported on Nichrome spacers to allow free circulation of air around 
and below it. 


Specific Heat MBASUREMENTS 


If it is desired to make quantitative heat measurements it is necessary 
first to calibrate the container by determining its rate of heating when 
empty and then with a sample of known specific heat. Copper is a 
suitable standard, since it undergoes no transformation and its specific 
heat is known fairly accurately over a wide range of temperature.? 

The rate of heat flow through the container is equal to the product of 
its conductivity and a constant depending on its size and shape, multi- 
plied by the temperature difference between its inner and outer surfaces. 
With a given container the first two factors are constant and the tempera- 
ture difference is maintained constant exper'mentally. The resulting 
constant heat flow serves to supply the specific heat of the sample, its 
heat of transformation, if any, and the specific heat of an indeterminate 
part of the container itself; i.e., 


H X At, = AT; X C1W1 + 11W1 + AT; X C,W, [1] 


where fH is the heat flow per unit time; C,, C; and W,, W; are the specific 
heats and masses of the effective part of the container and of the speci- 
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men, respectively; AT is the change of temperature in time A¢; and ZL is 
the latent heat of any transformation that may occur in the temperature 
range of AT. 

If a second sample of heat capacity C.W» is substituted, then (if no 
transformation occurs in either sample so that latent heat may be 
omitted), by the use of the equation for the empty container (H X At, 
= ATEX.G Wa) 


Al _ At, 
C,xW2 AT. AT, [2] 
CiW, At, ni Nts 
AT, AT, 
The figure > is the slope of a time-temperature curve, or the figure 


obtained directly for an inverse rate curve* in the usual way. In the 

equations above, the subscripts 7, 1 and 2 denote respectively this figure 

for the empty container and for the container with specimens 1 and 2. 

The heat capacities of samples are thus directly proportional to the 
At 


values of AT after they have been corrected by subtracting a blank 


reading obtained from a heating or cooling curve of the container alone. 
Because of the shape of the container and the nonuniform temperature 
gradient in it, the correction will be greater on cooling than on heating. 
When latent heats are involved it is necessary to determine H at the 
appropriate temperature, by substituting the experimental times from 
a blank and standard run; i.e., 


CW 
Hf At; = At, 
AT, INU ES 


The latent heat of a transformation causing an arrest at constant tem- 
perature is directly proportional to the duration of it (LW = HAt when 


* Most conveniently this is the time for a temperature change equivalent to an 
electromotive force change of 0.05 mv. with a chromel-alumel thermocouple rather 
than a specific temperature interval. In making the time measurements for an inverse 
rate curve, whether these are to be used for specific heat measurements or ordinary 
thermal analysis, it is desirable to have the galvanometer zero mark directly on the 
face of the clock. The clock (preferably reading in hundredths of a minute instead of 
seconds) is placed alongside the potentiometer at a convenient angle for reading, 
and the light beam reflected down to it by a mirror. This makes it unnecessary to 
change the focus of the eye when passing from the galvanometer index to the clock, 
and readings good to +0.01 min. are readily obtained over prolonged periods with 
little eye fatigue. Entirely automatie devices for plotting inverse rate curves have 
been constructed. A good commercial recording potentiometer will give a time- 
temperature curve, the slope of which can be measured with sufficient accuracy for 
many purposes. 
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AT = 0). If a transformation occurs over a range of temperature, its 
latent heat will appear as apparent specific heat. 

It is obvious that a highly polished surface on the sample would result 
in an appreciable temperature difference between it and the inner walls 
of the container. For this reason it is desirable to roughen the surface 
of the specimen and to coat it with a material of high emissivity unless 
it is to be in actual thermal contact with the container.* If the junction 
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of the inner controlling couple is against the wall of the container, the 
sample will lag but nevertheless will receive the standard heat flow, 
except after an arrest. For this reason the differential couple is to be 
preferred in specific heat measurements. Another disturbing factor les 
in the fact that the temperature gradient within the container walls is not 
linear, since the temperature is changing, and the container correction 
therefore varies with heating rate. These and other effects, however, 


* A saturated solution of copper nitrate dried on the surface of the specimen and 
heated to 300° C. provides a good black on copper alloys except in reducing atmos- 
pheres. Commercial heat-radiating paints are available and probably would 


be satisfactory. 
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are small and are largely eliminated if the standard sample has a size, 
heat capacity and emissivity of the same order of magnitude as the 


other samples to be tested. 


Fig. 3 shows the specific heat of beta brass obtained from a heating 


curve. 
“ine by weight. 


The sample weighed 86.6 grams and contained 48.10 per cent 
With the container described above and a temperature 


difference of 60° C. (controlled with a differential couple) the assembly 
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heated at a rate of about 4° C. per 
minute at the beginning, decreasing 
to 2.5°C. per minute where the heat 
absorption was greatest. Although 
t and At were recorded every 0.05 
mv., the points plotted are based 
on the time to pass the entire dis- 
tance between them. This repre- 
sents 0.5 mv. (about 12° C.), except 
in the range 440° to 480° C., where 
AT = 0.1 or 0.05 mv. The per- 
centage accuracy naturally de- 
creases with smaller intervals. For 
comparison, a few points are shown 
in Fig. 3 read from the curve for a 
sample with 49.70 per cent zine 
given by Sykes and Wilkinson.’ 
The agreement is remarkably good 
in view of the simplicity of the pres- 
ent apparatus and the complicated 
nature of the electrical method used 
by these investigators. With the 
electrical method it is difficult to 
obtain points less than 10° C. 
apart: the new method will give 


readings over a much smaller tem- . 


perature interval—down to a frac- 
tion of a degree if sufficiently 
sensitive temperature and _ time- 
reading devices are employed. 
Moreover, it can be used for 


measurements when cooling just as well as on heating. 


CooLina CurRvES 


Even if quantitative heat measurements are not needed, as in the 
ordinary thermal analysis of alloys to obtain transformation tempera- 
tures, the method of control is useful in that the heat flow from the 


— 
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specimen is maintained constant and there is not a rapid removal of 
heat after an arrest. The furnace temperature is held constant through- 
out an arrest and does not commence to fall until the specimen itself 
cools. Asa result, temperature gradients within the specimen and along 
the thermocouple are smaller and arrests are sharper. Interpretation 
of the curves is very easy, for they directly reflect the changes taking 
place in the specimen. The decrease in cooling rate at lower tempera- 
tures that is characteristic of ordinary curves is completely avoided. If 
no arrests occur, the rate of cooling over the whole temperature range 
varies only to the extent that the thermal conductivity of the refrac- 
tory and the specific heat of the sample change. The rate of cooling 
or heating can be changed at any time by merely changing the setting of 
the temperature-difference controller. The new method obviates the 
necessity for gradient furnaces or linear control devices and is much 
simpler than any of them. 

Fig. 4 is an example of the type of cooling curve obtainable. This is 
of a 150-gram sample of a copper-silicon alloy containing about 6.3 per 


- cent silicon. It was placed in a container like that of Fig. 1, but 114 in. 


in internal diameter and made of LW20 refractory. The various arrests 
are caused respectively by the liquidus, peritectic formation of beta, 
kappa formation, beta decomposition and gamma formation. Note the 
sharpness of the arrests and the virtual absence of accelerated cooling 
at their termination. The decrease in latent heat resulting from the 
decreased amount of alpha solidifying in a given temperature range, as 
the horizontal spread between solidus and liquidus increases, is clearly 
shown. The specific heats of the alloy in the liquid, alpha + beta, 
alpha + gamma, and alpha + delta fields are approximately the same, 
while in the kappa + beta region the progressive rapid formation of 
kappa from beta contributes latent heat and so increases the apparent 
specific heat of the sample in this range. 


SUMMARY 


The specimen is placed in an insulating refractory container across 
which a constant temperature gradient is automatically maintained. 
Heat flow to the sample depends only on the constants of the container, 
which may be determined by the use of a sample of known specific heat. 
The time taken to cool or heat through a given temperature interval 
(after a blank correction) is directly proportional to the heat capacity 
of the sample, and the duration of an arrest is directly proportional to 
the latent heat. The method of control eliminates accelerated cooling 
following prolonged arrests and provides a simple way of obtaining a 
constant cooling rate at all temperatures, thus replacing elaborate gradient 
furnaces. Examples are given, including a determination of the specific 


heat of beta brass. 
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DISCUSSION 
(A. Allan Bates presiding) 


J. B. Austin, * Kearny, N. J.—What is the effect of thermal conductivity of the 
sample on the accuracy of measurement? Specifically, in the author’s opinion is 
the method applicable to powders, cuttings, or refractory materials whose thermal 
conductivity is small compared to that of a metal, especially if calibrated on a material 
of approximately the same thermal conductivity? 

No details are given for calculating the latent heat cases where it is spread over 
a range of temperature and appears as apparent specific heat. I assume that it can 
be done by integrating the area under the anomalous part of the heat curve. 


G. Epmunps,{ Palmerton, Pa.—We constructed an equipment based upon the 
principles described by Dr. Smith, but with a few alterations. Our equipment 
contains, instead of the refractory container shown in Dr. Smith’s Fig. 1, two con- 
centric Nichrome cylinders, inside of which is placed a thin-walled crucible, either 
of graphite or other suitable material. To the Nichrome cylinders are welded several 
Alumel wires, thus providing multijunction thermocouples that operate a controller 
for the furnace windings and thus maintain the temperature difference between the 
Nichrome cylinders. An additional thermocouple is used for measurement of the 
melt temperature. 

One of the major advantages of Dr. Smith’s method is that it makes possible the 
detection of any small heat effect at a temperature only a few degrees below that at 

which a major effect has occurred. 
With the conventional differential ther- 
mal-analysis method sufficient stabiliza- 
TRUE UguioUS TEMPERATURE tion after a large heat effect for the 
EAS eye ange detection of a small one may not occur 
until the specimen has reached a tem- 


TEMPERATURE 


Ry POL ~ coepecreo perature of as much as 30° to:50°C. from 
MTT TT, that at which the large effect occurred. . 
Fic. 5. Fig. 4 shows only slight irregularities 


following major heat effects. 

While our construction has not been compared directly with that used by Dr. 
Smith, calculations indicate the heat capacity of the thin Nichrome cylinders to be 
less than equivalent refractory insulation. This leads to a closer control of the 
temperature differential and reduces further the time required for stabilization of 
conditions following a major heat effect from the specimen. 

The cooling curves obtained by any method, whether using the new method of 
control or not, generally show a very large thermal effect at the beginning of freezing. 
Apparently this is due to undercooling of the melt, resulting in the evolution of much 


* Research Laboratory, U. S. Steel Corporation. 
{ Investigator, Research Division, The New Jersey Zine Co. 
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heat when crystallization begins. In a curve such as Fig. 4 the time of cooling 
0.05 my. at 918°C. amounted to about 1.1 min. whereas cooling with crystallization 
at the normal rate required but 0.5 min. just afterward. Had crystallization started 
us soon as the liquidus was reached, the heat effect would have been so distributed as 
to continue curve A in Fig. 5 upward about two of the 0.05-mv. divisions, and the 
curve in this neighborhood would then be as shown in Fig. 5. This type of correction 
has been made to all of our curves and often has been found to be of major importance, 
since supercooling of many degrees frequently occurs. 


C. 8. Smirx (author’s reply).—Because of the large temperature gradients that 
otherwise will occur, I do not believe the method can generally be applied to specimens 
that have a conductivity less than about 10 times that of the refractory container. 

Dr. Austin himself answers his second question. If the specific heat is known 
or can be estimated, it can be subtracted from the total heat measured in the tempera- 
ture range concerned and the latent heat obtained. By determining the apparent 
latent heat at successive temperature intervals during the not-too-fast cooling of a 
piece of steel, for example, the rates of transformation at these temperatures can 
be obtained immediately. 

Mr. Edmunds’ design of apparatus using a Nichrome shield instead of solid 
insulation renders the apparatus stronger and is to be preferred for the detection of 

thermal critical points. It seems likely, however, that solid refractory insulation 
- would be more reproducible and constant than the other type, and would change toa 
smaller extent with temperature. The correction of liquidus temperatures suggested 
by Mr. Edmunds is fundamentally sound. It should also be applied to any thermal 
curves but is not precise except when the rate of heat flow is constant. It is easier 
to make this correction graphically on a time-temperature curve than upon an inverse- 
rate curve: The true liquidus temperature is just the point of intersection of the curve 
for the liquid state with the extrapolation of the part of the time-temperature curve 
that corresponds to the liquid + solid state after the first arrest due to supercooling. 

Many years ago White* used two thermocouples in a furnace for thermal analysis 
and attempted quantitative interpretation on the basis of temperature differences. 
The present scheme is novel in the use of automatic control of the temperature differ- 
ence and the use of insulation. This results in a constant reproducible heat flow 
instead of the variable conditions existing when a naked crucible is placed in an 
indefinitely cooling furnace. 


4W. P. White: Melting-point Methods at High Temperatures. Amer. Jnl. Sct. 
(1909) [iv]28, 474-489. 


A Metallographic Study of Internal Oxidation in the Alpha 
Solid Solutions of Copper 


By Freperick N. Rutnes,* Memper A.I.M.E. 
(New York Meeting, February 1940) 


Pure copper that has been allowed to oxidize at an elevated tempera- 
ture in the air is found to be covered with two distinguishable layers of 
oxide scale. The outer of these, which is very thin, is composed of cupric 
oxide, while the inner layer, comprising the bulk of the scale, is made up 
chiefly of cuprous oxide (Fig. la). If a small quantity of an alloying 
element, such as silicon, is present in the copper, silica particles are found 
disseminated through the cuprous oxide, deposited most abundantly 
near the metal surface, and, in addition, silica particles occur to a limited 
depth within the copper itself (Fig. 1b). It is this inner layer, composed 
of oxide particles precipitated in a matrix of metallic copper, that is 
‘known as the ‘‘subscale”’ or the zone of internal oxidation. Under a 
low oxygen pressure it is possible to produce the subscale without the 
formation of external layers of copper oxides, thus leaving the metal 
surface bright and apparently clean while oxidation has occurred, in 
fact, to a considerable depth within the metal (Fig. 2). 

Although little is yet known in a detailed way of the mechanism of 
internal oxidation, the general nature of the process is evident. By 
virtue of the considerable solubility of oxygen in copper,! it is possible 
to bring the alloying element in contact with oxygen within the metallic 
solid solution. If the oxide of the alloying element is more stable than 
cuprous oxide, the foreign oxide may form and, since most oxides are 
relatively insoluble in copper, it will not long remain in solution, but will 
separate as a precipitate. As the metallic solute is exhausted in the zone 
of precipitation, oxygen that is constantly being supplied at the surface 
diffuses farther into the alloy and thus produces an ever-thickening shell 
of subscale. The distribution of the reacting elements in the subscale 
and adjoining zones must be somewhat as indicated in Fig. 3. 

The conditions requisite to internal oxidation to be anticipated are 
thus: (1) a solubility of oxygen in the alloy, (2) the ability of oxygen to 
diffuse at, an appreciable rate into the alloy, (3) the possibility of the 


Manuscript received at the office of the Institute Nov. 27, 1939. Issued as T.P. 
1162 in Merats Trecunovoey, February 1940, 
* Member of the Staff of the Metals Research Laboratory and Assistant Professor 
of Metallurgy, Carnegie Institute of Technology, Pittsburgh, Pa. 
1 References are at the end of the paper. 
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formation by the alloying element of an oxide more stable than the 
oxide of the host metal and (4) a relatively low solubility of this oxide 
in the metal. To these may be added the equally evident condition 
that the constitution of the system, regarded as a ternary alloy com- 
posed of the solvent metal, the solute metal and oxygen, must be such 
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Fig. 1.—ScALE ON COPPER AND COPPER ALLOY. 


a. Copper oxide scale on pure copper 


cuprous oxide 


that a quasibinary equilibrium may occur between the solid solvent and 
the precipitating oxide at the temperature of oxidation. 
An ideal diagram illustrating the constitution of such a system 1s 
shown in Fig. 4. For the sake of simplicity, only one oxide is indicated 
for each metal. If the oxidation is carried out at a fixed temperature an 
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isothermal section is adequate to describe the relationships. Repre- 
senting by Z the composition of the binary alloy that is to be subjected to 
oxidation, there would form upon Z a series of layers whose compositions 
would occur along the dotted line connecting Z with the oxygen corner 
of the diagram. Strictly speaking this will happen only in the improbable 
event that there is nowhere in the layers formed any change in the rela- 
tive proportions of A and B, but, for the moment, let it be assumed that 
such is the case. 


Fig. 2.—INTERNAL OXIDATION IN ALLOY OF COPPER WITH 0.103 PER CENT SILICON. 

Sample oxidized at low oxygen Een ngy no external scale. Internal oxidation 
is marked by gray zone crossing lower half of picture. 

The succession of zones through which the dotted line passes is seen 
to be: B solid solution, 8 + AO, B + BO + AO, BO + AO, BO + AO + 
O, BO + O, and oxygen gas. In the photomicrograph of Fig. 1b, it is 
evident that only the one-phase and two-phase zones correspond to scale 
layers on the sample. The reason for this is clear: the layers form by the 
inward diffusion of oxygen; this diffusion may take place only in the pres- 
ence of a gradient; no gradient of oxygen may exist at equilibrium in a 
three-phase ternary system, for in such a case the concentrations of all 
components are fixed; therefore, the three-phase zones in the diagram must 
correspond to interfaces rather than to layers. Stated in another way, 
only the regions in the ternary isothermal section that retain one or more 
degrees of freedom correspond to layers in a ternary composite formed 
by isothermal diffusion. 
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Fic. 3.—ScHEMATIC REPRESENTATION OF DISTRIBUTION OF DISSOLVED OXYGEN AND 
ALLOYING ELEMENT A IN SUBSCALE AND UNOXIDIZED SOLID SOLUTION. 


AO+O Boro 


AO+BO+O 


Fic. 4.—ScHEMATIC REPRESENTATION OF ISOTHERMAL CONSTITUTION OF TERNARY 


ALLOY SYSTEM COMPOSED OF TWO METALS AND OXYGEN WHERE EACH METAL FORMS BUT 
ONE OXIDE, 
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The same argument may be applied to higher order systems whereby 
it is found that in the oxidation of ternary alloys the maximum number 
of phases in any one layer will be three, in quaternary alloys four, and 
so on. 

Returning to the possibility of local variations in the relative propor- 
tions of the A and B components of the alloy, it is clear that such a condi- 
tion would result in a localized lateral shift in the dotted line of Fig. 4. 
Physically this condition could be brought about by the inward or 
outward diffusion of one of these elements, the magnitude of the shift 
in each zone being dependent upon the relative rates of diffusion of 
oxygen and the metals in the corresponding layer. If the shift is slight 
the structure of the scale would differ from the ‘‘ideal”’ only in the dis- 
tribution of the phases within each individual layer from that arrange- 
ment demanded by the tie lines. Large deviations, of course, would 
altogether vitiate the predictions of the diagram. Fortunately, however, 
oxygen diffuses through copper* much more rapidly than do any of the 
metals whose diffusion behavior has been studied, whereby it is antici- 
pated that internal oxidation will follow the predicted course. Condi- 
tions in external oxidation are undoubtedly much less simple. 

Obviously the case discussed above is but one of several types likely 
to be encountered. It does appear, in fact, to describe the conditions 
found in most of the alloys studied in the present research. Never- 
theless, a brief consideration of some of the other possibilities may 
prove interesting. 

Binary alloys of the a phase (Fig. 5) may be expected to behave in 
either of two ways. If of composition ¢ they might form a layer of mixed 
metal and oxide of the base metal between the purely metallic and wholly 
oxidized layers. The oxygen gradient within either phase of the field 
A2O + a would almost certainly be small, resulting in a thin two-phase 
layer, which with any appreciable intermetallic diffusion might disappear 
altogether. Composition y on the 8 side is of the same type. If the 
alloy is of the composition wu there should form two new layers containing 
metallic phases. The first of these, next to the a solid solution, would 
be formed by the precipitation of particles of the B-rich B phase; the 
second, predominantly oxide of the metal A, would also contain particles 
of 8. Copper containing small additions of siliver has been found to 
behave approximately in this way. Composition v is similar except that 


*C. E. Ransley, in a prepublication abstract,? reports the diffusivity constants of 
oxygen in copper as 1.1 X 10~* sq. em. per sec. at 600°C. and 2.1 X 10-® sq. em. per 
sec. at 950°C. 

| F. N. Rhines and R, F. Mehl* reported the diffusion coefficients of Al, Be, Si, 
Sn and Zn near zero concentration to be of the order of 8 X 1071? sq. em. per sec, at 
600°C. and 3 X 10~° sq. em. per sec. at 950°C. Thus oxygen diffuses through copper 
hundreds of times as fast as do any of these metals. 
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in this instance the zone of A.O + 6 may be predominantly metallic. 
Alloys w and are of peculiar interest because they show that, with a small 
change in the composition the first layer of subscale may be changed from 
one of 8 + A2O to one of 8B + AO. In addition a double subscale involy- 
ing each oxide separately may form upon alloy w. This type of action 
has been found in silver-base alloys containing various small quantities 
of copper where the oxides precipitated internally are CuO and Cu,0. 
For the purposes of the present paper the behavior of initially polyphase 
alloys need not be discussed. 
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Fig. 5.—ScHEMATIC REPRESENTATION OF ISOTHERMAL CONSTITUTION OF TERNARY 
ALLOY SYSTEM COMPOSED OF TWO METALS AND OXYGEN WHERE ONE METAL FORMS TWO 
OXIDES AND OTHER BUT ONE, 


These considerations may be employed to indicate in a general way 
the range of conditions under which internal oxidation is to be expected 
in industrial practice. The alloys of metals forming very stable oxides 
such as those based upon aluminum or magnesium should be largely, if 
not entirely, immune to internal oxidation because the oxides of most 
of the common addition agents would in this case be less stable than 
those of the host metal, while the alloys of the precious and semiprecious 
metals that involve additions of the less noble metals should all be subject 
to internal oxidation. To a lesser extent alloys based upon copper, 
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nickel, iron, zinc, lead and tin may be expected to form subscales, but 
only in those oxidized at high temperatures should the effect be extensive. 

The conditions of annealing that will allow internal oxidation are 
somewhat broader than those leading to surface scaling. Even bright- 
annealing operations may cause the formation of subscale while the metal 
surface remains clean when there is some free oxygen present in the 
atmosphere. With some alloys, particularly at high concentrations 
of the alloying agent, the external oxidation proceeds at such a rate that 
it overtakes the internal oxidation and thus eliminates the subscale. 
These compositions may, therefore, be subject to internal oxidation 
under certain conditions of bright annealing while being apparently 
immune if oxidized freely in the air. 

The practical importance of the existence of a subscale upon an 
alloy product no doubt depends to some extent upon the physical form 
and distribution of the oxide particles as well as upon the nature of the 
use to which the product is to be put. Certain working operations— 
for example, drawing—are extremely sensitive to surface defects in the 
metal and one might expect subsurface deposits of oxides to be objec- 
tionable. Although relatively little has been published upon the subject, 
some such effects have been recognized for a long time. In 1912 Turner* 
wrote of the annealing of brass, ‘‘if the atmosphere is oxidizing a certain 
amount of oxide of zinc may also be produced in the alloy and rottenness 
result.””> More recently both Blazey® and Wyman’ have remarked upon 
the occurrence of internal oxidation in the course of studies upon the 
embrittlement of commercial copper during annealing. Presumably, 
the oxidizing element was bismuth or arsenic in the copper used by 
Blazey and some residual deoxidizing agent in Wyman’s copper. In 
neither case, however, was the role of internal oxidation judged to be as 
significant as that of other factors in causing embrittlement. 

Not all of the practical aspects of internal oxidation are disadvanta- 
geous, however, for the ancient process of the blanching of silver-copper 
alloys and the more modern practice of improving the conductivity of 
copper by means of an oxidizing anneal that precipitates oxides of some 
impurities are both dependent upon internal oxidation. Perhaps, with 
an increased understanding of the process further uses may be found. 

Exploratory investigations of internal oxidation have been carried out 
in a number of laboratories during the past decade. C. 8S. Smith,’ 
who identified and described the effect in alloys of copper with small 
additions of cobalt, silicon, aluminum, nickel and chromium, and who 
measured the rate of growth of the subscale as a function of temperature 
in an alloy of copper and silicon, appears to be the first to have studied 
the subject intensively. He is responsible too for introducing the term 
“subscale” in the sense in which it is being used here. More recently 
Froelich,’ in a general survey of the oxidation behavior of copper alloys, 
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has noted the occurrence of internal oxidation in alloys containing lithium, 
phosphorus, manganese, calcium, titanium, tin, and zinc, but has made 
no detailed study of the phenomenon in any of these systems. 

Similar precipitation structures associated with the penetration of 
oxygen into an alloy have been observed by a number of investigators. 
Among them, Leroux and Raub® found both cupric and cuprous oxide 
precipitating internally in silver-copper alloys, the cupric oxide occurring 
in alloys poor in copper and the cuprous oxide in those rich in copper. 
Others’ investigating the scaling properties of ferrous alloys, have 
mentioned internal oxidation in a number of special steels, notably those 
containing aluminum, silicon, tungsten, manganese, and phosphorus. 
In almost all such cases the steels have been of such a complex nature, 
however, that the evaluation of the results has been difficult. 

The present program contemplates a general study of the nature of the 
process of internal oxidation followed by quantitative measurements of 
such elements of the process as may appear useful, among which are the 
rates of penetration in various systems, the effect upon mechanical 
properties and perhaps others. This paper is devoted to a metallographic 
exploration of the factors that influence internal oxidation, both with 
regard to their identification and to the examination of their qualitative 
effect upon the structure of the subscale and its rate of growth. Because 
of their known response to internal oxidation and the ease with which 
alloys of reasonably high purity can be made, the copper-base systems 
have been selected for this purpose. 


EXPERIMENTAL PROCEDURE 


The alloys used were made in the laboratory from oxygen-free high- 
conductivity copper and the purest grades of alloying elements available 
at the time. In Table 1 are listed the compositions of the alloys made, 
together with the nature of each addition agent. The chief sources of 
impurities are to be found in: (1) the copper used, (2) the alloying agents, 
(3) the crucible and flux materials, and (4) oxygen contamination from 
the air. 

The copper used contained less than five hundredths of one per cent of 
total impurities, no single element occurring in a quantity greater than a 
few thousandths of one per cent; the addition agents, though usually 
less pure, were added in such small quantities that except in a few special 
cases no contamination in excess of one thousandth of one per cent could 
have been introduced in this way. New clay-graphite crucibles and a 
c.p. borax flux were employed. That no detectable contamination by 
metallic elements was introduced by the melting technique employed is 
indicated by the analysis of the blank alloy, number 82. Some oxygen 
undoubtedly was introduced into the melts both by the addition of 
tarnished metals and by contact with the air during casting. Almost all 
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TaBLE 1.—List of Alloys 


cue pag teeee tence Addition Agent Oxidation Behavior 

15 0.045 Si Technical silicon Subscale forms 

16 0.033 Mn Technical manganese | Subscale forms 

ile 0.103 Si Technical silicon Subscale forms 

18 0.084 Mn Technical manganese | Subscale forms 

19 0.076 Si Technical silicon Subscale forms 

20 0.180 Si Technical silicon Subscale forms 

22 0.858 Si Technical silicon Subsceale spalls 

23 0.30 Si Technical silicon Subscale forms 

24 0.59 Si Technical silicon Subscale forms 

25 ey Sh Technical silicon Subscale spalls 

26 0.22 Mn Technical manganese | Subscale forms 

27 0.42 Mn Technical manganese | Subscale forms 

28 0.42 Mn Technical manganese | Subscale forms 

29 1.00 Mn Technical manganese | Subscale forms 

30 0.64 Mn Technical manganese | Subscale forms 

31 1.55 Mn Technical manganese | Subscale forms 

32 050352 Phosphor copper Subseale forms 

33 eon 2 de Phosphor copper Subscale forms 

34 OFLOd ee Phosphor copper Subscale forms 

35 0.24 P Phosphor copper Subscale forms 

36 0.42 P Phosphor copper Subseale melts below 1000°C. 
37 0.002 P Phosphor copper External oxidation only 
38 0.96 P Phosphor copper Subscale melts below 1000°C. 
39 2.05 P Phosphor copper Subscale melts below 1000°C. 
40 0.011 Al Hoopes aluminum External oxidation only 
41 0.03 Al Hoopes aluminum Subseale forms 

42 0.06 Al Hoopes aluminum Subseale forms 

43 0.08 Al Hoopes aluminum Subscale forms 

44 0.17 Al Hoopes aluminum Subseale forms 

45 0.45 Al Hoopes aluminum Subseale forms 

46 0.72 Al Hoopes aluminum Subseale forms 

47 02915 Al Hoopes aluminum Subseale forms 

48 0.16 Zn Cartridge brass Subseale forms 

49 (OR(Us and by Technical titanium Subscale forms 

50 ORE Na Mond nickel External oxidation only 
51 0.10 Cr Technical chromium | Subscale forms 

52 0.14 Co Rondells of cobalt Subscale forms 

53 0.10 Fe Carbonyl iron Subscale forms 

54 0.02 Be Beryllium copper Subscale forms 

55 0.10 Mg- Distilled magnesium | Subscale forms 

57 0.28 Cd Technical cadmium | Subscale melts below 1000°C. 
58 0.25 In Technical indium Subscale forms 

59 0.16 Zr Technical zirconium | Subscale forms 


Straits tin Subscale forms 
Technical cerium Subscale forms 
62 0.12 As Technical arsenic Results uncertain 
63 0.34 Sb Technical antimony | Results uncertain 


SS 


61 Traces Ce 
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TABLE 1.—(Continued) 


cond SES ela pee eine Addition Agent Oxidation Behavior 
64 0.25 Cd Copper cadmium alloy| Subscale melts below 1000°C. 
65 0.08 Ga Technical gallium Subscale forms 
68 0.49 Tl Technical thallium Results uncertain 
69 0.45 Pb Electrolytic lead Results uncertain 
7a 0.04 Cbh(max) Sheet columbium Subscale forms 
1 0.04 Ta(max) Sheet tantalum Subscale forms 
73 0.38 Bi Electrolytic bismuth | Results uncertain 
74 0.05 Bz Boron powder Subscale forms 
75 O15 Ni Mond nickel Subseale forms 
76 0.08 Cr Technical chromium | Subscale forms 
el, 0.018 Be Beryllium copper Subscale forms 
78 0.054 Be Beryllium copper Subscale forms 
79 0.101 Be Beryllium copper Subscale forms 
80 0.08 Be Beryllium copper Subscale forms 
81 Traces Ca Calcium turnings Subscale forms 
82 See note? None External oxidation only 
83 0.10 Ba Technical barium Subscale forms 
84 0.02 Li Technical lithium Subscale forms 
85 | 0.03 Be + 9.52 Zn | As alloys 54 and 48 ‘| Double subscale 
86 | 0.13 Al + 9.29 Zn | As alloys 40 and 48 Double subscale 
87 | 0.085 Si + 9.81 Zn | As alloys 15 and 48 | Double subscale 
88 | 0.006 Be + 4.93 Sn | As alloys 54 and 60 | Double subscale 
89 | 0.06 Al + 5.43 Sn | As alloys 40 and 60 | Double subscale 
90 | 0.085 Si + 5.02 Sn | As alloys 15 and 60 | Double subscale 
91 0.21 Zn Cartridge brass Subscale forms 
92 | 0.02 Be + 0.30 Sn | As alloys 54 and 60 Double subscale 
93 | 0.003 Be + 0.049 Al | As alloys 54 and 40 Subscale forms 
95 0.09 V Vanadium copper Subseale forms 
98 0.02 Se Roll sulphur Results uncertain 
99 0.1 Se* Selenium stick Subscale forms 
100 Ort Mee Telurium lump Results uncertain 
101 5 Nit Mond nickel Subscale forms 
102 1 Age Technical silver External oxidation only 
103 (0) S05. ~ Wee Alloy 73 External oxidation only 
104 OL03e Sb? Alloy 63 Subscale forms 
105 0.03 As? Alloy 62 Subscale forms 
106 0.1 Sr¢ Distilled strontium Subscale forms 
109 0.1 Pte Platinum wire External oxidation only 
110 | 0.0125 Be + 5 Sn | As alloys 54 and 60 | Double subscale 
111 OROSe bbe Alloy 69 Subscale forms 
112 0.03 Ti Alloy 68 Results uncertain 
113 0,2 Pde Palladium sponge External oxidation only 
114 0.1 We Tungsten wire Subscale forms 
117 0.1 Na? Technical sodium Subscale forms 
118 OFZ Get Technical germanium | Subscale forms 


@ Compositions so marked are nominal, all others by chemical analysis. 
’ Reported as 99.953 per cent Cu with no im surity above the normal level for OFHC 


copper. 
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of the alloys exhibited small quantities of oxide inclusions, which doubt- 
less formed during the melting and casting operations. By the examina- 
tion of a blank sample, alloy 82, which failed under all treatments to 
exhibit internal oxidation, it was demonstrated that the total quantity 
of impurities that may have been introduced did not interfere with the 
subsequent experiments. Such effects as are reported, therefore, may be 
confidently ascribed to the presence of the intended additions rather than 
to impurities. 

Heats of about 2000 grams were cast in an iron mold 12 by 2 by 1 in. 
washed with lime; the ingots were scalped all over to a depth of } in. 
and were cold-rolled to a thickness of about 44 in. From this material, 
oxidation samples 14 in. square were cut. In order to standardize the 
surface condition, each sample was cleaned by grinding on 000 emery 
paper immediately before the oxidizing treatment. The initial thickness 
of each sample was measured. 

Two different techniques were employed in carrying out the oxidation 
treatments. One consisted simply in heating in the air. The samples 
were set on edge on Sil-O-Cel bricks in a temperature-controlled electric 
muffle furnace. The second was, in effect, a bright anneal in an oxygen 
partial pressure equal to the decomposition pressure of cuprous oxide 
saturated with copper. To accomplish this the samples were packed 
in a mixture of equal parts of cuprous oxide and copper metal powder, 
enclosed in an iron pipe fitted with copper-foil gaskets. In a few special 
tests, to be described later, other oxides were substituted for the cuprous 
oxide and copper in order to attain lower oxygen pressures. 

Specimens of all alloys were oxidized by each of the two methods at 
two temperatures, 1000° and 600°C. In addition, samples of the silicon, 
manganese, phosphorus and aluminum alloys were treated at two 
intermediate temperatures, 871° and 750°C. The time factor also was 
varied in a series of tests, but at least one sample of every alloy was run 
for 2 hr. at 1000°C., and one for 192 hr. at 600°C. 

After the heat-treatment, each sample was sectioned across the center 
perpendicular to the broad face, mounted in Woods metal and polished | 
by the usual methods. The etching solution used was the same for all 
alloys; namely, equal parts of ammonia, hydrogen peroxide 3 per cent 
solution, and water. A rather deep etch was usually required. During 
the early stages of metallographic preparation the zone of internal 
oxidation was sometimes evident in the sample, but in the finished polish 
before etching no trace of the oxide layer could be seen except in the 
alloys containing the largest quantities of the oxidizing element. 


Survey of Binary Alloys 


The alloys that exhibited internal oxidation under the conditions of 
these tests have been indicated in Table 1; among the binary combina- 
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tions so designated will be found those containing Al, Sb, As, Ba, Be, 
B, Cd, Ca, Ce, Cr, Co, Cb, Ga, Ge, In, Fe, Pb, Li, Mg, Mn, Ni, P, Se, 
Si, Na, Sr, Ta, Sn, Ti, W, V, Zn, and Zr. These elements possess the 
expected common characteristic that their oxides, whenever reliable 
data are available, are found to be more stable than cuprous oxide. 
Table 2 lists the free energies of formation of some of the more common 
oxides calculated from heat of formation and entropy data. These 
free-energy data may be taken as pertaining also to the formation of 
oxide from a solid solution, for the free energy of formation of solid 
solutions is of a minor order of magnitude. 

With the exception of silver oxide, all of the oxides listed in the table 
have higher free energies of formation than cuprous oxide. The copper- 
silver alloy did not exhibit internal oxidation nor did the alloys con- 
taining platinum and palladium, whose oxides are also known to be 
very unstable. 

Several of the alloying agents whose oxides occur above cuprous oxide 
in Table 2, or in all probability would do so if values were available, 
failed to give clear evidence of subscale formation, among them bismuth, 
sulphur, tellurium, and thallium. It may be that the cause of this 
behavior is to be found in an unfortunate choice of experimental condi- 
tions, for Blazey® has reported evidence of internal oxidation in alloys 
containing bismuth. 


Tasie 2.—F ree Energy of Formation of the Oxides 


Oxide AF Oxide AF Oxide AF Oxide AF 
V205 397.1 Si02 190.5 Sb203 128.0 ZnO 70.0 
AlsO3 364.1 As20; 185.8 SrO 124.2 SnO 50.5 
V204 351.8 Sb20,4 174.5 SnO, 122.2 CdO 48.5 
V2.0; 300.0 WO; 172.4 As203 115.4 FeO 46.2 
MnO, 299.8 Fe,0; lala BaO 111.6 PbO 30.5 
Cr203 248.3 CaO 139.6 Pb;0, 108.0 CuO 25.0 
Fe;04 222.3 MgO 137.9 MnO, 105.3 Cu20 11.8 
CeO2 210.9 BizOs 96.1 Ag.O —30.9 


Photomicrographs of the subscales in a number of the alloys are 
exhibited in Figs. 6 to 12. Some of the oxidized zones are only faintly 
discernible, owing to the small quantity of the oxidizing element and 
the resultant small quantity of oxide in the alloy. In such samples the 
precipitation is usually heaviest near the limit of the zone of penetration. 
Although all of the samples represented have been oxidized under 
identical conditions of time and temperature, the differences in the widths 
of the subscale bands shown in the pictures may not be interpreted as 
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Cb Al Ba V 
Kia. 6.—Cro0ss SECTION OF SUBSCALE IN FOUR ALLOYS. 

Upper four pictures, magnification X 50, are arranged with! outside surface of 
sample at bottom and unoxidized alloy at top. Arrows indicate limit of internal 
een Lower four pictures show oxide precipitate in each subscale, magnification 
x : 

Cb—Alloy No. 71, 0.04 per cent Cb, heated 2 hours at 1000°C. in oxide pack. Out- 
side surface of sample is not shown. 

Al—Alloy No. 44, 0.17 per cent Al, heated 2 hours at 1000°C. in oxide pack. 

Ba—Alloy No. 83, 0.10 per cent Ba, heated 2 hours at 1000°C. in oxide pack. 
Photographed in oblique light. 

V—Alloy No. 95, 0.09 per cent V, heated 2 hours at 1000°C. in oxide pack. 


FREDERICK N. RHINES 259 


£ 
Fig. 7.—Cross SECTION OF SUBSCALE IN FOUR ALLOYS. ARRANGEMENT DESCRIBED 
UNDER Fic. 6. 
Mg—Alloy No. 55, 0.1 per cent Mg (nominal), heated 2 hours at 1000°C. in copper 


oxide pack. : Bhs 
Ti—Alloy No. 49, 0.05 per cent Ti, heated 2 hours at 1000°C. in copper oxide’pack. 


Outside surface of sample is not shown. 
Ca—Alloy No. 81, “traces Ca,”’ heated 2 hours at 1000°C. in copper oxide pack. 
Fe—Alloy No. 53, 0.10 per cent Fe, heated 2 hours at 1000°C. in copper oxide pack. 
indicating directly the relative rates of penetration of oxidation in the 
various alloy systems, because the concentrations differ widely from 
alloy to alloy and the rate of penetration necessarily varies with the 


concentration in any one system. 
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Fig. 8.—CRoss SECTION OF SUBSCALE IN FOUR ALLOYS. ARRANGEMENT DESCRIBED 
UNDER Fic. 6. 
Co—Alloy No. 52, 0.14 per cent Co, heated 2 hours at 1000°C. (X 50 in the air) 
(X 500 in copper oxide pack). 


Be—Alloy No. 78, 0.054 per cent Be, heated 2 hours at 1000°C. in copper oxide pack. 
Ce—Alloy No. 61, ‘‘traces Ce,” heated 2 hours at 1000°C. in copper oxide pack. 
Si—Alloy No. 19, 0.076 per cent Si, heated 2 hours at 1000°C. in copper oxide pack. 


The limits of penetration are sharply marked by straight lines in most 
samples (Figs. 6 to 10). Exceptions to this observation are found chiefly 
among the alloys whose oxides form very coarse precipitates and among 
the alloys having a high concentration of the alloying element (Figs. 11 
and 12). Evidently there is little if any anisotropy of diffusion of oxygen 
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Zr Mn Cr W 
Fig. 9.—CRross SECTION OF SUBSCALE IN FOUR ALLOYS. ARRANGEMENT DESCRIBED 
UNDER Fic. 6. 

Zr—Alloy No. 59, 0.16 per cent Zr, heated 2 hours at 1000°C. in copper oxide pack. 
Photographed in polarized light. 

Mn—Alloy No. 27, 0.42 per cent Mn, heated 2 hours at 1000°C. in copper oxide pack. 

Cr—Alloy No. 76, 0.08 per cent Cr, heated 2 hours at 1000°C. in copper oxide pack. 

W—Alloy No. 114, 0.1 per cent W (nominal), heated 2 hours at 1000°C. in cop- 
per oxide pack. Photographed in oblique light. 


in copper under these conditions, for otherwise a more rapid advance 
of the oxidation in certain grains of the alloy should be expected. 

It will be noted also that the presence of the precipitate is often more 
evident in certain grains of the metal than in their neighbors, see espe- 
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Li B Se Ta 
Fig. 10.—Cross secTion OF SUBSCALE IN FOUR ALLOYS. ARRANGEMENT DESCRIBED 
UNDER Fa. 6, 

Li—Alloy No. 84, 0.02 per cent Li, heated 2 hours at 1000°C. in copper oxide pack. 

B—Alloy No. 74, 0.05 per cent B (nominal), heated 2 hours at 1000°C. in cop- 
per oxide pack. 

Se—Alloy No. 99, 0.1 per cent Se (nominal), heated 2 hours at 1000°C. in copper 
oxide pack. Outside surface of sample not shown. 

Ta—Alloy No. 72, 0.04 per cent Ta, heated 2 hours at 1000°C. in copper oxide pack. 
Photographed in oblique light. 
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Ge Ga Ni ie 
Fig. 11.—Cross SECTION OF SUBSCALE IN FOUR ALLOYS. ARRANGEMENT DESCRIBED 
UNDER F ia. 6. 

Ge—Alloy No. 118, 0.2 per cent Ge (mominal), heated 2 hours at 1000°C. in cop- 
per oxide pack. 

Ga—Alloy No. 65, 0.03 per cent Ga, heated 2 hours at 1000°C. in copper oxide pack. 
Photographed in polarized light; outside surface not shown. 

Ni—Alloy No. 101, 5 per cent Ni (nominal), heated 2 hours at 1000°C. in copper 
oxide pack. 

P—Alloy No. 82, 0.03 per cent P, heated 2 hours at 1000°C. in copper oxide pack 
Photographed in polarized light. 
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In Zn Sn Pb 
ig. 12.—Cross SECTION OF SUBSCALE IN FOUR ALLOYS. ARRANGEMENT DESCRIBED 
UNDER Fe. 6. 

In—Alloy No. 58, 0.25 per cent In, heated 2 hours at 1000°C. in copper oxide pack. 
Photographed in polarized light. 

Zn—Alloy No. 91, 0.21 per cent Zn, heated 2 hours at 1000°C. in copper oxide pack. 

Sn—Alloy No. 60, 0.31 per cent Sn, heated 2 hours at 1000°C. in copper oxide pack. 

Pb—Alloy No. 111, 0.03 per cent Pb (nominal), heated 2 hours at 1000°C. in cop- 
per oxide pack. 


cially Fig. 2. This is purely an orientation etching effect. A careful 
examination of a number of such cases has revealed no difference in the 
size or quantity of the precipitate in adjacent grains exhibiting this 
difference in shade. 
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Size and Shape of the Oxide Particles 


The individual photographs of Figs. 6 to 12 have been arranged in 
the order of the apparent particle sizes of the oxides. Referring again to 
Table 2, the order of the particle sizes is found to correspond very roughly 
with the order of the free energies of formation, the highest energy being 
associated with the smallest particle size. A number of the alloys are out 
of place in this sequence, but the general trend is unmistakable. In 
several instances where one of several oxides may have formed and the 
true one has not as yet been identified—for example, in the case of alloy 
53 where there is a choice among FeO, Fe203, or Fe30.—it is necessary 
arbitrarily to select one of the group to make the alloy assume its proper 
place. Unfortunately, data are available for only one or two of several 
possible oxides in a number of instances, thus further limiting the com- 
' parison. It should be pointed out also that the particle size is subject 
to several experimental variables to be discussed presently, and that one 
of these—namely, concentration—has been fixed only in the sense that 
_all of the alloys are very dilute. Some deviation from a regular behavior 
may be anticipated on this account. 

Although this relationship may be accidental, the number of cases in 
which it obtains is suggestive of the operation of a common principle. 
The final size of a particle of a newly formed phase may be considered as 
determined by the initial nucleus size, the rate of nucleation, and the 
rate of growth. Evidently the rate of growth in the present type of 
reaction is great, for the oxide particles near the metal-subscale interface 
are about as large as those near the metal-gas interface. 

The initial nucleus size will affect the final size only in the sense that 
the larger nuclei will have an initial advantage in size over the smaller 
nuclei, but since nuclear sizes are very small compared with the sizes of the 
particles considered here, the effect is probably unimportant. The 
rate of nucleus formation, however, may be all important in determining 
the final particle size, for when many nuclei form, relatively less poten- 
tially precipitable solute remains available for the growth of each particle. 
Nucleation theory states that the minimum size of the stable nucleus 
should be the smaller the greater the free energy change accompanying 
the formation of the new phase;!” the smaller the minimum size, the 
greater the number of nuclei that can form, i.e., the greater the rate of 
nucleation. Thus a precipitation reaction accompanied by a large 
change in free energy should form many small nuclei with small oppor- 
tunity for further growth; i.e., should furnish a small final particle size, 
which is consistent with the relationship observed. This argument is 
very tenuous when used, as it is here, to compare the behavior of different 
systems in which the factors determining nuclear sizes and rates may 
vary sensibly. 
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The size of the precipitate is also a function of the temperature of 
formation and of the concentration of the alloy. At high temperatures 
larger particles appear than at low temperatures (Fig. 13). This condi- 
tion prevails in all of the alloys that were examined. 

Low concentrations of the alloying element seem to favor a small 
particle size. Only a few systems have as yet been examined over a 
concentration range, but all of these showed this behavior. The effect 
is pronounced (Fig. 14), and the reasons for it are not altogether clear; 
it is possible that it is caused by a slower rate of growth in the more 
dilute alloy, owing to the flatter diffusion gradient. 


a b 
Fig, 13.—ALoy or 0.16 PER CENT ZINC OXIDIZED (a) AT 1000°C. anv (b) at 600°C 
x 500. 


Shows increase in particle size of oxides as temperature of oxidation increases. 


It might be expected that there would be a decrease in the particle 
size from the outside surface inward because of a continuing growth and 
agglomeration of the first-formed precipitates. Evidence of agglomera- 
tion was found in only a few samples, such as Pb in Fig. 12 and in some 
alloys containing Be (Fig. 19b). In most cases no extensive difference 
in the size of the particles within a single subscale was found. Appar- 
ently, because of the low solubility of the oxides in copper, the precipitate 
normally grows to its ultimate size almost immediately while it is still 
at the reaction front and does not thereafter agglomerate to any marked 


extent. This does not exclude the possibility of spheroidization, which 
seems to be common, 


na 


es 
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Fig. 14.—CoppER-SILICON ALLOYS OXIDIZED 2 HOURS AT 100°C. x 500. 
Shows increase in particle size of oxide as concentration of silicon increases. (See 
also Fig. 25.) Percentage of silicon as follows: 
a, 0.045 d, 0.18 f, 0.59 
b, 0.076 e, 0.30 g, 0.85 
c, 0.103 


Because of their small size, the shapes of the particles ordinarily 
could not be observed with any confidence. Most of them appeared 
round, but where coarser precipitates occurred they sometimes seemed 
to have rectangular cross sections, as though they were platelike or acicu- 
lar in form. Perhaps the finer precipitates tend to spheroidize after 
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formation and lose their characteristic forms more rapidly than do the 
coarser ones. Whatever its cause may be, this condition provides a 
definite obstacle to the observation of the Widmanstitten patterns which, 
according to the general principle stated by Mehl and Smith,’ should 
be expected in structures of this kind. In a few samples definite Wid- 
manstitten patterns are to be found (Fig. 15). Groups of parallel 


Fic. 15.—WIDMANSTATTEN PATTERNS IN SUBSCALE. X 500. 
a, 0.25 per cent In alloy oxidized at 600°C. 
b, 0.16 per cent Zn alloy oxidized at 1000°C. 


precipitate particles in these pictures are easily seen. The configurations 
shown are evidently complex and have not been analyzed. 


Distribution of Oxide Particles 


The increased particle count of the subscale bands near the front of 
reaction in a substantial fraction of the examples of Figs. 6 to 12 has 
already been pointed out. This state of affairs is in conflict with the 
prediction of the phase diagram, as is demonstrated in Fig. 16. Applying 
the lever principle to points on the composition line GZ within the field 
of XO + a, the subscale zone, it is found that at the point b of intersection 
with the lever abe, which represents a point near the outside edge of the 
subscale, the ratio of XO precipitate to a solid solution is ba/cb. At 
point e on the lever def, which corresponds to a point near the inside 
edge of the subscale, the oxide to metal ratio is de/ef. Obviously ba/cb is 
larger than de/ef, but the opposite effect is observed in some of the 
photographs where the oxide is most plentiful next to the unoxidized 
solid solution. 
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Perhaps a reasonable explanation is to be found in the influence of the 
rate of the outward diffusion of the unoxidized alloying element. As the 


x YE Cu 

Fie. 16.—DeETAIL OF SCHEMATIC DIAGRAM OF Fic. 4 WITH TIE LINES DRAWN TO 
INDICATE CHANGE IN RELATIVE PROPORTIONS OF OXIDE AND METAL SOLID SOLUTION 
ACROSS SUBSCALE ZONE. 


a b c d 
Fic. 17.—A oy oF 0.103 PER CENT SILICON OXIDIZED AS INDICATED BELOW. X 50. 
Showing increasing tendency toward grain boundary diffusion and precipitation 
as temperature is lowered as well as decreased rate of oxidation at lower temperatures. 
a, heated 1 hour at 1000°C. c, heated 48 hours at 750°C. 
b, heated 8 hours at 871°C. d, heated 97 hours at 600°C. 


subscale grows the path through which the oxygen must travel to reach 
the zone of reaction increases, but the path of the diffusing alloy element 
remains the same. Thus the rate of delivery of the metal atoms will 
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tend to overtake the rate of delivery of the oxygen, thereby decreasing 
the rate of advance of the reaction zone and increasing the total quantity 


of oxide formed at each step in the advance. 


Exceptions to this behavior 


e 
Fie, 18,—Coprrr AuLoys oxipizep At 600°C. XX 50. 
Showing various degrees of grain-boundary penetration. 


a, 0.02 per cent Be. 
b, 0.25 per cent In. 
c, 0.1 per cent Mg, 
d, 0.06 per cent Al, 
é, 0.16 per cent Zn. 


Photographed in polarized light. 
Photographed in polarized light. 
Photographed in polarized light. 
Photographed in bright field. 
Photographed in bright field. 


may, upon this basis, be explained as instances of a very slow diffusion 


of the metallic element. 


The structures discussed thus far have been formed at the relatively 
high temperature of 1000°C. At 600°C. a remarkable difference is 
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found in the distribution of the oxide in a large number of the alloys. 
The oxide particles, instead of being deposited with apparent disregard 
for the matrix grains and grain boundaries, as they are at the higher 
temperature, occur in high concentration along the boundaries. More- 
over, in many cases, the matrix grain boundaries contain oxide particles to 
a depth far in advance of the principal front of reaction. This may be 
caused by a more rapid diffusion of oxygen along the grain boundaries 
than through the mass of the grains at this low temperature. A series of 
photomicrographs illustrating this behavior is assembled in Fig. 17. 
These depict the structure of a copper-silicon alloy oxidized at four 
temperatures: 1000°, 871°, 750° and 600°C. The sdmple treated at 
1000°C. shows no heavier precipitation at the grain boundaries than 
elsewhere. A treatment at 871°C. produces a structure in which the 
grain boundaries are lightly but definitely delineated by a precipitate. 
~ At 750°C. the grain boundaries are heavily outlined with oxide out to 
the general front of reaction and at 600°C. the deposits along the bound- 
aries extend far ahead of the main reaction front. 

Some alloys failed to exhibit such extreme differences at the various 
temperatures of reaction, but all showed preferential precipitation at the 
grain boundaries when oxidized at 600°C. A group of pictures illustrat- 
ing several degrees of this effect is presented in Fig. 18. 

A similar relationship between transcrystalline and grain-boundary 
diffusion has been reported in the diffusion of thorium through tungsten,” 
but the differences were not so great as in some of the present examples. 
It is altogether reasonable that the difference in the behavior of the grain 
boundary and of the body of the crystal should become less marked at 
elevated temperatures because the excess energy content of the boundary 
should become relatively less important as the total energy content of 
the system increases. 


Liesegang Bands 


In certain of the alloys there occurred a special type of distribution 
of the oxide particles in a series of layers (Fig. 19). This configuration 
has been identified by C. 8S. Smith’ as an instance of Liesegang ring forma- 
tion and does, indeed, closely resemble the familiar structure of that 
name found in gels containing a soluble salt and within which a precipi- 
tate has been formed by the inward diffusion of a suitable precipitating 
reagent. In the literature of the subject there are recorded a number of 
fundamentally different explanations of the phenomenon, none of which 
seems to have been accorded general acceptance. Among them the one 
that appears most satisfactory for the present case is based upon the 
assumption that nucleation may proceed only in the presence of a signifi- 
cant degree of supersaturation of the reacting elements in the solvent. 
Thus a line of nuclei once formed is permitted to grow through the 
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consumption of the dissolved alloying element considerably in advance of 
the reaction zone and further nucleation is possible only in a front well 
ahead of the previous position where the requisite degree of supersatura- 
tion can once more be attained. The process repeating itself at intervals 
in this way deposits the oxide in a series of layers. 

Evidence that the extraction of the alloying metal is proceeding far 
ahead of the reaction zone is provided by Fig. 19a, where a marked 
increase in the grain size appears to be occurring before the advancing 
oxide precipitation. This growth is probably induced by the strains 
set up as a result of the changing of the lattice dimensions of the solid 


a b 
Fia. 19.—ALoy or 0.106 PER CENT BERYLLIUM OXIDIZED 2 HOURS aT 1000°C. a, 
xX 50; 6b, < 500. 
Shows Liesegang bands in subscale zone. 


solution when beryllium is removed. A somewhat similar grain growth 
resulting from the diffusion of zine into copper has been observed.” 
Varied aspects of the same behavior are illustrated in Figs. 20 and 21. 
The copper-aluminum alloy of Fig. 20 presents an almost pearlitic 
appearance. Upon close inspection the oxide lamallae are seen to be 
broken at frequent intervals. No doubt the oxide laid down in this form 
does provide a very significant obstacle to the diffusion of oxygen, for 
the reaction front of Fig. 21a shows definite signs of blocking its own 
further growth. This structure is shown in greater detail in Fig. 210. 
Here it is clearly seen that the silica is first deposited in a solid film, which 
later breaks up and spheroidizes, admitting the passage of oxygen. 
Sometimes subscales of this type spall, cleaving away from the unoxidized 


ee 
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Fig. 20.—ALLoy oF 0.72 PER CENT AL OXIDIZED 2 HOURS AT 1000°C. X 280. 
Pearlitic structure in subscale may be Liesegang bands; that is, a rhythmic pre- 
cipitation of Al,O; in copper. 


b 
a 
Fic. 21.—A oy or 0.180 PER CENT SILICON OXIDIZED 4 HouRS AT 1000°C. a, X 50 
b, X 500. ‘ 
Shows structure resembling Liesegang bands which appear to be partially destroyed 
by spheroidization as oxidation proceeds. 2 
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metal along the line of continuous precipitation (see Fig. 25g). Liesegang 


Fig. 22.—A.oy or 0.103 PER CENT 
SILICON HEATED IN AIR AT 1000°C. 
x 50. 

Shows rapid rate of growth of sub- 
scale in early stages of oxidation. (See 
also Fig. 23.) 

a, heated 3 minutes. 
b, heated 4 minutes. 
c, heated 5 minutes. 
d, heated 10 minutes. 
e, heated 20 minutes. 


bands were identified only in alloys 
containing aluminum, beryllium and 
silicon. The markings were most 
distinct in the alloys of higher 
concentrations which were oxidized 
at high temperatures. 


Rate of Growth of Subscale 


Although the present experiments 
were not designed for a quantitative 
study of the rate of growth of the 
subscale, it is possible to draw from 
them several conclusions of a general 
nature concerning the qualitative 
influence of some factors upon the 
rate of growth. Among the variables 
that may be expected to exercise 
an important influence are: (1) the 
time during which oxidation has oper- 
ated, (2) the concentration of the 
alloy, (8) the rate of the inward 
diffusion of oxygen, (4) the rate of 
the outward diffusion of the alloying 
element, (5) the stoichiometric pro- 
portions of oxygen and the metal in 
the oxide, (6) the temperature of 
oxidation and (7) the oxygen pressure 
at the surface of the sample. 

The velocity of the penetration of 
oxidation decreases with time, as is to 
be expected of a diffusion process in 
which the distance of transport of one’ 
of the reacting elements, in this case 
oxygen, is increasing. Within the 
first ffew minutes of oxidation the 
rate of growth of the subscale is very 
rapid (Fig. 22). A group of samples 
of an alloy containing 0.103 per cent 
Si was heated for a series of time 
intervals in air at 1000°C. After 3 
min. of heating, the first sample 
removed from the furnace was found 


not to have reached the furnace temperature, as was indicated 
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by the absence both of internal oxidation and of complete recrystalliza- 
tion. One minute later, when the next sample was removed, a subscale 
of appreciable thickness was found and in another minute its depth had 
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Fig. 23.—GRAPHIC REPRESENTATION OF RATE OF GROWTH OF SUBSCALE IN ALLOY OF 
Hie. 22. 


a b c d 
Fic. 24.—A..oy or 0.103 PER CENT SILICON OXIDIZED AT 1000°C. IN COPPER-COPPER 
OXIDE PACK. X50. 
Illustrates growth of subscale with time. 
a, heated 1 hour. c, heated 4 hours. 
b, heated 2 hours. d, heated 8 hours. 


been nearly doubled. The nature of this effect is perhaps more readily 
understood from the plot of Fig. 23, where the penetrations measured 
in Fig. 22 are plotted as a function of time. 
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The high initial rate of subscale formation may be a matter of con- 
siderable technical importance, for it indicates that an annealing treat- 
ment under oxidizing conditions can hardly be so short as to avoid internal 
oxidation. Another group of pictures showing the rate of growth of the 
band of internal oxidation in the same alloy treated for longer time 
intervals in the copper oxide pack is presented in Fig. 24. 

As the concentration of the alloy increases, the rate of penetration of 
the oxidation decreases (Fig. 25). A direct proportionality between the 
concentration and the time required to produce a subscale of a given 
thickness should be expected if all other variables could be held constant, 
for, if the diffusion velocity of oxygen were fixed, the quantity delivered 
to the reaction front and, hence, the quantity of the alloying element 
oxidized, would be directly proportional to the time. Experimentally 
it is not possible to control the diffusion rates of either oxygen or the 
alloying element, both of which change somewhat as the concentration 
of the alloy is varied. The results of a typical test in which three copper- 
silicon alloys were internally oxidized to a common depth at a tempera- 
ture of 871°C. are given in Table 3. 


TaBLE 3.—Copper-silicon Alloys Internally Oxidized 


ALLoy CONCENTRATION, Hours To REeAcH THICKNESS 
Wercut Par Cent S1 or 0.045 Mm, ar 871°C, 
0.180 8 
0.103 4 
0.045 2 


Over the range covered the agreement with the predicted behavior is 
reasonably good. There is a small deviation in the direction of a retarda- 
tion of the rate as the concentration increases; either a lowering of the 
rate of delivery of oxygen to the interface or an increase in the rate of 
delivery of silicon to the interface or both operating together could 
account for the effect as discussed below. 

It is obvious that a small quantity of oxygen in addition to that 
consumed in the oxidation reaction will be required to saturate the copper 
in the subscale, and that this quantity should be approximately the same 
in alloys of all concentrations. Even at high temperatures, where the — 
oxygen solubility is the greatest, the amount required for this function 
will be very small compared with that involved in oxidation.* 

Since oxygen in passing from the surface of the sample to the zone of 
reaction travels through copper impoverished in the solute metal by the 
precipitation of the oxide, it might be expected that the delivery rate of 
the oxygen would be independent of the alloy concentration. Possibly 


* Taking 0.015 per cent as the solubility of oxygen at 1050°C., and assuming the 
oxidation of a copper-silicon alloy containing 0.1 per cent Si, the distribution of the 
oxygen would be 0.0015 grams per c.c. dissolved in the copper and 0.1053 grams per 
c.c. as SiOx. At lower temperatures the quantity of dissolved oxygen would be much 
lower. 
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Fic. 25.—CorpEr-SILICON ALLOYS OXIDIZED 2 HOURS AT 1000°C. X 50. 
Shows decrease in rate of growth of subscale as silicon concentration increases. 


(See also Fig. 14.) Percentage of silicon as follows: 
a, 0.045 e, 0.30 


b, 0.076 —f, 0.59 
c, 0.103 g, 0.85 
d, 0.180 


at low concentrations this is approximately true, but at higher concentra- 
tions of the solute the precipitated oxide must provide a significant 


barrier to oxygen diffusion (Fig. 21). 
The rate of delivery of the alloying element to the interface necessarily 


will increase with the concentration of the alloy as a result of the greater 
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diffusion gradient. This will have the effect of retarding the penetration 
of oxidation, because, with more of the oxidizing element delivered to the 
zone of reaction, more oxygen will be required to complete the precipita- 
tion at each step in the advance. Various elements diffuse through 
copper at different rates and the importance of the effect in various sys- 
tems differ accordingly. A close relationship between the stoichiometric 
proportions of the oxide formed and the rate of the subscale growth seems 
necessary; twice as much oxygen is required to produce a formula weight 
of SiO» as would be needed to produce a formula weight of MgO, and the 
time to form a given thickness of subscale, accordingly, should be twice 
as long for the silicon alloy. The data available at present have failed 
to verify this relationship, but they are too few to provide an adequate 
test in which all other variables are held constant. 
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Fic. 26.—Repior or para or C. §. SmirH, SHOWING RELATIONSHIP BETWEEN 
PENETRATION AND TEMPERATURE OF OXIDATION FOR AN ALLOY OF 0.103 PER CENT SI. 
PENETRATION IS MEASURED IN MILLIMETERS. 

Duration of heat-treatment, 2 hours. 


The rate of growth of the subscale increases rapidly with rising 
temperature, as may be seen by reference to Fig. 17. C. 8S. Smith has 
measured this effect in a copper alloy containing 0.103 per cent Si and 
has published a curve. If his data are replotted with one axis the recip- 
rocal of the absolute temperature and the other the log of the penetra- 
tion squared, a straight-line relationship results (Fig. 26). This behavior 
is precisely of the type to be expected of a diffusion process operating in 
accordance with Fick’s law, where the log of the diffusion coefficient is a 
linear function of the reciprocal of the absolute temperature and the 
square of the distance is proportional to the diffusion coefficient. 

At low temperatures some confusion in the measurement of the depth 
of the subscale arises because of the increasing dominance of grain- 
boundary penetration. Two separate rates of oxidation may then be 
measured: one the progress of the transcrystalline front of reaction and 
the other the limit of oxidation along grain boundaries. Since a transfer 
of oxygen from the boundaries into the grains and vice versa is certain to 
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occur, neither of these rates may be wholly separated from the other; 
the grain-boundary penetration will be smaller and the transcrystalline 
penetration greater than if the two could be isolated. 

The effect of the oxygen pressure upon the rates of internal oxidation 
has not yet been studied at any length. It is to be anticipated that the 
further the oxygen pressure is lowered below the decomposition pressure 
of cuprous oxide, the slower will be the penetration, because with a 
lower concentration head of oxygen the diffusion gradient will be less 
steep. At a pressure equal to or below the decomposition pressure of 
the oxide of the alloying element, the reaction will cease altogether. 
Oxygen pressures above the decomposition pressure of cuprous oxide 
can be expected to affect the rate only to the extent that the quantity of 
oxygen in solution in the cuprous oxide surface scale is increased. 

In a single experiment a copper-tin-beryllium alloy was heated in a 
mixture of copper-tin powder and stannous oxide instead of in the usual 
mixture of copper and copper oxide. The rate of formation of the 
beryllium oxide was here very much slower than when treated under the 
usual conditions. Because of the lower decomposition pressure of 
stannous oxide the oxygen pressure operating in this case was much 
lower than that provided by cuprous oxide. 


Internal Oxidation in Ternary Alloys 


Ternary-alloy behavior under conditions of internal oxidation is of 
special interest both from a scientific and a practical point of view, 
because the majority of the technically important alloys are of ternary or 
higher order systems. Photographs of the subscale appearing in several 
such alloys are presented in Figs. 27, 28 and 29. The copper alloys 
containing tin or zine with aluminum, beryllium or silicon all show two 
distinct subscale zones. The oxides of both of the alloying elements 
occur in the outer band while only one of the oxides appears in the inner 
band. Thus there are, in effect, two subscales overlapping with one 
protruding farther into the sample than the other. Only one subscale 
zone can be seen in the alloy of copper-aluminum-beryllium (Fig. 29). 

In general, it is to be expected that two separate reaction fronts 
should occur, because the lower limit of oxygen concentration at which 
the various oxides form will usually be different (Fig. 30). The mini- 
mum oxygen pressure for reaction is not a constant of the alloy system, 
but depends upon the concentration of the alloy and the temperature as 
well. Hence, it is to be expected that the order in which the oxides 
occur and the relative widths of the two subscale bands will change with 
the concentration of the alloy. This effect may be seen in a comparison 
of Figs. 31 and 28a. In the former alloy the tin to beryllium ratio is 
about 15, while in the latter it is 820, and the band of tin oxide, the 
coarser precipitate, is relatively much narrower in the first than in the 
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Fic. 27.—TERNARY ALLOYS OXIDIZED FOR 2 HOURS AT 1000°C.  & 500. 

Band of coarse particles is three-phase subscale of zinc oxide with more stable 
oxide and copper. Second subscale is narrow band of fine precipitate at top of each 
picture. White band at bottom may be result of dezincification. 

a contains 9.52 per cent Zn + 0.03 per cent Be. 
b contains 9.24 per cent Zn + 0.13 per cent Al. 
c contains 9.81 per cent Zn + 0.085 per cent Si. 


second. At some particular concentration of the alloy the widths of 
the two subscale zones may become equal and appear as one (Fig. 29). 

As with the less complex alloys, it is possible by means of phase dia- 
grams to obtain a more comprehensive view of the modes of behavior 
to be expected of the ternary alloys. The diagram, including oxygen, 
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a b C 
Fig. 28.—TERNARY ALLOYS OXIDIZED FoR 3 HOURS AT 900°C. X 500. 

There are two subscales: (1) a band of coarse particles of tin oxide with fine parti- 
eles of other oxide in lower half of picture, and (2) a band of fine particles of second 
oxide near top of picture. 

a contains 4.93 per cent Sn + 0.006 per cent Be. 
b contains 5.43 per cent Sn + 0.06 per cent Al. 
c contains 5.02 per cent Sn + 0.085 per cent Si. 


Fic. 29.—Atztoy or 0.003 PER CENT BERYLLIUM AND 0.049 PER CENT ALUMINUM 


OXIDIZED 2 HOURS AT 1000°C. X 50. 
Shows but a single zone of subscale. 
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is now of the quaternary class. A simplified three-dimensional isotherm 
is represented by its external fields only in Fig. 32a. Even the simplest 
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SUBSCALE + _ SUBSCALE SOLID SOLUTION 
AO+BO+Y ~~~ -BOFY Y 
Fic. 30.—ScHEMATIC REPRESENTATION OF CONCENTRATIONS OF DISSOLVED OXYGEN AND 
TWO SOLUTE METALS IN TERNARY ALLOY UNDERGOING INTERNAL OXIDATION. 
Element A will oxidize down to an oxygen concentration of b, but element B con- 
tinues to oxidize until oxygen concentration reaches lower value c. 


Fig. 31.—A..oy or 0.30 per cENT TIN + 0.02 PER CENT BERYLLIUM OXIDIZED FOR 2 
HouRS AT 1000°C. 50. 
Shows double band of sparsely distributed tin oxide plus much beryllium oxide 
next to surface and zone of beryllium oxide alone next to unoxidized metal. Upper 
band is proportionally much wider than in Fig. 28a. 


diagram of this kind is too complex for easy interpretation and to further 
simplify the discussion a two-dimensional section has been taken (Fig. 
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Fig. 32.—ScHEMATIC REPRESENTATION OF CONSTITUTION OF QUATERNARY SYSTEM 
COMPOSED OF THREE METALS AND OXYGEN. 
ais an isotherm and 6 a section through isotherm taken through region indicated 
in a by dotted triangle A’B’O. 


b 

a 

Fig. 33.—ALLoys oF (a) 0.28 PER CENT CADMIUM AND (6) 2.09 PER CENT PHOSPHORUS 
OXIDIZED 2 HOURS AT 1000°C. X 50. 
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32b) along the plane designated by the dotted triangle in Fig. 32a. 

Compositions occurring along the side A’B’ represent solid solution 
alloys of C with A + B present in various proportions from A alone to B 
alone. Such alloys, barring the sensible diffusion of the solute metals in 
the presence of oxygen, as mentioned in connection with the binary alloys, 
form a series of scale layers represented by points along the dotted line 
connecting the alloy with the oxygen corner of the diagram. Thus 
alloy w forms two subscales, y + AO and y + AO + BO and a surface 
layer of AO + BO + CO while alloy y reverses the arrangement, forming 
subscale layers of y + BO and y + AO + BO. It is to be anticipated, 
then, that the identity of the oxide forming the inner subscale can be con- 
trolled by a suitable adjustment of the original alloy concentration. At 
some one concentration only one band will occur, as in alloy x. Cases y 
and z are related as the alloys of Fig. 31 and 28a, in that the relative widths 
of the two subscale zones are altered by changing the alloy composition. 

In the immediately preceding section it was mentioned that a copper- 
tin-beryllium alloy was oxidized in a mixture of bronze and stannous 
oxide. No tin oxide was precipitated, only beryllium oxide. This 
suggests a method by which the preferential oxidation of certain con- 
stituents of an alloy may be accomplished. Obviously there will be no 
choice of the order of oxidation if the alloy concentration is fixed. 


Oxidation Accompanied by Melting 


The oxidation of several alloys such as those containing the larger 
additions of phosphorus or cadmium was accompanied by partial melting 
when treated at 1000°C. (Fig. 33). Under normal conditions liquation 
would be expected in these alloys when heated at 1000°C. without oxida- 
tion. It might be expected also that the removal of the alloying element 
from solution in the subscale would eliminate the normal liquation in this 
zone; something of this sort seems to have occurred in the cadmium 
alloy Fig. 33a. The rounded outline of the oxide particles suggests, 
however, that they may themselves have been liquid at the time of 
formation. In the phosphorus alloy (Fig. 33b), where a much wider sub- 
scale has formed, the precipitation is predominantly at the grain bounda- 
ries and exhibits clear evidence of having been molten. The similarity 
between this structure and those of Fig. 18 is striking. Probably the 
oxygen has again diffused chiefly along the grain boundaries, for it is 
generally true that diffusion is more rapid in liquids than in solids. 
Alloys of several other systems that might be expected to exhibit similar 
liquation showed no evidence of such behavior, possibly because the 
alloy contents were too low. It has been noted that the external oxida- 
tion of the alloys in which melting occurs proceeds at an exceedingly 
high rate. 
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Identification of the Oxides 


Because of their fine particle size the positive identification of the 
chemical nature of the precipitates has proved difficult and must form 
the subject of a separate research. In many cases when only one oxide 
is known or when the compound has an obviously characteristic color or 
response to reflected polarized light, it seems altogether reasonable to 
assume that the precipitate is the oxide so indicated. Thus it is reason- 
ably certain that the oxides Al,.O3, Si02 and MgO have formed. In other 
cases, when several oxides are possible, the best hope of identification lies 
in a determination of the chemical composition or of the crystal structure 
and parameters of the precipitates. Attempts to obtain X-ray diffraction 
patterns of the precipitates in place have not yielded promising results. 

Further experiments designed to separate the precipitates for identifi- 
cation are under way. 


SUMMARY 


A group of 40 binary copper a-solid solution alloys has been subjected 
to oxidation at elevated temperatures both in the air and in a closed 
container packed with a mixture of copper metal powder and cuprous 
oxide. Internal oxidation has been found in the binary combinations 
containing Al, Sb, As, Ba, Be, B, Cd, Ca, Ce, Cr, Co, Cb, Ga, Ge, In, Fe, 
Pio via iin, Ni, P, Se, Si, Na; Sr, Ta, Sn, Ti, W, V, Zn, and Zr, 
External oxidation alone was found in alloys with Ag, Pt and Pd. The 
behavior of alloys containing Bi, 8, Te and Tl was uncertain. 

The particle size of the precipitated oxides depends upon the chemical 
nature of the alloying element, the concentration of the alloy and the 
temperature of oxidation. Very stable oxides tend to form fine pre- 
cipitates while the less stable ones form coarse particles. High tempera- 
tures of oxidation and high concentrations of the alloying element both 
favor a large particle size. Extensive agglomeration is rarely found. 
Occasionally Widmanstatten figures occur. 

The distribution of the precipitate varies from system to system and 
with the temperature of oxidation. In some alloys the particle count 
increases inward and in others the opposite occurs. A more or less uni- 
form distribution of the oxides, which seems to be characteristic of high- 
temperature oxidation, gradually changes to precipitation, predominantly 
at grain boundaries, as the temperature of oxidation is lowered. 

The rate of growth of the subscale decreases with time, with an 
increasing concentration of the alloy, with lower temperatures and with 
lower oxygen pressures; the time to form a given thickness of subscale is 
almost directly proportional to the concentration of the alloy; the log of 
the thickness squared is a linear function of the reciprocal of the abso- 
lute temperature. 
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Ternary alloys containing copper with tin or zinc and aluminum, 
beryllium, or silicon, all exhibited double zones of internal oxidation, the 
outer band containing the oxides of both metals and the inner band the 
oxide of only one metal. The relative widths of the bands can be varied 
by changing the alloy composition and the precipitation of one of the 
oxides may be suppressed by sufficiently lowering the oxygen pressure. 

Under certain conditions liquation may accompany internal oxidation. 

An extensive discussion of the application of phase diagrams to the 
rationalization of ‘oxidation behavior has been included. 
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DISCUSSION 
(R. M. Brick presiding) 


F.N 
C. E 
F.N 
ahs. Oh. 


i. P. Potusuxrin,* New York, N. Y.—I should like to ask about the real nature 
of oxide particles shown in the photographs. Are these particles completely separated 
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from the solid solution, just as the particles of cuprous oxide are in the normal copper- 
copper oxide eutectic, or are they merely nuclei with some oxide agglomerated around 
but still remaining within the solution? If the latter is true, how can we know that 
the particles are really oxides and not something else, since they have not been 
sufficiently mineralized to exhibit under the microscope a typical color of oxide? 

The line of demarcation between the oxidized zone and the normal metal at 1000°C. 
is straight, whereas in the specimens heated to 600° the oxidation has followed the 
boundaries and the specific directions within the grains. It seems to me that the 
explanation of this difference lies in a too violent effect of heat at high temperatures, 
so that comparatively minute specific differences presented by anisotropy of crystals 
disappeared entirely. It is desirable that further experiments be carried on at lower 
temperatures, so that the structural aspects of the process of internal oxidation could 
be revealed. There is no doubt that the study of all conditions in the subscale has 
not only scientific interest but also great practical importance. When we observe 
scale on one grade of copper peeling off easily and in large pieces, while on another 
grade it stubbornly adheres, we have no explanation for this difference. It is certain 
that the answer could be found in some specific conditions of internal oxidation, 
such, for instance, as the formation of films or evolution of gases in the subscale zone. 

I feel that we should greatly appreciate Dr. Rhines’ valuable contribution to our 
scant knowledge in this field. 


J. L. Curistiz,* Bridgeport, Conn.—We hear a good deal about theoretical papers 
and practical papers. Anyone who has faced the problem of annealing and pickling 
beryllium copper on the silicon bronzes will find in Dr. Rhines’ paper a great deal 
that is of practical value. While the work was done on a laboratory scale instead of 
under mill conditions, the understanding of the fundamentals of the problem as 
brought out in the paper should be a long step forward in the direction of a solution 
of the practical problem. 


A. A. Suir, Jr.¢ AND J. S. Smart, Jr.,f Barber, N. J.—In his description of the 
experimental procedure the author enumerates four sources of impurity pickup. It 
seems probable that the impurities already present in the copper and those added 
with the alloying agents, in most cases, may be regarded as being too low to interfere 
with the experimental results. However, the impurity pickup from the crucibles and 
the oxygen content obtained by casting through air may possibly be of much greater 
influence than is indicated by the blank alloy, No. 82. The writers have observed 
on numerous occasions that electrolytic copper melted in clay graphite crucibles 
under reducing conditions increases in impurity content to an appreciable extent. 
Of the several elements picked up, iron usually represents a large portion of the total, 
and the amount obtained can be sufficiently high to be of considerable concern in 
experimental work of the type under consideration, 

The criterion as to whether an interfering precipitate of these “blank impurities” 
was obtained in the present diffusion experiments is, of course, the initial oxygen 
content of the castings. It is well known that a stream of molten copper poured 
through air absorbs oxygen rapidly, and that the amount absorbed varies to a 
large degree between castings in spite of careful efforts to control the conditions. 
The author’s observation that oxide particles were frequently observed in many 
specimens prepared for test is thus to be expected. The fact that the blank alloy 
No. 82 showed no precipitation after diffusion can thus be hardly advanced as proof 
of the absence of interfering impurities, since it is possible that in this sample they were 
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already precipitated because of casting conditions that permitted the pickup of the 
necessary oxygen content. 

The melts containing alloying additions are subject to the same interfering factors 
but the degree of interference is largely dependent on the properties of the added 
element. The alloys containing appreciable amounts of strong deoxidants having a 
relatively high solubility, such as phosphorus, silicon and aluminum, are least affected; 
the impurities picked up in melting are probably present in solid solution, and those 
that combine with oxygen are then precipitated during the diffusion period along 
with the alloying element, the latter being present in such excess as to render the 
interference negligible. 

Elements of very low solubility or of high volatility at the temperature of the melt 
are not only difficult to retain in solution in desirable quantities but are apt to protect 
the “blank impurities” from oxidation during casting, being further depleted in the 
process, and possibly existing in the solidified casting in smaller amounts than the 
“blank impurities.”” For example, alloy 81, containing only “traces of Ca,” shows a 
rather heavy precipitate for such an analysis, suggesting that the oxides formed 
may be due to the presence of some other impurity. In this respect, it will be noted 
that the copper assay of sample 82 is 99.95 per cent, a rather low result for oxygen-free 
electrolytic copper, which should run about 99.98 per cent (usual limit of accuracy 
+0.01 per cent). Other additions of suspected low solubility, such as tungsten, 
have not been detected in the samples of analysis and also are open to question. No 
doubt the author’s conclusion that all of the alkaline metals form subscales is correct 
in view of their high affinity for oxygen but it does not appear that their oxides have 
been conclusively presented in evidence. 

In other instances the results have been described as ‘‘uncertain”’ but the conclu- 
sion has been drawn that oxidation takes place; arsenic has been thus described. 
There are considerable data in the literature to indicate that arsenic can exist in 
solid solution in copper in the presence of substantial amounts of oxygen, and the low 
conductivity of oxygen-bearing arsenical coppers is well known. Hanson and 
Marryat?! present evidence that the drop in conductivity is independent of the oxygen 
content, except for the volume effect of the excess Cu2O, for a number of arsenical 
coppers. It would seem that if oxidation of arsenic occurs during diffusion, it would 
also readily proceed in the presence of an excess of CusO. Again, the identification 
of the precipitate obtained appears to be of considerable importance, 

Inasmuch as the author indicates that the work that has been presented in the 
present paper will be continued in somewhat more detail, and that identification of 
the precipitates will constitute a major objective, future results may determine 
which of the several apparent possibilities in the interpretation of the data are to be 


preferred. A simultaneous extension of the theoretical treatment already given in 


the present paper will be of wide general interest and would be a welcome addition 
to the data already at hand on the phenomenon of diffusion. 


F. N. Rares (author’s reply).—The apparent indefiniteness of the boundaries 
of many of the precipitate particles pointed out by Mr. Polushkin is probably not real, 
but simply the result of the fineness of the particle size and relief in the polished 
surfaces. When one of the precipitates, such as SiO», is removed from the copper 
matrix by dissolving away the metal with acid, it is found to be composed of minute 
idiomorphie particles, which, upon examination with a petrographic microscope, 
seem to possess the usual characteristics of the mineral. It is hardly surprising 
that mere corners of such particles protruding from the opaque copper matrix should 
fail to show the characteristic colors when it is remembered that the ruby color of 


*1 Hanson and Marryat: Jnl. Inst. Metals (1927) 37, 121-163. 
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much larger particles of cuprous oxide embedded in copper can be brought out only 
by the use of polarized or oblique light, and even then with difficulty. 

Mr. Polushkin’s views with regard to the influence of the temperature range upon 
the appearance of anisotropy and predominant grain-boundary diffusion are clearly 
in accord with the observed facts, although it may be questioned whether there is 
any true parallel between diffusion as such and reaction at surfaces. Further studies 
at the lower temperatures do, indeed, seem most desirable from a practical standpoint. 
It should be emphasized, however, that the rate of internal oxidation drops off very 
rapidly with falling temperature and for practical purposes is probably negligible 
at a little below 600°C. There is another factor, besides the preferential oxidation 
along grain boundaries, that may be very important in determining whether or not an 
oxidized zone may adhere to the base metal—namely, the concentration range of the 
alloy; peeling of the subscale was almost always observed among the “high”-silicon 
alloys and not at all among those with ‘‘low”’ silicon. 

Mr. Christie’s suggestion of a practical application of information on internal 
oxidation is welcome; to it may be added another that has recently come to the 
attention of the author. When certain of the internally oxidized alloys are annealed 
in hydrogen, embrittlement beyond that ordinarily observed in deoxidized coppers 
that have been annealed in alternately oxidizing and reducing conditions is found. 
Studies now in progress show that zinc oxide, for example, greatly aggravates hydro- 
gen embrittlement. 

Whether or not the quantities of impurities introduced into the alloys by the 
action of the addition agents upon the crucibles are sufficient to vitiate some of the 
results of this research, as Messrs. Smith and Smart have suggested, it is altogether 
appropriate that this factor be given serious consideration. Even though an impurity 
such as iron is not present to the exclusion of the intended addition, or in an amount 
sufficient to mask the appearance of the alloy oxide, it may cause the appearance of a 
second precipitate of iron oxide that would complicate rate studies. The author 
feels that he has adequate proof that the intended addition agents have been responsi- 
ble for the effects reported, but is quite willing to concede that iron oxide in minute 
quantities may be present in any or all of the subscales examined. The experimental 
proofs are of two kinds: an inductive proof depending upon a crude observation of rates 
of oxidation and an actual identification of the precipitates formed. 

Since the presentation of this paper an additional group of copper-iron alloys has 
been made and studied and the majority of the alloys in which internal oxidation 
was found have been analyzed for iron. The largest iron impurity found was 0.035 
per cent Fe in the cerium alloy, No. 61. (Commercial cerium, used in making this 
alloy, carries iron as a principal impurity.) It was found that a binary copper-iron 
alloy containing 0.0375 per cent Fe will oxidize all the way through in 2 hr. at 1000°C.; 
ie., three times as far as the cerium alloy was oxidized. Thus there must be something 
in the cerium alloy besides iron that is consuming oxygen during internal oxidation. 
The same argument applies with even greater force to the remainder of the alloy 
list; the effects observed cannot be accounted for by iron alone, or, since the new iron 
alloys were made by the former technique, by iron together with the other impurities 
introduced during melting; they must be due in large part to the intended additions. 

Experiments on the direct identification of the oxides are still incomplete, but even 
at the present stage it is evident that the results will bear out the assertions of the 
paper in almost all cases. From the 33 alloy systems in which internal oxidation 
was observed, 20 representative samples have been examined, so far, and the precipi- 
tates have been positively identified by X-ray diffraction methods in nine of them as 
as follows: kappa Al.O3, Cr2O2, Fes04, Pb3Ou, SiOz, SnOz, TiO», ZnO, and ZrO». More 
effective methods for isolating the precipitates are being developed for the identifica- 
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tion of the remainder of the list. Of all of the oxides identified, iron oxide seems to 
be the most easily detected and all 20 samples have been examined for its presence. 
Detectable quantities were found only in the copper-iron alloys and in alloy 114 
(nominally 0.1 per cent W). As yet the cerium alloy has not been examined, but the 
list does include calcium, which has been brought into question. The results of this 
study when completed will be published. 

The author feels that the evidence relative to the effect of oxygen upon the con- 
ductivity of copper-arsenic alloys is still too confused to argue either for or against 
the formation of a precipitate of an oxide of arsenic upon internal oxidation. Con- 
tradicting the work of Hanson and Marryat is what appears to be an equally careful 
investigation by Greaves,?? who found that the addition of oxygen to a copper-arsenic 
alloy materially lowers its conductivity. The consensus seems to be that copper and 
arsenic form a ternary oxide and it may be this that is precipitating, thus withdrawing 
a minor quantity of arsenic from solid solution. The zone of internal oxidation was 
clearly visible in the alloy containing low arsenic, No. 105, but not in No. 62. The 
behavior in this respect seems to be similar to that of lead. 

Finally, it is interesting that the subsequent studies upon the identification 
of the oxides have shown that the precipitate in alloy 53 (0.1 per cent Fe) is Fe;O.4 
and not FeO or Fe.0;. This oxide appears near the head of Table 2, agreeing with 
the order of precipitate particle sizes as shown in the photomicrographs of Figs. 6 to 12. 


22 Greaves: Jnl. Inst. Metals (1912) 7, 231, 232. 


Copper Embrittlement, TV 
By L. L. Wyman,* Memsper A.I.M.E. 


(Chicago Meeting, October 1939) 


THE resultant embrittlement caused by the exposure of oxygen- 
bearing copper when hot and exposed to reducing gases has been the 
subject of many studies.!_ Little attention, however, has been given to 
the possible embrittling effects due to atmospheres or conditions that 
under some circumstances might be the source of a reducing gas. 

At rather infrequent intervals there occur reports of copper becoming 
embrittled during normal annealing cycles in commercial steam-atmos- 
phered furnaces such as customarily are used for this operation. As 
might be expected, several other factors exist—such as oil, dirt on the 
wire, or in the furnace, or metallic surface contacts—that might produce 
reducing gases and be the source of the trouble. However, in consider- 
ation of the statement made by Ruder,” it would seem that under some 
conditions steam itself might prove to be the source of trouble. 

A consideration of the amount of the dissociation of water vapor up 
to temperatures of the melting point of copper shows that? the amount 
of hydrogen that could come from this source is far too minute to account 
for any embrittlement. What such information does not tell is what 
will happen at the surface of copper when subjected to steam at elevated 
temperatures, for entirely different conditions may persist, which would 
account for Ruder’s observation. Furthermore, there are no data as to 
what might happen at the surfaces of other materials present, the result- 
ant of which might affect the condition of the copper present. 

For this reason, it was decided to make a series of experiments com- 
parable to those previously conducted by the writer,! which would clarify 
the effect of the steam on copper, and in copper in the presence of steel. 


MATERIAL 


The material used in these experiments was tough-pitch copper wire of 
rectangular cross section, about 1 in. thick, picked at random from the 
regular factory production of material used for windings, etc., in the 
electrical industry. Chemical analysis of this material gave the follow- 


Manuscript received at the office of the Institute Aug. 11, 1939; revised Nov. 17, 
1939. Issued as T.P. 1197 in Merats TecHNo.toey, April 1940. 
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ing results: “‘Spectrographic examination showed the absence of impurities 
in amounts abnormal for the best grade of electrolytic copper. There 
were no additions for either hardening or deoxidation . . . examination 
has shown that the copper is tough pitch of excellent purity.”’ Analysis: 
copper, 99.968; silver, 0.0009; oxygen, 0.028; sulphur, 0.0007. 


MertTuHops 


For the heat-treatment, a Nichrome-wound furnace was constructed. 
Through this furnace was placed a steel tube connected at one end with a 
pipe that was attached to the steam line and closed at the other end by a 
pipe cap, through which a small hole was drilled to permit the escape of 
steam. At the charging end of the furnace there was also a small pipe 
tapped into the steel tube, which permitted the drainage of any con- 
densate and also the escape of steam. 

The copper samples were cut about 5g in. square, and these samples, 
after proper stamping for identification, were placed on a ‘“‘boat”’ made 
of a stainless-steel strip in which grooves had been made just wide 
enough to permit the sample to be stood on edge in the groove. In this 
way all of each sample, except the very small portion in the groove, could 
be exposed to the conditions prevailing in the furnace. Inasmuch 
as the furnace, tube, etc., were large compared to the boat and its con- 
tents, the actual time lag due to the introduction of the charge into the 
furnace maintained at temperature was fairly small. 

As already suggested, the furnace was brought up to the desired 
temperature and the steam valve so adjusted that there was a visible 
escape of steam, from the small hole in the cap closing the charging end 
of the furnace tube as well as from the condensate drain pipe. A check 
on the consumption of water by substituting a drip flask for the steam 
supply showed that about 75 ¢c.c. per hour was necessary to keep a visible 
flow of steam from the outlet. 

The boat and samples were placed in the center of the length of this 
furnace, where the heat zone had been determined to be uniform over a . 
length greater than the length of the boat. The furnace was closed 
immediately and after the pyrometer indicator showed that the furnace 
and charge had reached the temperature of experiment, samples were 
withdrawn periodically and immediately quenched in water. 

Following this, the samples were sectioned and polished for micro- 
scopic examination, to ascertain the depth to which embrittlement, if 
any, had taken place under the particular conditions of the experi- 
ment. Portions of each sample were sharply bent in order to reveal 
any embrittlement. 

In any instance where doubt existed as to the results obtained, repeated 
runs of additional samples were made for purposes of corroboration. 
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After very careful metallographic polishing, which ensured the 
retention of any particles of cuprous oxide that might be left, the samples 
were examined microscopically in order to determine the dividing line 
between the part where oxide was still present and the part where it had 
been removed by reduction, leaving embrittled structure. After the 
results had been obtained from this examination, the samples were 
lightly etched with the sulphuric acid, dichromate etching solution and 
further examined for depth of embrittlement. This method of examina- 
tion is the same as that used in previous embrittlement work. 

These experiments were run in 100° steps from 600° to 1000°C., 
inclusive, with additional steps at 750° and 850°C. added. The time of 
exposure of the samples to the furnace conditions was in steps of 1, 2, 5, 
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Fic. 1,— RESULTS FROM EXAMINATION OF SAMPLES. 


10, 20, 40, 60, 120 and 240 min., in addition to this it was found that after 
running the 700° test it would be advisable to continue the 750° run and 
this was carried to 24 hr. at temperature. 

Fig. 1 shows the results obtained from the examination of the samples, 
from which it is evident that there is danger from embrittlement in 
“steam,” but occurring at temperatures that ordinarily are considerably 
above those normally used in copper annealing. 

After being subjected to treatment for 4 hr. at 700°C., the micro- 
sections of the samples in this group indicated that the oxide particles 
may have been partly removed in some places, and these samples were 
conservatively rated as having the maximum of 4 mil embrittlement. 

Although the curve at 750° is carried out only as far as 4 hr. in Fig. 1, 
results of a longer treatment reveal that the curve bent upward somewhat 
and the sample was nearly completely embrittled at the end of a 24-hr. 
run. The 800° curve, of course, does show a more intensive attack 
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on the copper, but it is above 800°C. that the action seems to take place 
with the greatest rapidity, as witnessed by the large spread in the curves 
from 800° to 900°C. It is also interesting that there is not a great deal of 
difference between the 900° and 1000° curves, which might indicate that 


Fia. 2.—OxyYGEN-BEARING TOUGH-PITCH COPPER (0.028 PER CENT COPPER). XX 250. 
a. As received. 
b. Heated in steam for 4 hours at 700°C. 
c. Heated in steam for 4 hours at 800°C. 
d. Heated in steam for 4 hours at 900°C. 
Lightly etched with sulphuric dichromate. 


there is a limiting factor entering into the action and one might legiti- 
mately conclude that this may be the amount of hydrogen available. 
When the set of curves shown in Fig. 1 was compared to the curves 
obtained on copper containing very closely the same amount of oxygen, 
which was run in hydrogen only,! it was noted that in both cases the 
curves grouped together into two sections and that while copper of 
0.026 per cent oxygen run in hydrogen shows that the rate of activity 
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increases markedly above 600°C., the copper used in this experiment 
(0.028 per cent oxygen) in steam shows this rate to have the marked 
increase above 800°C. 

In the experiments previously cited,! it was observed that coincidental 
with the jump in embrittlement rates there was also an increase in 
the extent to which the boundaries were “blown open” by the “gas- 
sing”’ action. 

This holds equally true for the present experiments, as may be judged 
by comparing photomicrographs of the 800° and 900°C. treatments 
shown in Fig. 2. 

Although the former does not 
appear to be embrittled, close 
examination will show that the 
oxide has been reduced. Further- 
more, check tests made by bend- 
ing the halves of samples not used 
for microscopic examination cor- 
roborated the results of the latter. 

Photomicrographs of the 
copper used in this experiment 
are shown in Fig. 2 in the 
as-received as well as in some of 
the heat-treated conditions. 

The foregoing experiments 
show what might occur in acom- *!% caer aay ey Bo ae 
mercial furnace, containing its 
nominally designed structure of steel framework and refractories, and 
its load of copper, in coils and on steel spools. It does not, however, 
show what will happen with nothing but copper and steam present. 
Thus, in order to obtain this information, a second series of experiments 
was conducted. 

In order to determine these fundamental values, tests were made in 
equipment similar to that used in the earlier experiments but in which the 
enclosing tube was of fused quartz. Into this tube distilled water was 
trickled at a rate of about 75 c.c. per hr. The flow of steam from the exit 
end of the tube was comparable in amount to that shown in the first 
series of experiments. The boat on which the samples were carried was 
of the same copper as the samples. 

The entire schedule described for the first experiments was dupli- 
cated, but even after 8 hr. at a temperature of 1000°C. no embrittlement 
was evident. This is shown in Fig. 3, taken at the very edge of the cross 
section of the sample that was exposed to the prevailing atmosphere. 

It is clearly evident that the presence of unreduced Cu:zO at the very 
surface of the metal amply denotes the absence of embrittling action 
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under circumstances wherein the atmosphere alone is the control- 
ling factor. 


CONCLUSIONS 


Mention has been made in this paper of the possibility of the greater 
amount of dissociation of steam due to the presence of metals of various 
kinds in the furnace, and this is to be interpreted in terms of all the metal 
present in the furnace, which includes the steel furnace tube and the 
stainless-steel boat. It has been shown by the second series of experi- 
ments that the presence of such metal must affect the results of these 
experiments, inasmuch as the action at the steel interface causes the 
formation of the reducing gas (hydrogen) from steam. Inasmuch as the 
embrittlement produced in this commercial variety of copper under 
“commercial” annealing conditions could take place only within reason- 
able lengths of time at temperatures above 700°C., it becomes evident 
that any embrittlement that might be found to have occurred in com- 
mercial annealing furnaces using steam atmospheres must certainly, 
in the light of the second series of experiments, be attributed to causes 
other than the steam. 

It may be logically deduced, therefore, that, inasmuch as steam alone 
cannot embrittle copper up to periods of 8 hr. at 1000°C., and the catalytic 
action of the presence of iron can produce embrittlement of major 
importance only at temperatures above 700°C., any embrittlement 
occurring at the customary annealing temperatures must of necessity be 
due to dirt or grease on the copper; or to such materials as volatile 
products from the enamel, dirt, grease, lubricants, or other materials 
carried into the furnace extraneously. 
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DISCUSSION 
(H. M. E. Heinicke presiding) 


J. C. Brapiry,* Waterbury, Conn.—When the polished, unetched surface of 
“‘gassed”’ copper is examined, the line of demarcation between the brittle and sound 
copper can be readily distinguished because the copper and cuprous oxide are of 


* Metallurgist, American Brass Co. 
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different color. After etching, it is frequently difficult to show on a photomicrograph 
where the cuprous oxide was reduced by hydrogen. In Fig. 2, photomicrographs of 
four sections of copper, about 0.008 in. thick, are presented. Depth of embrittlement 
after 4 hr. at 700°C. was found to be 0.0005 in. This would be 1g in. on Fig. 2b. 
Depth of embrittlement after 4 hr., at 800°C. was found to be 0.018 in., so all of 2c and 
2d would show deoxidized copper. I should like to ask the author whether one should 
be able to see any difference on these photomicrographs between reduced and 
unchanged copper, or whether the distinction between them has been eliminated 
in reproduction. 

On page 296, ‘“‘catalytic action of the presence of iron” is mentioned. Is this not a 
straight chemical reaction between iron and steam, the iron gradually oxidizing and 
releasing hydrogen? This was experienced with steam inside a cast-steel retort used 
for annealing copper. The retort was fired on the outside with fuel oil. After nearly 
two years’ use, with temperature at approximately 700°C. at one place, the 114-in. 
steel at this place was oxidized almost clear through from both sides and was very 
brittle, save for a 1/,-in. unoxidized shell in the middle. 


R. H. Cowrn,* Washington, D. C.—The action of steam on certain metals and 
the resulting embrittlement has occupied the attention of several investigators in 
recent years. It is in the light of their results that the conclusions that you have 
drawn as to the cause of the embrittlement of copper are of interest, especially the 
~ conclusions regarding the catalytic action of iron. The presence of steel as the con- 
ductor for steam to the stainless-steel ‘‘boat”’ is not ‘‘catalytic”’ in action, but it takes 
an active part as it is an excellent source for the generation of hydrogen at the tem- 
peratures used in the tests. This action is based on the reaction: 


3Fe + 4H.0 @ Fe;0,4 + 4He 
(steam ) 


which is used commercially for the generation of hydrogen. The work done by C. H. 
Fellows, of the Detroit Edison Co., during 1927 and by R. M. Van Duzer, of the same 
company, from 1934 to 1937 proved conclusively that steel pipe subjected to high- 
temperature steam generates appreciable quantities of hydrogen. The results of 
these investigations have been confirmed by A. A. Potter and H. L. Solberg at Purdue 
University. The latter investigators found that steam at 1100°F. (593°C.) will even 
attack 18-8 and 25-20 stainless steel. The rate of this reaction is appreciable at 
about 900°F. (482°C.) and increases with temperature. It seems obvious that even 
if the copper is freed of ‘‘extraneous” materials, the presence of steel and high- 
temperature steam will exert its destructive action of embrittlement. The additional 
fact that the rate of diffusion of hydrogen through copper increases markedly with 
temperature offers a fertile field for the attack of hydrogen in the copper oxides present, 
with the resulting reduction and embrittlement. 


C. S. Smirx, {),Waterbury, Conn.—It should be pointed out that hydrogen can 
be formed from steam not only by reaction with iron but with almost any other reduc- 
ing material, whether metallic or carbonaceous. In addition to excluding iron from 
furnace charges, it is also necessary to avoid the presence of traces of oil and organic 
matter in order to prevent embrittlement of copper by the production of hydrogen. 
As Mr. Wyman emphasizes, embrittlement from this source does not occur to a 
serious extent except above about 550°C., although hydrogen would have caused 
considerable damage at this temperature. 


* Naval Research Laboratory, Anacostia Station. 
+ Research Metallurgist, American Brass Co. 
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By way of confirmation of the author’s findings I should like to give the results 
of some mechanical tests on copper heated in steam, with and without iron. Samples 
of NEC copper wire of 0.080-in. diameter, containing 0.036 per cent oxygen, were 
heated in a silica tube in an atmosphere of steam produced from distilled water in a 


separate Pyrex boiler. The wires were 
1.2 —— 
€ 
E 1.0 : 
6 
+= 0.8 ~ Hp 
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850°C. (heating time about 5 min.), 
held there for 30 min., then cooled and 
tested. A second run was made, iden- 


heated in the steam atmosphere to 


“o. 
506 Pal Rael Sei tical with the first except that the speci- 
504 : = — mens were in a boat made of 0.01 in. 
€ 0.2|— iets C0 at 1c, we thick Armco iron strip and a coil of the 
S COsaturated,O°C. iron strip was placed in the tube ahead 
500 600 100 800 900 1000 of the boat. Results of mechanical 
Temperature, °C. tests are shown in Table 1. The copper 


Fic, 4.— DEPTH OF DEOXIDATION OF COP- annealed in steam remained ductile but 
Arpad: Syereye een Si se a when iron was present it was completely 
ruined. The microscope showed no 
deoxidation in the sample heated alone, while the wire heated in the presence of iron in 
steam had been completely deoxidized to its center, with intergranular cracking. 
Statements are to be found repeatedly in the literature to the effect that carbon 
monoxide embrittles copper. Some experiments were run to check this.* Carbon 
monoxide was generated by dropping CP formic acid into concentrated sulphuric 
acid at 100°C. and freed from water vapor and carbon dioxide by passing successively 
through sulphuric acid, barium per- 


chlorate (Desicchlora) and sodium hy- eg 

droxide (Ascarite). The dried gas then g 6 

passed through a silica tube, containing + 1.2 

the copper-wire specimens, which was 08 oR 

placed in a hot furnace and rapidly 3 s 

heated to the desired temperature. ¢ ms 

The pressure was substantially atmos- & © 0 2 4 5 
pheric. Bend tests were made on the Time, hours at 950°C. 

treated wires and the depth of penetra- F1a. 5.—D£ox1DATION OF COPPER WITH DRY 


tion was measured microscopically. CARBON MONOXIDE AT 950°C, 

Pieces of 0.40-in. diameter rod containing 0.037 per cent oxygen were included on 
many runs. The data obtained are summarized in Figs. 4 to 7 and some tensile data 
are givenin Table 1. Although heating in dry carbon monoxide has little effect on the 
number of bends the wires will withstand, deoxidation has occurred to a considerable 


depth. On the other hand, carbon monoxide saturated with water at 30°C. (vapor 


pressure of water at 30°C, is 31.8 mm. Hg) severely embrittles the wire. Much less 
but still appreciable embrittlement occurs if the carbon monoxide contains water up 
to the saturation limit at 0°C. (vapor pressure of water at 0°C. is 4.6 mm. Hg). 
Heating in dry carbon monoxide for 30 min. at temperatures below 950°C. leaves 
a core of copper containing the original amount of oxide visible under the microscope. 
On subsequent heating in hydrogen for 30 min. at 850°C., wires in this condition 
become internally brittle and develop surface blisters. The part of the wire from 


*Since this discussion was written a masterly paper by Ransley has appeared 
[Jnl. Inst. Metals (1939) 65, 147-171] confirming the deoxidation of copper by carbon 
monoxide without embrittlement and showing a remarkably high rate of diffusion 
of oxygen. 
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which the oxide has been removed by carbon monoxide treatment remained ductile 
after a subsequent hydrogen anneal. 


TABLE 1.—Tensile Properties of Copper Wire Heated in Reducing 


Atmospheres* 
Temperature of Tensile : 
No. 8 ; 4 El at ands 
(0) Atmosphere eee eee see 2 Lie cod (r eae 
PINS GOAT as Gee ee creo bee ace 850 33,600 39.2 14-14-10-13 
ais teame + arOn... a... 850 21,200 2 Wg-l-1-14 
ih {Dyin O10 ote eee 850 35,100 36.5 13-15-13-12 
wary ©O(2hr)en... . 850 35,500 35.8 13-13-13-12 
4 }CO saturated with jee 35,200 33.3 4-6-7-8 
LO} H:O at 0°C. 850 32,850 39.0 8-9-10-9 
6 | Carbon monoxide sat- 550 34,750 45 13-13-12-11 
7 | urated with water 650 33,400 39.8 8-9-8-7 
5 | vapor at 380°C. 750 32,000 23.8 4-4-4-3 
3 850 23,000 AS 1-1-4-1 
9 850 22,200 13.5 1-44-4-44 
8 950 29,000 18.3 1-1-2-1 


« Wire 0.08-in. diameter containing 0.036 per cent oxygen, 0.0022 per cent sulphur. 
All treatments for 30 min. at temperature except where otherwise stated. Tensile 
properties average of two tests. Individual bend test results given. See Figs. 4 to 
7 for additional bend tests after other treatments. 
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Temperature ,°C. Time of treatment, hours at 950°C. 
Fic. 6. Fic. 7. 


Fic. 6.—Errect OF HEATING IN CARBON MONOXIDE ON DUCTILITY OF COPPER. 
Number of bends to fracture is number of 180° reverse bend cycles over radius 2.5 


times diameter of wire. 
Fig. 7.—BEND TESTS ON COPPER HEATED IN DRY CARBON MONOXIDE AT 950°C. AND 
ON SAME WIRE AFTER SUBSEQUENT HEATING IN HYDROGEN FOR 30 MINUTES AT 850°C. 


L. L. Wyman (author’s reply).—The necessity of selecting a magnification that 
will conveniently show the total depth of embrittlement and at the same time be suffi- 
cient to show the presence or absence of cuprous oxide in the spots creates a dilemma 
which is not at all improved by reproduction; thus all of the photomicrographs in 
Fig. 2 cannot hope to show the depth of embrittlement in its initial stages. 

As to the action of steam with iron, the statement in the paper is correct with 
respect to the copper. Also, in corroboration of the example given by Mr. Bradley, I 
found that the 3-in. iron pipe used in the first part of these experiments had been 
completely oxidized after 300-hr. use at the experimental temperatures. 
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Even though hydrogen can be produced by the reaction of steam with ferrous 
materials at temperatures of 500°C. or so (as cited in the discussion) the amount of 
Hy» produced must be considered insignificant in so far as the present subject matter is 
concerned. This is verified by the fact that at 600°C. no embrittlement was evidenced 
after 24 hr. under conditions wherein the amount of exposed iron was very great in 
comparison to the amount of copper present. At higher temperatures, however, even 
a few iron spools carrying copper may well prove to be sources of troublesome 
embrittlement by the extraneous presence of the iron. 

Dr. Smith’s discussion of the effects of wet and dry carbon monoxide, as well as 
his citation of Ransley’s work, go far to clarify the embrittlement problem. 

Summing up the present knowledge of this entire situation, it would seem that 
hydrogen is the offender, regardless of how it happens to be formed and present; and, 
given enough of it, embrittlement may occur even at 500°C. 

Practically speaking, this resolves itself into several ‘“‘rate’”’ problems that are 
subject to time, temperature, hydrogen production, ete., which establish conditions 
below which oxygen-bearing copper must be annealed in order to eliminate the 
embrittlement hazard. 


Simultaneous Diffusion of Nickel and Silicon in Solid Copper 


By Roserr F. Menu* anp Freperick N. Ruatnes,t Mempurs A.I.M.E. 
(New York Meeting, February 1939) 


RELATIVELY few data have been collected on the rates of diffusion 
in ternary solid solution systems. In general it does not seem worth while 
to gather extensive data for such systems until the factors that determine 
the rates of diffusion in binary systems are better understood. But the 
rates of diffusion in a ternary system of limited solid solubility, in which 
the terminal solid solution is in equilibrium with an intermediate phase 
and may thus be represented as a quasibinary system, represents a case of 
special interest. In this case, where by reason of the association of the 
two solute metals in an intermediate phase a special attraction of the two 
solute atoms may be safely assumed, some interaction of these atoms 
during simultaneous diffusion in the solvent lattice might be expected. 

It has frequently been proposed that molecular solid solutions exist 
in quasibinary and in other ternary (and binary) solid solutions. There is 
no direct evidence for such solid solutions; arguments based upon the 
supposed anomaly in certain physical properties! are hardly important; 
unexpected density relationships have proved deceptive;? suggestions of 
molecular solid solutions have been made on the basis of solution laws in 
their application to certain systems, but without result;? attempts 
to find lattice parameters in the solid solution Al-MgZnz, which cannot 
be calculated from the separate effects of magnesium and zine and might 
therefore be taken as evidence for a molecular aggregation, have given 
negative results.4 

Fundamentally, methods for the determination of the state of molecu- 
lar aggregation in solution depend upon the kinetic behavior of the par- 
ticles constituting the system. If it could be shown that the two solutes 
in a quasibinary ternary system diffuse in molecular proportions, despite 
a radical difference in the separate rates of diffusion of each solute when 
diffusing alone in the solvent lattice, some basis for the concept of molecu- 
lar solid solution would be afforded. Freche’ examined the rates of 
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independent and simultaneous diffusion of magnesium and silicon in 
aluminum—the quasibinary system Al-Mg,Si—and concluded from her 
measurements that magnesium and silicon tend to diffuse in the molecular 
proportions of Mg.Si when the alloy core contains magnesium and silicon 
in this ratio. 

The system Cu-Ni,Si is especially well adapted to the study of the 
possibility of molecular diffusion. The individual rates of diffusion of 
nickel and of silicon in the terminal copper solid solution are known, and 
these rates differ markedly; the variation in these rates with both solute 
concentration and temperature are sufficiently well known. Grube and 
Jedele® determined the diffusion coefficient D for the system copper-nickel 
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5 PER CENT NICKEL IN COPPER AND FOR 2.5 PER CENT SILICON IN COPPER, EACH DIFFUS- 
ING ALONE. 
at 1025° C.; Matano’ recalculated these data so that D could be expressed 
as a function of concentration and also determined the coefficient for - 
diffusion between an alloy of copper and nickel with 10 atomic per cent 
Ni and pure copper, for the temperatures 550°, 700°, 950° C. Since the 
method employed in this latter work did not permit the calculation of D 
as a function of concentration, his results may be taken as pertaining to 
the average composition, 5 atomic per cent; Matano’s data are plotted in 
Fig. 1. Rhines and Mehl’ determined the rate of diffusion of silicon in 
copper over a temperature and a concentration range (0.5 to 7.0 atomic 
per cent Si, 700° to 800° C.); the relationship between D and temperature 
is plotted in Fig. 1, extrapolated to 1000° C.; the curve refers to a con- 
centration of 2.5 atomic per cent Si, just half the concentration of nickel, 
5 per cent, shown in the figure. The relationships plotted in Fig. 1 may 
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be regarded as representing the rates of diffusion of nickel and silicon in 
copper in an alloy with 7 to 8 mole per cent Ni.Si on the assumption that 
each rate is independent of the other; i.e., that there is no interaction. It 
may be seen that the rate of diffusion of silicon is much greater than that 
of nickel; if the curves are extrapolated to lower temperatures, they cross 
at a temperature in the neighborhood of 500° C., at which the two rates 
are identical. At such a temperature nickel and silicon would diffuse 
from a core alloy containing nickel and silicon in the stoichiometric pro- 
portions of Ni.Si, and maintain the stoichiometric proportions of Ni2Si 
during diffusion, assuming no solute interaction, but at no other tempera- 
ture would this quasimolecular diffusion appear. If, despite the great 
difference in the separate D values for nickel and silicon, these two solutes 
should diffuse in molecular proportions over the whole observed tempera- 
ture range, this behavior might be taken as evidence for molecular diffusion. 

Crepaz® reports that Ni,Si forms a quasibinary system with copper; 
the solid solubility of Ni,Si in copper is given as 2.5 weight per cent at 
500° C., slightly less than 5 weight per cent at 880° C., and about 10 weight 
per cent at 1100° C. In order to confirm the conclusion of Crepaz that 
this is in fact a quasibinary system, the nature of the precipitate from the 
terminal solid solution has been shown below by means of X-ray diffrac- 
tion identification to be Ni,Si. 

This paper, accordingly, will present data on the rates of simultaneous 
diffusion of nickel and silicon from a solid solution alloy of copper and 
Ni.Si into pure copper, and will attempt to interpret them particularly 
with respect to solute atom interaction. 


EXPERIMENTAL 


Identification of Precipitate in System Cu-Ni.Si.—Although Crepaz 
studied the etching characteristics of Ni.Si in a cast alloy in which the 
secondary phase was known to be Ni.Si, in the present work no etching 
test was found that could be used to conclusively identify the precipitated 
phase, and it was necessary to resort to X-ray diffraction identification. 
An unusually heavy precipitate was induced at the surface of a sample 
with 4 weight per cent Ni.Si by the technique developed by Brick and 
Phillips, !° consisting in polishing the surface of a freshly quenched sample, 
followed by aging; the homogenization was made at 1000° C. for 16 hr., 
and the aging was performed at 450° C. for 116 hr. For comparison, 
pure Ni:Si was made by melting nickel and silicon together in the proper 
proportions, with the final composition verified by chemical analysis. 
The powder diffraction lines for Ni,Si and for the precipitated alloy were 
obtained in a Weisenberg camera with a gas tube furnishing pure cop- 
per radiation. 

Table 1 lists the diffraction lines obtained from the precipitated alloy, 
together with the comparison lines for copper and for Ni:Si. The NiSi 
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lines from the precipitate all occur at an angle about one degree smaller 
than those from the pure Ni.»Si comparison sample; owing, no doubt, to a 
saturation of the Ni.Si percipitate with copper and a consequent slight 
change in lattice parameter and reflection angles. Three 6 reflections of 
copper and four Ni,Si lines are missing in the pattern from the precipitated 
alloy, but these are all weak lines. The excellence of the agreement leaves 
little doubt that the precipitate in this binary system is in fact Ni.Si. 


TaBLE 1.—X-ray Diffraction Data 


6 Observed Intensity Observed @ for Cu inde <2 6 for Ni2Si hg Le 
72.0 Strong 72.0 a 024 
70.0 B 224 
68.2 Very strong 68.2 a 133 
59.0 B 024 
58.3 Weak 58.6 a 004 
HY (AS) Very weak 56.8 B 133 
50.3 B 004 49.1 Very weak 
47.6 Strong 47.6 a 222 
46.9 Extremely weak 45.9 Medium 
45.0 Very strong 45.0 a 113 
44.0 Extremely weak 43.6 Weak 
43.1 Extremely weak 42.3 Weak 
41.7 Very weak 41.7 B 222 
39.6 Weak 39.6 B 1138 
38.6 Extremely weak 37.8 Very weak 
37.0 Strong 37.0 a 022 
36.1 Very weak 34.9 Very weak 
33.2 Very weak 32.9 B 022 
28.4 Extremely weak 26.8 Weak 
Faye Medium 25.3 a 002 24.6 Medium 
23.9 Very weak 
24.5 Very weak 23.0 Strong 
22.7 Very weak 22.6 B 002 
22.3 Weak 
21.7 Weak 
21.7 Very strong PANSY A a 111 20.4 Very weak 
19.4 Medium 19.5 B 111 


Determination of Rates of Diffusion—The experimental technique 
and the methods for the analysis of data used here have been completely 
described elsewhere ;* it need only be said here that two core alloys were 
employed, one containing approximately 4 weight per cent Ni,Si and the 
other approximately 8 weight per cent NisSi; these were received in the 
form of rolled rods about 34 in. in diameter. Each bar was machined 
accurately to a cylindrical shape and electroplated with copper to a 
thickness of 2mm. Each plated bar was given a diffusion anneal for 
the time period listed in Table 2; layers of about 0.003 in. were then 
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machined from the bar and analyzed. The analytical data are recorded 
in Table 3. 


TABLE 2.—Diffusion Conditions 


Core Analyses (Balance Copper) 
Sample No. : ; pemianare of Time of Diffusion, 
Weight Per Cent Weight Per Cent Deg. C. Days 
Nickel Silicon 
1 6.54 Le 1000 + 1 0.97 
2 3.20 0.81 850 + 1 51255 
3 3.18 0.80 850 +1 53.65 


TaBLE 3.—Diffusion Data 


sate | Ditmee.| seria, | Beek, | samme | Date | Wine, | wei, 
face, Mm. Nickel Silicon ? face, Mm. Nickel Silicon 
1 0.645 0 0.02 3 0.846 0.02 
1 0.419 0 0.05 3 0.784 0 
1 0.257 0.10 0.08 3 0.595 0.07 
1 0.145 0.56 0.26 3 0.530 0 
1 0.097 1.05 0.36 3 0.396 0.12 
1 0.048 1.66 0.40 3 0.340 0.17 
1 —0.006 3.10 0.68 3 0.268 0.17 
1 —0.061 4.60 1.10 3 0.198 0.51 
1 —0.163 5.94 1.46 3 0.135 0.94 
1 —0.312 6.50 1.53 3 0.074 1.53 0.38 
1 —0.544 6.52 1.60 3 0.009 1.53 0.46 
3 —0.065 1.89 
2 0.665 0.04 3 —0.119 2.29 0.62 
2 0.488 0.20 0.04 3 —0.241 2.71 0.73 
2 0.273 0.35 0.14 3 —0.392 0.79 
2 0.128 0.94 0.27 3 —0.465 3.25 0.82 
2 0.081 1.20 3 —0.532 0.78 
2 0.027 1.95 0.29 3 —0.739 3.18 0.80 
2 —0.022 1.81 0.36 3 —0.797 0.83 
2 —0.076 1.94 0.38 
2 —0.1238 2.16 0.48 
2 —0.181 0.521 
2 —0.224 2.59 
2 —0.285 0.61 
Z —0.408 3.03 
2 —0.705 3.20 
2 —0.755 0.81 
THE Data 


Microscopic study of samples of the 8 per cent Ni,Si alloy annealed 
at 1000° C. and quenched showed the presence of a very small quantity of 
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Ni,Si not in solution; similar inspection of the 4 per cent Ni,Si alloy 
annealed at 800° C. and quenched showed a like small quantity of undis- 
solved NiSi; evidently the values given by Crepaz for the solubility of 
Ni.Si are somewhat higher than the true values. The selection of the 
solution to Fick’s law for application to diffusion-penetration curves 
depends upon whether the core alloy, on the one hand, is a homogeneous 
solid solution, or, on the other hand, contains undissolved solute to an 
extent that will maintain the solubility concentration of the solute at the 
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interface throughout the diffusion anneal.!!_ The presence of only a slight 
amount of undissolved Ni.Si in the bar treated as described suggests that 
the present case is an intermediate one; the diffusion-penetration curves 
plotted from the data given in Table 3 are, however, of the symmetrical 
type characteristic of diffusion of a solute from a solution without excess 
solute into a pure solvent (ref. 11, eg. 5), rather than from a saturated 
solution containing excess solute as a separate phase into a pure solvent 
(ref. 11, eq. 4). In view of this, it is possible that the D values quoted 
below are slightly lower than the true values, but the difference can hardly 
be more than a few per cent of the order of accuracy of the measurements. 
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The D values calculated from the data given in Table 3, employing the 
solution of Fick’s law for diffusion from a solution without excess solute 
into a pure solvent, as developed by Matano? are plotted in Fig. 2. 


Discussion oF RESULTS 


The D values for nickel and silicon diffusing separately into copper 
and the D values for nickel and silicon diffusing simultaneously into cop- 
per are listed in Table 4. These values are so selected as to facilitate a 
comparison of separate and simultaneous diffusion at identical concentra- 
tions of each solute, with the two solute concentrations in the stoichio- 
metric ratio of Ni,Si. These comparisons could be made on other bases, 
but the one given will suffice for the purpose. 


TaBLE 4.—Comparison of Diffusion Coefficients 
(D in Sq. Cm. per Sec. XK 10719) 


Nickel Silicon 
Temperature, Composition, 
Per Cent 
Alone With Silicon Alone With Nickel 

1000 1 Si, 2 Ni 10 6 71 14 

2 Si, 4 Ni 6 6 98 8 

3 Si, 6 Ni 5 ff 150 8 

850 1 Si, 2 Ni 2 0.7 13 1 

1PORo 3 UND 1.5 ORG 23 1 


It will be seen that the D values for nickel are relatively little affected 
at either temperature by the presence of silicon. The D values for 
silicon, however, are greatly decreased by the presence of simultaneously 
diffusing nickel, to less than one-tenth at higher silicon contents. Since 
diffusion occurred from a core alloy containing nickel and silicon in the 
stoichiometric ratio of Ni,Si, an equivalence of the D values for simul- 
taneous diffusion could be taken as evidence of molecular diffusion. The 
D values for nickel and silicon diffusing simultaneously are not apprecia- 
bly different in the higher concentrations at 1000° C., as shown in both 
Table 4 and Fig. 2, but appear to differ markedly at lower concentrations. 

A better test may be obtained by comparing the ratio of the atomic 
percentages of nickel and silicon in the individual sample cuts for analysis, 
taken from Table 3. Table 5 shows these ratios, and shows also the 
atomic percentages from which the ratios were derived and the sample 
cuts to which the ratios refer. The values at the bottom of the table are 
those near the core, and the values at the top of the table are those near 
the limit of penetration of nickel and silicon into the copper plate; i.e., the 
ratios at the bottom of the table are for high nickel and silicon solute 
concentrations and those at the top for low nickel and silicon solute con- 
centrations. The atomic ratios of nickel and silicon in the two core alloys 
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were chosen to be equal to two for Ni.Si and are near this value. At 
greater distances from the core—i.e., at lower and lower concentrations of 
nickel and silicon—the atomic ratio in all samples becomes less and less, 
departing from the stoichiometric ratio of two for NisSi to an increasing 
degree. Thus, with increasingly dilute solutions the rate of diffusion of 
silicon becomes increasingly greater than that of nickel. This is shown 
also in Fig. 3, in which the effect of temperature on the D values at lower 
concentrations is illustrated. It must be concluded, therefore, that nickel 
and silicon do not simultaneously diffuse into copper in the stoichiometric 


proportions of Ni,Si, though tending to approach this condition to an 


increasing degree as the concentrations increase. 
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It is a highly interesting and important fact that the interaction of 
nickel and silicon in diffusing simultaneously in copper is such as to. 
approach the ratio of Ni.Si: the rapidly diffusing silicon is retarded by the 
more slowly diffusing nickel, whereas the slowly diffusing nickel is little if 
any affected. It might be assumed on this basis that molecular diffusion 
occurs, but that the molecules at each stage of dilution dissociate to a 
fixed degree, with the degree of dissociation increasing with dilution in an 
orthodox fashion, Table 5. 

The concept of molecular diffusion and therefore of molecular solid 
solutions is, however, not a very attractive one, for it is difficult to visualize 
a molecule—a tri-atomic molecule in the present case—moving through 
the lattice of the solvent. On the basis of cyclic interchange of atoms! 
the probability of a sufficient number of cyclic atom interchanges of the 
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right sort to make room for the molecule would certainly be small; on the 
more modern theory of Wagner-Schottky,!2 which assumes vacant lattice 
positions and the occupation of interstitial positions by atoms, it seems 
highly unlikely that a molecule, necessarily large, could occupy an inter- 
stitial position, or that a sufficient number of adjacent vacant lattice 
positions should be available in the path of the diffusing molecule with 
sufficient frequency to provide the observed mobility of nickel and silicon, 
particularly since the mobility of nickel is essentially unchanged in the 
presence of silicon, which would imply that the molecule moves as rapidly 
as the nickel atom. An assumption of molecular diffusion, however, is 
not required to explain the present data. 


TABLE 5.—WNickel-silicon Ratio 


Ratio of Atoms, Per Cent of Nickel to Silicon 
Te ella RS can et Sample 1, Atoms Sample 2, Atoms Sample 3, Atoms 
interface: Aa er Cent Per Cent Per Cent 

Si Ni Ratio Si Ni Ratio Si Ni Ratio 

+0.3 0.26 | 0.40 | 1.54 | 0.42 | 0.28 | 0.67 
+0.2 0.35 | 0.25 | 0.715) 0.89 | 0.70 | 1.79 | 0.56 | 0.64 | 1.14 
+0.1 0.75 120 Iso |POroo | Lalo ez LI OL 78 | Lise 1.52 
+0.05 DELON 78 1625 | On64 1) 212438" 182. 24 1092") 147-1160 

0 1:52 | 3.30 | 2.17 | 0.74 | 1.70'| 2.30 | 1.07 | 1.76 | 1.64 
—0.05 2.25 | 4.68 | 2.18 | 0.85 | 1.96 | 2.31 | 1.22 | 2.04 | 1.67 
—0.1 2.84 | 5.58 | 2.00 | 0.97 | 2.20 | 2.29 | 1.86 | 2.31 | 1.70 
—0.15 3.15 | 6.15 | 1.95 | 1.10 | 2.47 | 2.24 | 1.48 | 2.55 | 1.72 
—0.2 Te2t Ze Olececomeleos leone! Wc: 
—0.3 1.41 | 3.05 | 2.16 | 1-70 | 3.10 | 1.82 


The average time of sojourn of an atom on a lattice point is inversely 
proportional to the diffusion coefficient, as van Liempt has pointed out.* 
As a silicon atom moves in the lattice of the ternary solid solution with no 
immediately neighboring nickel atoms, the time of sojourn of the silicon 
atom on each lattice point is approximately that for silicon moving in a 
lattice of the binary copper-silicon solid solution. When, however, the 
silicon atom becomes adjacent to a nickel atom, the stronger nickel-silicon 
bonds tend to retain the silicon atom on its lattice point for a longer time, 
and thus tend to retard the rate of movement of the silicon atom, to 
decrease the rate of diffusion of silicon. Since the time of sojourn of a 
nickel atom on a lattice point is greater than that of a silicon atom, any 
bond between adjacent nickel and silicon atoms tending to increase the 


* Van Liempt has given formulas!* by which the time of sojourn of an atom on a 
lattice point may be calculated. It does not seem possible to apply such formulas in a 
quantitative way to the present case, and the argument is accordingly left merely in 
a qualitative form. 
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normal times of sojourn of both atoms would have a greater effect upon 
the atom whose time of sojourn is normally the lesser, particularly if the 
increase in the time of sojourn is not greatly in excess of the time of sojourn 
of the more slowly moving atom. Such a mechanism accounts for a 
decrease in the rate of diffusion of silicon and for an essentially unaffected 
or only slightly affected rate of diffusion of nickel. On this basis the 
effect should be most marked in the more highly concentrated solution, 
the incidence of nickel and silicon atoms on adjacent lattice points would 
be more frequent and the delay in the movement of the atoms accordingly 
more frequent; while in more dilute solutions the incidence of nickel and 
silicon atoms on adjacent lattice points is correspondingly less frequent 
and the delay in the movement of the silicon atoms also less frequent. 
Such a bond between nickel and silicon atoms is doubtless of a chemical 
type, of the sort operating in the intermediate phase Ni,Si. 

Other data support this view. Bungardt and Bollenrath'* have 
studied the rate of diffusion of magnesium in aluminum and in an alloy of 
aluminum with 2.7 per cent Zn. At 510° C., D for magnesium diffusing in 
aluminum is 38.4 X 10-!° sq. cm. per sec., and D for magnesium diffusing 
in the alloy of aluminum with 2.7 per cent Zn is 15.05 K 10~1° sq. cm. per 
sec. The rate of diffusion of zinc in aluminum at 510° C. is approximately 
21 X 10-!° sq. em. per sec.* Thus in the quasibinary system Al-MgZnz, 
in the simultaneous diffusion of magnesium and zine, the rate of diffusion 
of the more rapidly diffusing solute, magnesium, is lowered, and the rate 
of diffusion of the more slowly diffusing solute, zinc, is but little affected: 
the data are not sufficiently accurate to permit a more precise statement. 
Freche’s data® on the simultaneous diffusion of magnesium and silicon in 
aluminum may be used in a similar way; the rate of diffusion of magnesium 
when diffusing alone at 510° C. is (extrapolated) in the neighborhood of 
1000 X 10-!° sq. cm. per sec., while that of silicon is 15 X 10-° sq. em. 
per sec.; for simultaneous diffusion, the rate of diffusion of magnesium 
from an alloy with 0.644 per cent Mg.Si is 50 X 10-10 sq. cm. per sec. 
and from an alloy with 0.644 per cent Mg.Si and 0.66 per cent Si 


10 X 10~! sq. cm. per sec., while the rate of diffusion of silicon from the » 


first alloy is about 15 X 10-' sq. cm. per sec. and from the second alloy 
about 10 X 107!sq. cm. persec. The data of Brick and Phillips" for the 
rate of diffusion of magnesium when diffusing alone give (extrapolated) 
80 X 107" sq. em. per sec.; unpublished data from this laboratory give 
50 X 107'sq. cm. per sec.; Bungardt and Bollenrath™ give 35 X 10-"sq. 
cm. per sec. Although the data on magnesium alone differ widely, all 
of the data show that magnesium diffuses more rapidly than silicon, and 
that during simultaneous diffusion the rate of diffusion of the more rapidly 

* Unpublished research, Metals Research Laboratory; the value given has been 


extrapolated from values calculated from diffusion data obtained for lower 
temperatures. 
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diffusing magnesium is greatly decreased and the rate of diffusion of the 
more slowly diffusing silicon is but little affected. Here again the data 
are not sufficiently accurate to permit a more precise statement. 


SUMMARY 


1. The rates of diffusion of nickel and silicon when diffusing simul- 
taneously into copper have been determined at 1000° C. and 850° C. and 
compared to the rates of diffusion of nickel and silicon when diffusing 
separately into copper. 

2. The ternary system involves the quasibinary system Cu-Ni,Si; the 
solid solubility of Ni.Si in copper decreases with decreasing temperature. 
The precipitate has been found by X-ray diffraction identification to be 
Ni,Si. 

3. The rate of diffusion of the rapidly diffusing silicon is markedly 
decreased by the presence of nickel, whereas the rate of diffusion of the 
slowly diffusing nickel is little if any affected by the presence of silicon. 
It is shown that the quasibinary systems Al-MgZn, and Al-Mg.Si exhibit 
a similar behavior. 

4. This pronounced interaction of nickel and silicon during simul- 
taneous diffusion is the more marked the higher the concentration. Since 
equality in the diffusion coefficients of nickel and silicon when these 
solutes diffuse from a core alloy containing nickel and silicon in the propor- 
tions of Ni,Si is equivalent to the diffusion of molecules of Ni,Si; the data 
thus appear to show an approach to molecular diffusion at high concentra- 
tions and an increasing departure from this at low concentrations, as 
though increasing dissociation were occurring on dilution. 

5. Molecular diffusion is quite unlikely. The data can best be 
explained by the occurrence of momentary strong bonds between nickel 
and silicon atoms when these atoms are on adjacent lattice positions, with 
a resultant retardation in the rate of movement of the more rapidly 
diffusing solute silicon. 
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DISCUSSION 
(R. M. Brick presiding) 


D. W. Smrru,* New Kensington, Pa.—At what temperature was precipitation of 
Ni.Si for identification made to take place? In some other quasibinary systems— 
e.g., Al-Mg.Si and Al-MgZn.—there is evidence to indicate that at low aging tem- 
peratures the precipitating phases may be greatly removed from the equilibrium 
compositions or crystal structures. 

If the precipitation in the alloys studied by Mehl and Rhines was made to take 
place at a somewhat lower temperature, would they also find nonequilibrium pre- 
cipitate compositions and structures? If such were the case, one might expect relative 
diffusion characteristics of the nickel and silicon different from those noted by these 
authors where the compound Ni,Si is known to precipitate. 


F. N. Rurss (author’s reply).—The precipitates identified as Ni.»Si were made by 
furnace cooling from 1000°C., whereby it appears probable that if there should be a 
high-temperature and a low-temperature form of the precipitate this would be the 
former. The suggestion that the relative rates of diffusion of nickel and silicon might 
change abruptly at some temperature, owing to the greater stability of some other 
compound at lower temperatures, is very interesting. The experimental examination 
of such a case would be made difficult, however, by the very slow rates of diffusion 
obtaining at the low temperatures. 


* Assistant Metallurgist, Aluminum Research Laboratories. 


Constitution and Microstructure of Copper-rich 
Silicon-copper Alloys 


By Cyrin STanuey Smrru,* Memper A.I.M.E. 
(Chicago Meeting, October, 1939) 


SOMEWHAT over ten years ago the author described studies!? on the 
constitution of the copper-silicon system. The copper-rich portion of 
this diagram is shown in Fig. 1. The experimental points freely dotted 
about the diagram seemed to justify an otherwise unconvincing diagram 
and for several years the curious reverse bend in the alpha-phase bound- 
ary was accepted as substantially correct, even by later investigators? + 
of the system who introduced changes in the high-silicon phases. The 
binary diagram has been used as a base for several ternary systems>~® 
without any suggested changes. Voce! suspected the existence of 
another phase from his study of the cast alloys in the copper-manganese- 
silicon system, but evidently hesitated to extrapolate this to the binary 
diagram, particularly in view of the too ingenious explanation that was 
advanced! to account for the pools of constituent clearly visible in 
castings; namely, that they were secondary alpha of twinned orientation 
deposited from beta. 

Von Schwarz, in 1932, called attention to the fact that this micro- 
constituent in copper-silicon alloy castings was anisotropic under polar- 
ized light and asserted that a new phase, not cubic, should be placed in 
the diagram adjacent to alpha. Sautner,! on the basis of investigations 
with the polarizing microscope and with X-rays, introduced this phase 
into the diagram at about 6 per cent Si. The relevant part of his dia- 
gram is shown in Fig. 2. Sautner called the new phase beta, renaming 
the old beta phase zeta. To avoid confusion, in redrawing Fig. 2 the 
phases have been renamed in accordance with the terminology adopted 
in the present paper, in which the new phase is called kappa and the other 
phases retain the designation given them by Arrhenius and Westgren.* 

The thermodynamic impossibility of Sautner’s diagram and the 
paucity of experimental data left the exact location of the new phase 
field most uncertain, although his work proved beyond doubt that an 
additional noncubic phase exists. Because of the industrial importance 


Manuscript received at the office of the Institute Feb. 13, 1939. Issued as T.P. 
1073 in Mrrats TrecHnovoey, June 1939. 
* Research Metallurgist, American Brass Co., Waterbury, Conn. 
1 References are at the end of the paper. 
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of copper-silicon alloys, it seemed advisable to redetermine the diagram, 
consequently the present investigation was undertaken. 


900 


@ 
[7 
° 


g 


TEMPERATURE “+ DEGREES CENTIGRADE 


LEGENDS 
5 P ° “ 9 O- ONE PHASE 
400 &- TWO PHASES 
A> <uimir 
+> COOLING CURVE 
POINTS 


3 4 5 7 
WEIGHT PERCENT SILICON 


Fig. 1.—CorrEr-sILICON DIAGRAM (SmituH, 1928). 


Temperature, degrees C. 


—— 


Per cent silicon 
Fig. 2.—Part or SAUTNER’S DIAGRAM (1933). 


In publications available only after the work described herein had 
been completed, two Japanese investigators, Isawa!4 and Okamoto,' 
confirmed the existence of the new phase by X-ray means. The former 
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constructed the diagram shown, with the phases renamed, in Fig. 3 
Okamoto also described the curious microstructures observed in the 
two-phase region, which Corson'® had previously noticed but had dis- 
missed as due to the precipitation of gamma. Isawa found the new phase 
to be hexagonal close-packed in structure, a = 2.553 Ao c/a = 1.626. 
He believed it to be stable at all temperatures below 830° C. Okamoto 
reproduces previously unpublished photomicrographs taken by Imai, 
which show that after long annealing at 400° C. kappa partially decom- 
poses to a eutectoid of alpha plus gamma. 


x Thermal analysis 
0 @ Microscopic examination 
Lattice parameter 


6 Toe he 
Silicon per eat by weight 


Fia. 3.—DIAGRAM ACCORDING TO Isawa (1938). 


PREPARATION OF ALLOYS 


The alloys for the present investigation were prepared from cathode 
copper and silicon crushed and purified by the acid washing treatment 
suggested by Tucker.” Silicon treated in this way retained 0.26 per 
cent Fe, but the copper-silicon alloys made from this contained about 
0.04 per cent Fe, some having been absorbed from the Acheson graphite 
crucibles used. No significant amounts of other impurities were found. 
To facilitate the ‘wetting’ and solution of the finely divided silicon 
before it oxidized, it was mixed with one-tenth of its weight of sodium 
fluoride and poured in a slow stream on to the surface of the copper at a 
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temperature of about 1150°C. The silicon dissolved almost instantly 
with a loss of only 0.05 to 0.12 per cent, in spite of its finely divided 
form. A few castings were made from a master alloy containing 21 per 
cent Si. 

The alloys for thermal analysis were cast in a small crucible in which 
was mounted a core to make a hole for the thermocouple. Those intended 
for microscopic studies were poured into lampblack-dressed cast-iron 
molds, 5 in. square, making ingots weighing 300 grams. Segregation 
almost always occurred in the castings, sometimes giving a center of 
sufficiently different composition to be observed in the microstructure 
on a cross section. This core was ignored in reporting the structures. 


TaBLE 1.—Composition of Alloys Used for Annealing Experiments 


First Series Second Series 1928 Alloys 
Alloy No. Bureos, car Alloy No. capes oreo Alloy No. niet 
3338 2.03 3451 3.65 10 4.14 
3339 3.98 3452 Saeed 1 4.48 
3340 4.59 3453 4.03 76 3.83 
3341 4.95 3454 4.17 78 3.50 

3342 4.92 38455 4.42 
3343 5.22 3456 4.60 
3344 5.40 3457 4.70 
3345 5.54 3458 4.91 
3346 5.92 3459 5.12 
3347 6.08 3460 5.39 
3348 6.28 3461 5.74 

3349 6.60 
3350 6.80 
3351 6.99 
3352 6.99 


All samples were analyzed in duplicate.* Copper was determined by 
electrolysis, using stationary cathodes, and the silicon was determined 
gravimetrically. The total of silicon plus iron plus copper was not 
infrequently as high as 100.04 per cent. Since the silicon determination 
was regarded as the more precise, it was taken as the true composition 
of the alloy. 

The compositions of all the alloys used for the microscopic examina- 
tion are listed in Table 1. A few alloys from the 1928 work were used 
to fill in the gaps for the low-temperature anneals. 


* The chemical analyses were performed under the general direction of Ralph P. 
Nevers, by E. M. Horton, whose competent work it is a pleasure to acknowledge. 
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THERMAL ANALYSIS 


The diagram resulting from the present investigation was principally 
established on the basis of the microstructures of quenched samples, 
but the temperatures of the various invariant reactions were determined 
by thermal analysis when reaction was fast enough. The technique was 
essentially that described in the author’s earlier papers,? but a silica tube 
was used in preference to the graphite sheath to protect the chromel- 
alumel thermocouple from a reducing atmosphere. When solid reactions 
alone were involved no sheath was used, but the couple was placed bare 
in a cored hole in a cast lump of the alloy. 

The peritectic reaction alpha + liq. = beta occurred at 851° on 
cooling and 852° C. on heating in alloys containing both 5.59 and 6.37 
per cent Si. An alloy with 5.93 per cent Si gave an arrest on heating 
at 853° C. These temperatures are in agreement with the old figure 
of 852° C. 

On the cooling curves made in 1928 on alloys containing between 5 
and 7 per cent Si there appeared a weak arrest at temperatures between 
811° and 832° C. but this was masked because of the greatly increased 
rate of cooling following the long peritectic arrest. No heating curves 
were taken and the arrest was erroneously ascribed to the formation of 
alpha from beta along the strongly sloping line as then drawn. It is 
now obvious that it is due to the alpha + beta = kappa reaction. 

New cooling curves were taken at a slow rate by heating gradually 
until the peritectic reaction just started and then immediately decreasing 
the furnace current for cooling. Under these conditions large and 
unmistakable arrests were found at temperatures as shown in Table 2. 
There seems little doubt that the temperature for the reaction should be 
placed at about 842° C. 

The temperatures of the beta eutectoid decomposition and delta 
peritectoid formation now have been placed at 785° and 729°, respectively, 


TaBLE 2.—Thermal Arrests 


Ratewl Heating or Temperature of Arrest, Deg. C. 
Alloy No. Silicon, Per Cent | Cooling, Deg. C. 
pee De Heating Cooling 

3394 5.59 3.4 846 

5.0 838 
3395 6.37 3.8 844 

5.0 837 
3484 5.93 PATE 845 

5.0 841 

3.3 845 

4.8 841 
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TaBLE 3.—Summary of Heating and Cooling Curves 


“ce, ) Bagg | ERS OSES 0 leet parecer 
Alloy No. PaGent Cooling, 
Deg. C. per ; 
Min. Heating Cooling Heating Cooling 
DOLA 7.89 Sigaae 783 724 
5.6, 2.6 785 736 
Zl voed 783 723 
3518 7.4 4.2,3.1 786 737 
2.8, 2.6 785 722 
4.6, 3.0 786 737 
2.4, 2.8 785 721 
Averages.... 786 784 737 722 


as a result of the heating and cooling curves summarized in Table 3. 
These temperatures are in excellent agreement with those given by 
Iokibe(783° and 730° C.), and are slightly higher than those reported 
in the author’s earlier papers (782° and 726° C.). 

The decomposition of kappa takes place so extremely slowly that it 
can not be determined by thermal analysis. The determination of this 
temperature by annealing experiments will be described later in this paper. 


ANNEALING AND QUENCHING EXPERIMENTS 


The alloys were worked whenever possible in order to break up the 
cast structure and accelerate diffusion. The castings were annealed 
15 hr. at 750° C. then heated to 825° C., and when possible hot-rolled 
to 0.25 in. thick, then given a homogenizing anneal for 21 hr. at 750° C. 
(series 3338 to 3352) or 17 hr. at 800° C. (series 3451 to 3461) followed 
by quenching. The alloys containing up to 5.2 per cent Si hot-rolled 
perfectly, those from 5.4 to 5.7 per cent rolled with some cracks, but 
from 5.8 to 6.8 per cent Si the bars cracked so badly that they had to be 
recast and utilized without working, although they were given the same 
homogenizing and subsequent treatments. 

The first series of alloys (3338 to 3352) was used after hot-rolling 
and homogenizing and the second series (3451 to 3461) was cold-rolled 
50 per cent prior to the final annealing treatments, as these alloys were 
intended for studies of reactions at lower temperatures. 

Samples sawed from the appropriate strips after homogenizing and 
sometimes cold-working as above were annealed for periods of time rang- 
ing from a few hours at the highest temperatures to three months at 
400° C., and then quenched and the microstructures examined. A full 
list of all annealing temperatures and times is given in Table 4. Anneal- 
ing was performed in tube furnaces equipped with automatic control, the 


ee 
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TaBLe 4.—Annealing Temperatures and Times* 


Pane tnas Doene: Aopen ae Aoteating: Dea © orn td 
870 2 645 71 
855 74 594 112 
845 3 573 ? 262 
835 7 561 195 
826" 1814 554 192 
815 7 549 168 
793 5 543 410 
769 26 494 669 
743 228 443 400 
719 47 394 2, 215¢ 
694 17 


« All samples were given a homogenizing anneal and quench prior to the annealing 
treatment stated above. Alloys 3451 to 3461, 10, 76 and 78 were cold-rolled 50 per 
cent before reheating. 

> Annealed 2 hr. at 845° C., slowly cooled to 826° C. and held 18% hr. at 826° C. 

¢ Specimens quenched after 672 hr. at 394° C. and when possible given further 
50 per cent reduction by cold-rolling prior to replacing in furnace for completion of 
anneal. ‘ 


temperature being checked at suitable intervals with a calibrated chromel- 
alumel thermocouple and a portable potentiometer. The fluctuation 
due to the control rarely amounted to more than +2° C. and the true 
temperatures do not differ from the nominal by more than this. The 
samples were held in a Nichrome tray and were not protected in any 
way from oxidation. Oxidation was never very great, and the oxidized 
surface layer was removed completely before the structures were examined. 


ETCHING 


The unfortunate failure of the author to notice the kappa phase in 
1928 was a result, znter alia, of the use of a bichromate etching reagent 
that gives a clean etch, minimizing the difference between alpha and 
kappa. The ordinary ammonia and hydrogen peroxide etch works 
fairly well but it can be improved by the addition of potassium hydroxide 
to dissolve the silica film. This gives a clean etch on alpha and lightly 
stains the kappa phase. The following composition was used: hydrogen 
peroxide (30 vol.), 20 parts by volume; water, 25; 20 per cent potassium 
hydroxide solution, 5; ammonium hydroxide (0.90 sp. gr.), 50. The 
peroxide should be added not more than an hour before use. ‘The reagent 
is used at room temperature. Etching time varies between 2 and 30 sec., 
depending on the effect desired. On specimens containing partly decom- 
posed beta it was found advisable to give a light swabbing with the 
bichromate reagent before applying the peroxide etch. 
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THE DIAGRAM 


The microstructures observed on the various samples after annealing 
are summarized in the constitution diagram, Fig. 4. The exact composi- 
tion and annealing temperatures for the points plotted can be found in 
Tables 1 and 4. As discussed below, some of the alloys in the alpha plus 
gamma field still retained undecomposed kappa. There is no doubt that 
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Fia, 4.—NEW DIAGRAM SHOWING EXPERIMENTAL POINTS. 


alpha plus gamma is the equilibrium structure. The diagram without 
experimental points is shown in Fig. 5. The liquidus and solidus points 
are taken from the 1928 work, since there seems to be no reason to doubt 
their accuracy, but the rest of the diagram is based on the new work 
described in this paper. 

In Fig. 5 the temperatures and concentrations of the various fixed 
points on the diagrams are marked and need little discussion. The 
concentrations of the various phases at the fixed points are given below 
Fig. 5, in both atomic and weight percentages. The composition limits 
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of beta, kappa and delta are taken principally from the 1928 work. 
Almost every one of the newly determined points falls (within the experi- 
mental error of about 0.1 atomie per cent) at one of the simple ratios 
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Fic. 5.—CoNSTITUTION OF COPPER-SILICON ALLOYS UP TO 8 PER CENT SILICON. 


Concentrations of Phases at Fixed Points 
11.15 at. % - (16.0 \ 852° C. ,f14.2 
a 5.25 wt. a) + Lia-( 775) a 6( 6.8) 
r (11.25 at. % 14.4 \ 842°C. (12.45 
(5.3 wt. “) a 6( 6.9 ) = «( 5.9 ) | 
16.0 \ 785° C. (14.8 17.6 
B 775) — ( 6:85) ge 36) 


14.5 at. a) ne (S65 729° S9('53 


“\ 6.95 wt. % 2659). —— 8.35 
11.05\ 552° C. 9.95) 4 17.15 
KY 5.2 ae L465 V\ 8.35 


of one atom of silicon to 6, 7, 8 or 9 of copper; i.e. 14.29, 12.50, 11.11, 
or 10.00 atomic per cent Si. 
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Fia. 6.—ALLoy 3339 (3.98 prr cen? Si). QUENCHED AFTER 41 HOURS AT 743° GC. a, 

Fie. 7.—ALLoy 3343 (5.22 PER CENT St). QUENCHED AFTER 18.5 HOURS AT 826°C. a, 

Fie. 8.—A.Loy 3344 (5.40 PER cENT Si). QUENCHED AFTER 3 HOURS AT 845° C, 
a + decomposed £. 

Fie, 9.—A.Loy 3346 (5.92 PER cENT St). QUENCHED ArrEr 41 HOURS AT 743°C, x. 

Fic. 10.—A.Loy 3342 (4.92 pur cent St). QUENCHED AFTER 262 HOURS AT 573° C, 


a K, 
Fie. 11.—Aoy 3343 (5.22 rrr cent St). QuENCcHED arrErR 41 HOURS AT 743° C 


a+r, 
All X 100. Alkaline peroxide etch except for Fig. 8, for which the etch was 
potassium bichromate, 
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MICROSTRUCTURAL CHARACTERISTICS OF THE PHASES 


Alpha has the usual twinned polygonal structure associated with the 
primary solid solutions of copper (Fig. 6). As the silicon increases, the 
number of twin bands in the annealed structure increases, and near 
the limit of solubility the grains develop extensive markings that probably 
result from quenching or polishing strains (Fig. 7). 

The beta phase is difficult to retain on quenching and usually shows 
a duplex structure, particularly when supersaturated with copper in 
relation to its eutectoid composition (Fig. 8). 

The identification of kappa by etching is not easy. The best identi- 
fication of kappa seems to be that it etches clearly without any twin 
bands (Fig. 9). It is attacked rather less readily than alpha but is 
slightly stained by the peroxide reagent described. The kappa phase is 
weakly anisotropic in polarized light and it could be identified by this 
property were it not for the fact that the banded duplex alpha + kappa 
structure gives much brighter polarization effects by virtue of its super- 
ficial arrangement. Even silicon-rich alpha shows slight anisotropy. 

When kappa exists in equilibrium with alpha in worked and annealed 
samples it is in bands which at first sight appear to be twin markings 
(Figs. 10 to 18). Since alpha itself becomes heavily twinned when rich 
in silicon, it is sometimes difficult to decide whether the markings are 
kappa or twins in the alpha. However, the rate of etching is much 
greater in the duplex fields and a little experience with etching the struc- 
tures permits a positive identification. 

By way of convincing skeptics that this banded structure really cor- 
responds to an equilibrium two-phase region in the diagram and is not a 
transition structure, specimens were annealed in the alpha + beta range 
for 2 hr., furnace-cooled to 826° C. and held 1814 hr. at this temperature. 
Since the beta had already collected into areas distinct from alpha (Fig. 8), 
the kappa resulting from it by reaction was of necessity formed in the 
same place and a typical two-phase structure resulted instead of the 
bands. This is clearly shown in Figs. 14 and 15. In castings that have 
not been worked, the kappa phase is largely segregated in the last parts 
of the dendrite to solidify and is clearly outlined. Had castings been 
used instead of wrought alloys in 1928 the kappa phase would probably 
have been discovered then. 

The temperature of the kappa = alpha + gamma reaction was estab- 
lished by annealing experiments. Samples cold-rolled 50 per cent after 
quenching from 800° C. almost all became alpha + gamma on reannealing 
for a week at 549° C. (Fig. 16), though in some samples a little residual 
kappa remained. Annealing at 554° C. for eight days always left the 
kappa phase entirely undecomposed (Fig. 17). The eutectoid transforma- 
tion is therefore between 549° and 554° C. and has tentatively been placed 
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Fig. 12.—A..oy 3343 (5.22 per cENT Si). QUENCHED AFTER 262 HOURS AT 573° C 


K 


a ° 
Fia. 18.—A.ioy 3345 (5.54 PER CENT Sr), QUENCHED AFTER 5 HOURS AT, 9SlRGs 


a K. 
Fie, 14.—A.Loy 3344 (5.40 pur cent St). ANNEALED 2 HoURs AT 845° C., SLOWLY 
COOLED TO 826° C. AND QUENCHED AFTER 18.5 HOURS aT 826°C. a ++ Kk. 

Fie. 15.—Atuoy 3345 (5.54 Per cent Sr). Samp TREATMENT AS Fig. 14, a@ 4+ x, 
Fia. 16.—A.uoy 3457 (4.70 PER cent Sr). CoLp-ROLLED 50 PER CENT AFTER HOMO- 
GENIZING ANNEAL, THEN REANNEALED 168 HOURS AT 549° C. AND QUENCHED, «@ +. 
Fig. 17.—A.Loy 3459 (5.12 per CENT S1). CoLp-RoLLED 50 PER CENT AFTER HOMO- 

GENIZING ANNEAL AND REANNEALED 192 HOURS AT 554°C. atx, 

All X 100 except Fig. 13, which is X 500. Alkaline peroxide etch, 
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at 552°C. Asa further check, samples that had been previously annealed 
at 443° C. to become alpha + gamma were reannealed at 561° C. when 
they reverted to the equilibrium structure with banded kappa. 

Samples quenched from 750° C. and not cold-worked suffered the 
eutectoid transformation very slowly. Fig. 18 shows the structure of a 
sample containing 4.59 per cent Si quenched from 750° C. and directly 
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Fia. 18.—A.uoy 3340 (4.59 PER cENT S1). ANNEALED 400 HOURS AT 443° C. Nort 
COLD-WORKED AFTER HOMOGENIZING ANNEAL. PARTLY DECOMPOSED @ + x. 
Fic. 19.—Axuoy 3340 (4.59 PER CENT St). PORTION OF SAME SPECIMEN AS Fra. 18, 
SQUEEZED TO 20 PER CENT REDUCTION BEFORE ANNEALING. a@ + y. 

Fig. 20.—A.uoy 3342 (4.92 per cENT SI). ANNEALED 669 HOURS AT 494°C. a +k, 
PARTLY DECOMPOSED TO 7. 

Fig, 21.—A.oy 3346 (5.92 PER CENT SI). QUENCHED AFTER 669 HOURS AT 494° C. 
y -+ a + PARTLY DECOMPOSED k. 

All X 100. Alkaline peroxide etch. 


reheated for 400 hr. at 443° C. The alpha has changed to finely banded 
grains of alpha + kappa (not resolved at the magnification used) and 
these have partly decomposed to alpha + gamma, but the reaction is 
far from complete. In one place a eutectoid structure is visible but 
generally the gamma has precipitated at the grain boundaries only. 
One end of this same microsample had been squeezed to about 20 per cent 
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reduction before annealing and this part completely decomposed during 
the anneal (Fig. 19). Fig. 20 shows a partly decomposed structure in a 
specimen containing 4.92 per cent Si after annealing at 494° C. for a total 
of 670 hr. Some of the other samples in this same anneal reacted more 
quickly. The presence of nuclei of excess gamma does not seem 
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Fig. 22.—A..Loy 3348 (5.22 ppR CENT S1). QUENCHED AFTER 228 HOURS aT 743° 
. a@+ex. Compare wits Fie. 11. 

Fic. 23.—Auuoy 3460 (5.389 per ceNT S1). ANNEALED aT 600° C. TO BECOME 
HOMOGENEOUS «, THEN PLACED IN FURNACE AT 775° C. AND HELD 414 HOURS, QUENCHED 
a+r. 

Fie. 24.—Atnioy 3460 (5.39 per cent 81). ANNEALED AT 600° C. TO BECOME 
HOMOGENEOUS x, THEN SLOWLY HEATED IN 23 HOURS TO 735° C. AND QUENCHED. 
a+. 

Fie. 25.—Axnioy 3458 (4.91 per centr 81). SLOWLY COOLED IN 29 HOURS FROM 
775° C. (a) To 600° C, AND QUENCHED. 

All X 100. Alkaline peroxide etch. 


greatly to accelerate the decomposition of kappa. Precipitation of 
gamma from supersaturated alpha in alloys below 4.65 per cent 
Si took place much more readily than the decomposition of kappa in 
richer alloys. 

Fig. 21 shows a type of structure frequently observed in alloys con- 
taining over 5.9 per cent Si when reheated at 500° C. or below without 


CYRIL STANLEY SMITH 327 


cold-working. Gamma has formed as expected but the residual kappa 
has given rise to a banded alpha + kappa structure, A little alpha has 
formed at the grain boundaries in this sample but others showed more 
extensive alpha patches. Apparently precipitation of hypereutectoid 
gamma plates took place quickly and the kappa decomposed so slowly 
that the excess silicon to form gamma could diffuse to the gamma nuclei 
already present. This left the kappa supersaturated with copper and 
alpha formed in fine plates just as it does on heating into the alpha + 
kappa field. 


Banpep AupHA + Kappa SrRucTURES 


The curious banded structure observed when alpha and kappa are 
in equilibrium, regardless of which one is in greater amount, is worthy 
of special comment. The platelike form is stable. No amount of 
annealing will spheroidize either the kappa or alpha phase when they 
coexist in equilibrium. Compare, for example, Fig. 11 with Fig. 22. 
Both these photomicrographs are of the same sample, quenched from 
the same temperature, the former photomicrograph being taken after 
41 hr. at 743° C. and the latter after 228 hr. Even though the grains 
have grown in size, the kappa plates remain parallel and cross the entire 
grain without having become appreciably thicker than before. 

If a sample is rapidly heated or cooled from a homogeneous field into 
the alpha + kappa region the spacing of the plates becomes finer. Fig. 23 
is of a sample that was annealed for 22 hr. at 600° C., to render it homoge- 
neous kappa, then placed in a hot furnace at 775° C. It reached uniform 
temperature in 114 min. and was then held for 414 hr. at this temperature. 
The bands are almost too fine to resolve at the magnification used and 
the structure was the same as that of a similar sample held but 2 min. at 
775° C. The same alloy heated uniformly in 23 hr. from 600° to 775° C. 
had the structure of Fig. 24. Very slow cooling from the alpha field into 
the alpha + kappa zone similarly gave a somewhat coarsened structure, 
although again no spheroidizing occurred (Fig. 25). Whenever kappa 
forms from alpha, the kappa bands occur in more than one direction, 
following the original twins in the alpha grains, but when alpha forms 
from kappa the bands are parallel throughout the entire grain. 

In most two-phase alloys there is sufficient difference of surface 
energy so that one of the phases tends to reduce its surface area and 
approach a sphere on annealing. In alpha and kappa, either there is 
very little difference in surface energy or there is no true interface between 
the phases, any more than there is at a twinning plane in a homogeneous 
face-centered cubic lattice. Since kappa possesses a hexagonal struc- 
ture with very nearly the closest packing, and since copper and silicon 
have nearly the same effective atomic volume, it may reasonably be 
supposed that the octahedral planes of the face-centered lattice can 
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match the basal planes of the hexagonal lattice exactly over a wide 
range of temperature and composition. The arrangement of the atoms 
across such an interface would be identical with the arrangement that 
exists at the twinning plane in a face-centered cubic lattice. 

In many systems platelike Widmanstitten figures of considerable 
stability are formed when orientation relations are correct, and the 
present system differs from these only in the more exact matching on 
planes of low indices, whereby it is easier to produce extensive bands. 
There seems to be no reason why such closely matched lattice planes are 
unique, and whenever they occur (if the above supposition is correct) 
the surface energy will be lower for an oriented plate of either phase 
than for a spheroidized globule. 

A number of such banded structures can be found among photo- 
micrographs in the literature, including the eta phase (CusSi) in the 
copper-silicon system itself. Stockdale!’ has called the author’s atten- 
tion to a similar banded appearance of the delta phase (gamma brass 
structure) in the copper-aluminum diagram,!® and this composition 
range has recently been shown”? to cover three different structures all of 
which are closely related. 


SUMMARY 


By microscopic examination of quenched samples, the domain of the 
new kappa phase adjacent to alpha in the copper-silicon system has been 
determined. It is formed by a peritectoid reaction of alpha and beta 
at 842° C. and then contains 5.9 per cent Si by weight (= Cu,Si). It 
decomposes eutectoidally at 552° C., when it contains 5.2 per cent Si 
(= CusSi). On the silicon-rich side it extends to 6.85 per cent (= Cu¢Si) 
at 785° C. and 6.95 per cent Si at 729° C. The maximum extent of the 
alpha phase is to 5.3 per cent at 842°, decreasing to 4.65 per cent (= CuySi) 
at 552° C. and less at lower temperatures. 

Most unusual microstructures are observed in the alpha + kappa 
field, for the two phases exist as twinlike plates and do not spheroidize 
even when grain growth occurs following working and long annealing. 
The decomposition of kappa to alpha + gamma below 552° C. is extremely 
slow unless the samples are cold-worked. 
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DISCUSSION 
(A. Allan Bates presiding) 


M. G. Corson,* New York, N. Y.—I am glad Dr. Smith did not stop self-con- 
tentedly after having proposed his diagram of 1928 and I agree completely with his 
conclusions of today. I am sure they will produce an impression upon the theorists 
of the equilibrium diagram and will radically contribute to the change of our ideas 
regarding the alpha and the beta phases in general. 

First of all, the old term “polyhedral grains”’ will have to be scrutinized and modi- 
fied, if not entirely eliminated. It can be proved by a very simple geometric con- 
struction that no polyhedron, cross-sectioned and etched, can produce a polyhedral 
aspect in a photograph. And it is my deep conviction that polyhedral effects are 
caused by striations just as in a 5.2 per cent copper-silicon alloy, but that the striation 
is so fine as to produce the appearance of a homogeneous plane. In other words, a 
dark plane in a photomicrograph of alpha brass is due to that fine striation along the 
proper direction, a bright plane occurring where no striae are cut through. In my 
conception, not even a 20 per cent brass is a homogeneous phase but is formed of 


* Consulting Engineer. 
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orderly plates of two phases—one nearly pure copper, the second an X phase much 
richer in zinc. To the presence of that second phase I ascribe the phenomena of 
season cracking in brasses and aluminum bronzes, as well as the extraordinary changes 
in electric conductivity noticed in tin bronzes. 

In my paper of 1928 on iron-silicon alloys,?! I mentioned the appearance of some 
specific structures, which I called ‘barley shells” in alloys containing from 6 to 12 per 
cent Si. I wish to restate again my conviction that iron-silicon alloys of the range 
that I investigated were formed of two phases differing in composition but not in the 
lattice shape, which are compelled by their nature to form the specific patterns. And 
I am sure that iron-aluminum alloys as well as copper-phosphorus, copper-antimony 
and copper-arsenic alloys will display analogous patterns—either plain striae or 
barley shells—on proper etching. 


Whether the kappa phase has a hexagonal lattice, as the Japanese investigators - 


claim, I do not know. But granted this to be true, it explains why the kappa phase 
embrittles but does not strengthen copper. The reason is that only cubically erystal- 
lizing substances plus rhombohedral and specific rhombic ones can be fitted into a 
lattice of copper without causing impossibly high stresses. So all others are either 
retained in solution (aluminum-magnesium alloys) or ejected to the grain boundaries, 
or compelled to form plates among plates of the alpha solution with an intimate share 
of the adjoining atoms (no true interfaces). 

Copper-silicon alloys with 6 to 7 per cent Si are extremely plastic at high tempera- 
tures. They extrude easily. Allowed to cool in air they become brittle (eutectoidal 
dissociation of the kappa). Quenched they retain a ductility of 25 per cent plus a 
strength of over 100,000 Ib. per sq. inch. 

And, by the way, I wish to ask the X-ray specialists whether the ‘‘kappa” may 
not be after all a body-centered cube like beta brass, incidentally appearing ‘‘hex- 
agonal”’ because existing in the shape of plates of a strictly octahedral orientation? 


D. Srocxpaue,* Cambridge, England.—That the fixed points on this diagram fall 


at simple ratios is a matter of great interest. I have been working on simple ratios 
for some time, and as equilibrium diagrams become more accurately known so do I 
find that more systems conform to the empirical rules I have put forward.22 The 
simplest of these is that if a silver-rich or copper-rich alpha phase is in such a state 
that a suitable, small change in temperature can cause one new phase to appear and 
also a small increase in concentration of the solute will cause the appearance of a 
second, new phase, the ratio by number of solute to solvent atoms is simple. There 
are three such points on this diagram (4.65 Si, 552°), (5.3 Si, 842°) and (5.25 Si, 852°). 
(See Fig. 5.) Ratios of 1 Si: 9 Cu and 1 Si: 8 Cu require respectively 4.67 and 5.23 wt. 
per cent Si. Thus there is a general conformity with the rule. The rule, strictly 


applied, demands that the a/a + 8 phase boundary be vertical, because two com- | 


positions so close together as 5.3 and 5.25 wt. per cent Si cannot both be expressed 
as simple ratios. 

Another rule is that in a binary eutectic at the eutectic temperature, the ratios 
of the atoms, irrespective of their kind, in the two phases are simple.?2_ Peritectice and 
eutectoid reactions closely resemble eutectic reactions, and the eutectic rule should 
be applicable to them. In this part of the copper-silicon system there are five such 
reactions. (See Fig. 5 and list at foot of page 321.) Unfortunately, in considering 
eutectic reactions three experimental points must be examined, each one of which is 
subject to small experimental errors. Possibly the best method of approach is to 


*1 Trans. A.I.M.E. (1928) 80, 249. 
* Lecturer, University of Cambridge. 
22 Proc. Roy. Soc. (1935) 152-A, 81. 
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assume that only the peritectic and eutectoid compositions are subject to experimental 
error and that all the other points are correct. We can then draw up a table for the 
reactions given on p. 321 (Table 5). 


TABLE 5.—Reactions on Page 321 
ae na la A a 


Eutectoid or Peritectoid Composition, 
Atomic Per Cent Si Ditenenee 
Reaction Suggested Ratio Atomic Per Cent 
Found Required by Ratio a 
a+liq. 2B 2:3 14.2 14.06 +0.14 
a+PBek es 12.45 12.32 +0.13 
K +6 = Bp ee! 16.0 15.95 +0.05 
ke+éd6ey 1:5 ie 17.18 —0.03 
at+y<ek 1:6 11.05 10.97 +0.08 


Thus the rule in three cases works out correctly when allowance is made for the 
author’s estimated experimental error of 0.1 atomic per cent and under the conditions 
laid down. An allowance of 0.1 per cent suitably used, on each of the three points, 
will, obviously, cause all the reactions to conform. 

Because of the large difference between the atomic weights of silicon and copper, 
this system is unsuitable for use in attempting to prove simple-ratio rules, and to some 
extent the remarkable agreement shown in Table 5 may be a matter of chance. The 
probability that three numbers of these orders of magnitude chosen at random will 
give a simple ratio when each may be adjusted by 0.1 atomic per cent is compara- 
tively high. 

As Dr. Smith points out, there are simple ratios at other fixed points on the dia- 
gram. These must be linked in some way to those described above, and it may even 
be that a rule similar to the alpha-solid solution rule can be formulated for secondary 
solid solutions of the kappa type, in which case the second rule given above may have 
to be modified when applied to peritectic and eutectoid reactions. 


A. G. H. AnprERsEN,* Maspeth, N. Y.—There can be no doubt that the banded 
structure Dr. Smith has so well brought out is characteristic of the two-phase region, 
after the alloys have been cold-worked. It is, however, my own unpleasant experi- 
ence that in alloys not cold-worked the usefulness of this habit of coexisting alpha and 
kappa to assume a plate-form structure is not very high. This may be owing partly 
to this habit itself and partly to reaction rates. 

Dr. Smith’s statement that in castings the kappa phase is largely segregated in the 
last part of the dendrite to solidify is in accord with our own observations and expecta- 
tions. Often gamma was associated with this kappa and the alloys are both hot short 
and cold short. 

The transformation between alpha and kappa can occur with a minimum of 
atomic motions and rearrangement of the atoms, when the (111) planes in the alpha 
phase becomes the (002) planes of the kappa phase (however, with increase in their 
spacing) and the cube diagonal becomes the hexagonal axis with a length roughly 
24 times the cube axis. The interatomic distances on the respective planes do not 
coincide. A measure of these distances are the (220) spacings in the alpha phase 


* Chief Metallurgist, Department of Development and Research, Phelps Dodge 
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and the (110) spacings in the kappa phase. These spacings I have calculated from 
X-ray data, and these show that the spacings in the kappa phase are about 0.08 per 
cent smaller than in the alpha phase, and that this ratio varies. There are, therefore, 
no common or shared lattice positions on these respective planes. That interfaces 
related in this manner to the structures and atomic spacings on both sides of the 
boundary may have different properties from, say, the interfaces between alpha and 
gamma, is an entirely reasonable assumption. It seems to me, however, that this 
interface still should be called a true interface. For not only do the equilibria of the 
phases conform to the phase rule, but the interface marks a boundary on either side 
of which the atoms are arranged in space lattices of different symmetry, with different 
interatomic distances and with different atomic ratios of copper and silicon atoms. 


C. H. Samans,* State College, Pa.—In connection with the beautifully banded 
structures of alpha and kappa shown by Dr. Smith, a further comment seems perti- 
nent with regard to the mechanism of their formation. 

The extremely straight sides of the bands suggest strongly that they are formed 
directly from the alpha by a shearing process similar to that used to explain the 
formation of twins in face-centered cubic metals. This is entirely feasible, since a 
similar transformation, without however the complicating factor of diffusion, has 
already been found by Dehlinger, Oswald, and Bumm?? in their work on the face- 
centered cubic-hexagonal allotropic transformation in cobalt. A simple shear on (111) 
planes in a [112] direction, in which every plane of atoms shears uniformly and for a 
definite distance over every other plane, gives the twinned arrangement, while an 
equal magnitude of shear in which the planes move in pairs instead of singly gives the 
hexagonal arrangement. From this viewpoint two possibilities arise: 

First, the silicon could tend to segregate in regions parallel to octahedral planes in 
the alpha lattice or to basal planes in the kappa lattice, and to transform 7m situ in 
these regions to form the bands of the second phase. However, the X-ray parameter 
data in Mr. Andersen’s papert seems to make this possibility rather improbable. 

Second, the shearing processes could be initiated in regions that are sufficiently rich 
in silicon because of the chance distribution of that element, and are then propagated 
in a regular manner by the diffusion of silicon atoms from the surrounding regions 
to those which are within the “sheared band.’”’ These regions then would change 
their dimensions to conform to those of their equilibrium concentration. 

The second explanation seems to be the more probable, although, ndmttodiee 
there is no experimental evidence to substantiate it other than the remarkable straight- 
ness of the bands. I find difficulty in explaining the transformation satisfactorily by 
means of the so-called Widmanstiitten mechanism—i.e., a pure interface reaction— 
unless that is presumed to take place by a shearing process. 


C. 8. Smirn (author’s reply).—I deeply appreciate Mr. Corson’s comment on my 
paper. Mr. Corson’s classic work opened up entirely new fields of metallography 
and if I had paid the attention to his 1927 paper that it deserved I would not have 
made the mistake of overlooking the kappa phase in 1928. 

The question of the workability of the kappa alloys is in doubt. While Sautner 
was able to prepare wire from kappa, my own attempts to roll it either hot or cold 
resulted in failure unless it was mixed with a good proportion of alpha. It can be 
extruded, as Mr. Corson mentions. The beta phase, according to my experience, is 
very plastic. It decomposes rapidly on cooling but it is possible to retain it without 
visible decomposition by extremely rapid quenching. 


* The Pennsylvania State College. 
*8 Dehlinger, Oswald and Bumm: Zisch. Metallkunde (1933) 25, 62. 
} Page 334, this volume. 
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Dr. Stockdale’s discussion of the simple ratios at the various peritectoid and 
eutectoid points is most interesting. His analysis of this system together with the 
others that he has previously studied provide quite convincing evidence that the 
simple ratio scheme generally determines the relation of phases at fixed points. 

I welcome Dr. Andersen’s discussion. My opinion on the points wherein we dis- 
agree is given in my discussion on his paper (page 351). I feel that the interatomic 
distances in the (111) and (002) planes of alpha and kappa phases respectively must 
be identical in order to account for the observed microstructures, and think the small 
divergence actually found results from the fact that the X-ray studies must be made 
at room temperatures and hence do not precisely represent conditions before quench- 
ing. Whether or not there is an interface between oriented kappa and alpha depends 
on definitions. It seems likely that there is no more surface energy associated with 
this junction than there is with a twin boundary or with the boundary between an 
ordered and unordered zone in a solid solution. The present case differs from these 
only because there are other planes where no match is possible, and these provide the 
boundary that determines the behavior according to the phase rule. I have no evi- 
dence to support my belief and the question must await further study. 


The Alpha Solubility Limit and the First Intermediary Phase 
in the Copper-silicon System 


By A. G. H. Anpersen,* Memper A.I.M.E. 
(Chicago Meeting, October 1939) 


DURING an investigation of the copper-rich portion of the copper- 
silicon-iron system as part of an extensive research program on P.M.G. 
alloys, which was begun in 1937 in the research laboratory of the Phelps 
Dodge Corporation, it became apparent that the binary copper-silicon 
system below 7 per cent Si needed revision, therefore an investiga- 
tion was undertaken. Both X-ray methods and microscopic technique 
were employed. 

Despite the many investigations that have the clarification of this sys- 
tem as their object, no two successive reports on the system have agreed in 
placement of the alpha-phase solubility limit, and uncertainty about the 
secondary phase first to appear has been voiced several times.*:* 

It was therefore not surprising, when T. Isawa’s® and M. Okamoto’s’ 
works were reported at the time we were finishing up our experimental 
work, to find essential disagreement between their results and ours. 
But when C. 8. Smith’s latest work on the copper-silicon system® was 
published just as we were finishing our laboratory report, it was indeed 
gratifying to find that the latter’s diagram and ours checked in all essen- 
tial features, except the temperature of the peritectoid line above 830° C. 

Many attempts were made to retain the beta phase during the 
present investigation, but none was successful. Isawa,® however, 
reports that he has been able to obtain X-ray photograms of the beta 
phase. The structure, he states, is body-centered cubic with a lattice 
constant of 2.848 A. at 7.2 per cent Si. 

Okamoto’ and Smith* both use the designation Kappa for the hexag- 
onal phase, and to avoid confusion this designation will be adhered to 
in the present paper. 


PREPARATION OF SAMPLES 


The alloys were melted in vacuum in a high-frequency furnace from 
copper cathodes containing 99.98 per cent Cu, and specially refined 
silicon supplied by The Electro Metallurgical Co. This silicon is stated 


Manuscript received at the office of the Institute July 25, 1939. Issued as T.P. 
1126 in Metats Tecunoxoey, October 1939. 
* Chief Metallurgist, Department of Development and Research, Phelps Dodge 
Corporation, Laurel Hill, Maspeth, N. Y. 
’ References are at the end of the paper. 
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to contain 99.85 per cent Si. Alundum crucibles were used except for a 
few melts, which were made in graphite crucibles. The ingots were 
annealed in vacuum at 800°C. for at least one week, after the surface 
layer of metal had been discarded. 

Samples for chemical analysis were made by taking a lathe cut from 
the bottom of the ingots, using a Carboloy cutting tool. The X-ray 
samples were taken directly under the lathe-cut surface by filing, due 
precaution being taken against contamination. 


CHEMICAL ANALYSIS 


Determinations of copper, silicon and iron-aluminum combined were 
made on most of the alloys. A few alloys were analyzed spectrographi- 
eally.* Many elements were found to be present in minute amounts. 
The amounts of iron and aluminum were comparatively large. Iron 
was present up to 0.05 per cent and the aluminum content probably was 
not higher than 0.1 per cent. It was ascertained that at least part of the 
aluminum was present as alumina, in all probability picked up from the 
alundum crucibles. The alloys melted in graphite crucibles contained 
0.015 per cent Fe and 0.01 and 0.02 per cent Al. The effect of any of 
these amounts of aluminum on the equilibria was not noticeable. 


X-RAY ANALYSIS 


Solid specimens weighing about 5 grams were cut from the ingots 
next to the sample for chemical analysis. Whenever possible, these 


TaBLE 1.—Chemical Analysis and Lattice Constants 


Silicon ; Silicon pois 
Alloy Commants Alloy Genstanse 
i Per Cent Atomic A. . Per Cent Atomic INE 
by Weight | Per Cent by Weight | Per Cent 
18 Onli 12.94 34 4.84 10.33 3.61446 
19 5.08 10.83 3.61474 54 5.47 11.59 3.61534 
20 4.38 9.40 3.61385 55 4.73 LORI 3.61426 
21 3.01 6.61 3.61223 56 5.98 12.60 
22 1.99 4.40 3.61048 57 6.69 14.00 
23 0.98 2.19 3.60907 58 5.60 11.85 
24. 0.48 1.09 3.60833 60 5.36 11.38 3.61501 
29 8.60 17.57 61 4.65 9.95 3.61412 
30 7.84 16.16 64 3.81 8.25 3.61310 
31 9.10 18.48 652 5.73 12). 10 
32 6.13 12°87 662 5.25 Tah ell) 
33 7.02 14.60 67° 7.6 15}, All 
Sle a a Ee ee ee ee ee ee eee 


@ Melted in graphite crucibles. 
> Not analyzed. 


* This work was done by Lucius Pitkin, Inc. 
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specimens were treated so as to yield a homogeneous solid solution, 
before filings were taken for X-ray samples. The various treatments 
consisted in quenchings from 810° to 830° C., after annealing for 30 to 
70 hr., generally about 50 hr. Some of the solid samples were annealed 
and quenched from the same temperature as that at which the filings 
taken from them subsequently were treated. The powders were sealed 
up in evacuated silica tubes of l¢-in. bore, and brought as nearly as 
possible to a state of equilibrium by heating at standard temperatures 


800} 


750 


700 


650 


550; 


Atomic Per Cent Silicon 
Fig. 1.— X-RAY RESULTS. 


for varying lengths of time. At 700° C. and above, annealing periods of 
20 hr. to 3 days were used, and at 600° C. and below, periods of 5 to 48 
days were generally used. These treatments are specified in a table in 
the appendix, in which also is found other detailed information of the 
X-ray work. The samples were quenched by automatically breaking the 
tubes under water. 

The line patterns for identification were obtained by a Debye-Scherrer 
camera of 10-cm. radius and by a nonsymmetric-focusing type of camera. 
All films used for measuring lattice constants were taken in a focusing 
type of camera of high dispersion. The two cameras last named were 
designed by EK. R. Jette. 
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. A : ; 
The wave lengths used in the calculations of the lattice constants are 
as follows: 


Fe: Aa, = 1.932076 Aae = 1.936012 Xe = 1.753013 
Co: Aa, = 1.78529 hag = 1.78919 Ag = 1.61744 


RESULTS OF X-RAY ANALYSIS 


Phase Identification by X-ray Patterns—The photograms gave the 
line patterns of four distinct structures; viz.: (1) the copper solid-solu- 
tion structure, (2) a hexagonal close-packed structure apparently 
identical with the phase described by Arrhenius and Westgren? but not 
located in Smith’s beta region as assumed by these authors; (3) the 
gamma structure, and (4) the delta structure. 

Fig. 1 shows the composition-temperature fields where the various 
phases were located. Fig. 2 shows photograms of the alpha phase, 
kappa phase and gamma phase. Many reflections of the alpha phase 
and kappa phase coincide. 

In some instances three phases were found together in the same 
powder sample, even after meticulous care had been exercised in the 
preparation of the samples. This occurred particularly at temperatures 
close to that of the eutectoid change of 557° C., and is mainly owing 
to the slow rates at which these alloys approach equilibria, but also, 
undoubtedly, in some cases to the difficulty of obtaining powders of 
uniform composition. In this connection it should be noted that, owing 
to the slowness of the reaction, the eutectoid transformation could not 
be detected by cooling curves. 

Lattice Constants of the Alpha-copper Lattice.—The ao values are given 
in Table 1. Within the limits of experimental error the lattice-constant 
function is a straight line expressed by ao = 3.6077 + 0.00065 X C 
where C is atomic per cent silicon. A plot of ao values is shown in Fig. 
3, which include data on the lattice constants of two-phase alloys at 
various temperatures. These values are at variance with those deter- 
mined in some other laboratories.*:!° Information on the latter is given 
in the Appendix. At room temperature a varies with temperature at 
the rate of 0.00006 A. per degree Centigrade. 

A summary of lattice constants of two-phase alloys is given in Table 2. 


DISCUSSION OF X-RAY DATA 


Fig. 1 shows diagrammatically, as revealed by the photograms, the 
relative amounts of phases present in the alloys after various heat-treat- 
ments. The alpha-phase boundary above 550° C. is fairly well delineated 
by the phase-identification points of the X-ray films, and below 550° C. 
it is outlined by means of photomicrography as well as by the X-ray 
patterns. The temperature of transition from alpha to alpha + kappa 


338 ALPHA SOLUBILITY LIMIT IN. COPPER-SILICON SYSTEM 


times in reproduction. 


[ee 


Fig. 2.—PHOTOGRAMS OF PRINCIPAL PHASES, 
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can be clearly seen to be lower the smaller the silicon content of the alloy. 
At 560° C. alloys 55 and 34 show very weak kappa-phase lines together 
with the alpha-phase lines. At 550° C. and below, these alloys show 
alpha-phase and gamma-phase lines. Alloy No. 61 at 550° C. does not 
show any gamma-phase lines. The microscopic work, as illustrated in 
Fig. 4, shows that all these alloys contain gamma in this temperature 
region (550° C.). That no gamma-phase lines actually show on the 


A. 


, 


3.6/0 


Lattice Constants 


Atornic Per Cent Silicon. 
Fic. 3.—LATTICE CONSTANTS OF THE ALPHA PHASE. 


X-ray film of No. 61 is due, undoubtedly, to the small amount of gamma 
actually present in that alloy. Such a condition is quite common in 
X-ray work as occasionally 0.5 per cent or even more of a secondary 
phase must be present before its reflections become visible on the films. 
As mentioned before, none of our photograms show the beta phase. 
This is in agreement with Smith’s statement? that this phase cannot be 
retained by quenching. The beta phase breaks down during quenching 
into kappa and delta. In many of our photograms of alloys that under 
the microscope show the delta-kappa eutectoid, only the kappa lines 
from this are visible. These alloys are easily recognizable on Fig. 1, 
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Alloy No. 54 is of especial interest. At 845° and 840° C., this alloy 
shows lines due to the alpha phase together with weak lines due to the 
kappa phase. At 835° C. and at 830° C., virtually only alpha-phase 
lines can be found. But at 825° C. the kappa-phase lines reappear 
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Fia. 4.—PHAsEs ACCORDING TO MICROSCOPIC OBSERVATION. 
Thefsquare symbol indicates the aed of some eutectoid in a matrix of either alpha 
or kappa, 


weakly, and at 800° C. more strongly. At still lower temperatures the 
kappa-phase lines become gradually stronger, until at 600° C. the 
alpha-phase lines found are very weak. At the still lower temperature 
of 550° C., gamma-and-alpha-phase lines, together with weak kappa- 
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phase lines are present. At 400° C. only the two former sets of lines are 
present. There is thus a strong proof that the alpha-phase boundary 
must show an abrupt change of direction between 830° and 835° C. and 
it is also indicated that in the temperature range between 550° and 570° C. 
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there occurs a transition from kappa to alpha. From these results alone, 
a horizontal line on the diagram at 560° C. could be drawn with fair 
confidence. However, in this region a number of alloys, not marked 
on the diagram, since they are manifestly not in equilibrium, show three 
phases. These are Nos. 60 and 66, which at 540° C. show weak lines of 


342 ALPHA SOLUBILITY LIMIT IN COPPER-SILICON SYSTEM 


kappa phase in addition to strong alpha-phase and weak gamma-phase 
lines; at 560° C. the alpha-phase lines are weak and the kappa-phase 
lines strong. 

In addition to these unstable alloys, Nos. 66 and 54 at 570° show 
alpha-phase and kappa-phase lines. It is quite probable that these alloys 
had not attained equilibrium. Additional reasons for considering the 
state shown by Nos. 54 and 66 at 570° C. as unstable lie in the fact that 
the microscopic work shows that the boundary for the occurrence of the 
gamma phase extends to the left of these alloys at and below 570° C. 


H I2 I3 14 
Atomic per cent silicon 
Fic. 6.—LATricE CONSTANTS OF THE KAPPA PHASE. 


and including No. 60 at 11.38 per cent Si below 578° C. From the 
relative distribution of the phases in the group of unstable alloys, it is 
immediately probable that at 570° C. the stable phases in Nos. 54 and 
60 are kappa and gamma. This is clearly indicated by alloys 61, -55, 
34, 19 and 65, which tend to show that below 560° C. the kappa phase is 
not stable while above 570° C. that phase is stable. Essentially the 
same state is shown by the microscopical examination of the alloys in this 
region. Thus, alloys Nos. 19 and 34 show that the gamma phase is 
stable below 560° C., while it does not occur in these alloys at 570° C. 
and above. This very strongly points to a transition line close to 560° C. 
Therefore, below approximately 560° C. alpha and gamma are stable, at 
570° C. kappa and gamma are stable in alloys of silicon content higher than 
that of No. 66 (11.15 atomic per cent Si), and kappa and alpha in alloys 
of silicon content lower than that of No. 19 (10.82 atomic per cent Si). 
These conditions, according to the phase rule, can prevail only when the 
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homogeneous kappa region extends down below 560° C. between these 
two compositions, to a eutectoid point. The location of this is 
established by the contour of the kappa region, which is determined 
microscopically from the first appearance of the gamma phase in the 
metallographic specimens, as shown in Fig. 3. The eutectoid point is 
thus probably close to 10.8 atomic per cent Si or 5.15 weight per cent. 


Alpha-phase Boundary 


The lattice constants of the alpha phase in two-phase alloys were 
utilized for the establishment of the solid solubility limit. Owing to the 
small change in the lattice constants of the alpha phase with composition, 
the lattice constants of the two-phase alloys must be known with an 
unusual degree of precision, if ordinary precision is to be obtained on 
the position and course of the phase boundary. In the Appendix 
all alpha-phase lattice constants of two-phase alloys are included. A 
summary of these is given in Table 2. Fig. 1 shows the solubility 
limits at various temperatures, which correspond to these data and the 
representative curves drawn between them. The deviation of each 
individual point in general is about +0.1 atomic per cent. The separate 
portions of the curve distinguishing between kappa and gamma regions 
are made to meet between 550° and 560° C. and 9.7 atomic per cent in 
order to satisfy the phase-identification work. The course of the curve 
at high temperature may be seen from the diagram. There is a sharp 
peak on the curve at 11.8 atomic per cent and a temperature coincident 
with a peritectoid reaction line. The temperature of this peritectoid 
reaction by which kappa is formed from alpha and beta is established at 
833° C. from the differentials of the lattice constants at 835°, 830° and 
825° C. As we do not know the temperatures closer than +2° C. 
over the long annealing periods used, this is substantially the same 
temperature as that which Smith!’ in his earlier works shows as a short 
horizontal or inflection on his alpha-phase boundary. 


Lattice Constants of the Kappa Phase 


In 1931 Arrhenius and Westgren® gave the following values: a; = 
2.588 A., a3 = 4.176 AS c = 1.633 for the hexagonal close-packed 
structure they assigned to Smith’s beta region. T. Isawa, in 1938, gave 
the values of: a1 = 2.5528, a; = 4.1523,c = 1.6255 for the same structure. 

From a number of measurements we have established a definite change 
in the dimensions of the elementary cell of the kappa phase with silicon 
content. Table 3 shows the lattice constants as well as the location 
of the respective alloys on the composition-temperature diagram. A 
diagram of the lattice constants is shown in Fig. 6. 

The axial ratio also varies with the silicon content. The rate of 
change varies, and increases from 0.02 per cent per atomic per cent Si at 
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11 atomic per cent Si to 0.15 per cent per atomic per cent Si at 14 atomic 
per cent Si. The total decrease in axial ratio between 11 and 14 atomic 
per cent is 0.18 per cent.* Further data and discussion are found in the 
Appendix. 


TABLE 3.—Lattice Constants of the Kappa Phase 


Lattice Constants 
Alloy Heat-treatment Kappa Phase, 
No. Temperature, Deg. C.| Atomic Per Cent Si 
ai a3 c 

662 560 10.9 2.5539 4.1765 1.6353 
58 600 ; 11.8 2.5543 4.1762 1.6349 
56 650 12.6 2.5550 4.1759 1.6344 
18 700 12.95 2.5549 4.1755 1.6343 
18 800 12.95 2.5548 4.17538 1.6342 
57 750 14.00 2.5566 4.1737 1.6325 
33 750 14.60 2.5563 4.1741 1.6328 


* Two phases, kappa and gamma, present. The composition-of the kappa phase 
inferred from the diagram of Fig. 1. 


MicroGRAPHic IDENTIFICATION OF PHASES 


The microscopic search falls in two sections: (1) determination of the 
alpha + kappa range and (2) determination of the boundaries for the 
existence of the gamma phase. 

1. This part included checking of the conditions above 800° C., where 
occurs the beta phase, which upon quenching breaks down into kappa + 
delta. No certain means of distinguishing between the alpha and the 
kappa phase by microscopic and etching methods were found. In 
general it can be said that it is easy enough to distinguish between alpha 
solid solution and the kappa phase because the alpha phase is isotropic 
whereas the kappa phase is anisotropic and shows high birefringence 
and interference colors under crossed Nicols. But practically the 
criterion is useless because as the silicon content approaches the alpha 
boundary the alpha solid solutions gradually become anisotropic and may 
give quite high colors. The habits of the two crystal phases give no 
clear indication of the phase boundary, unless perhaps after carefully 
controlled cold-work and recrystallization. 

The alpha + kappa structures are apt to show heavily striated 
grains, but so often do the alpha structures alone when the silicon is high. 
Homogeneous kappa does not show such pronounced striations; but 
alloys in the alpha + kappa regions may or may not show striation and 
twinning, depending upon mechanical work and heat-treatment. It 


* At 13.85 atomic per cent silicon the closest packing is attained (R = 1.633): 
At this point the ratio of silicon atoms to copper atoms 1:6.2, and the electron 
concentration is 1.415. 
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thus seems that distinction between alpha and kappa + alpha and 
between kappa + alpha and kappa by means of the microscope will 
require the working out of a standard for mechanical work and heat- 
treatment and observation of any difference, structurally, in the response 
to this treatment. 

2. This required simply detection of the presence or absence of the 
gamma phase in heat-treated alloys. The gamma phase after etching has 
a characteristic pale blue color, easily distinguishable from the red of the 
matrix by eye in the microscope. The color difference is not, however, 
well fixed on an orthochromatic photographic plate. The amounts of 
gamma produced by annealing temperatures below the eutectoid line 
were in many cases obviously subequilibrium. ‘The mere appearance 


Fra. 7. Fie. 8. 


Fic. 7—Autoy No. 19. QUENCHED AFTER 50 HOURS AT 815° C. PonarizEpD 
LIGHT. ALPHA. 


Fie. 8.—Atioy No. 61. QUENCHED AFTER 48 HOURS AT 815° C. PowarizEpD 
LIGHT. ALPHA. 


Chemical analysis in Table 1. Original magnification, 200. Reduced approxi- 
mately 14 in reproduction. 
Etchant: Potassium bichromate and sulphuric acid. Smith’s modification. 


of gamma, of course, indicates the transition line. Fig. 13 illustrates 
such a case. 

Fig. 4 shows the results of the micrographic analysis. A detailed 
account of these are given in the Appendix. The lengths of the anneal- 
ing periods were usually 3 to 12 days; a number of the specimens were 
hammered cold before heat-treatment, but as it soon was found that cast- 
ings of higher silicon contents broke up during hammering, the pro- 


cedure was discontinued. 
Discussion of the Micrographic Work 


Despite the fact that the alpha phase is cubic or isometric, with high 
silicon concentration, it is nevertheless seen to be anisotropic when viewed 
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in polarized light with crossed Nicols. Figs. 7 and 8 illustrate this 
clearly. In addition, both photomicrographs show striated grains and 
heavy twinning. 


Fic. 9.—Atioy No. 60. QUENCHED AFTER 72 HOURS AT 820°C. OBLIQUE ILLUMI- 


NATION. X 500. ALPHA. : 
Fig. 10.—Autoy No. 57. QUENCHED AFTER 72 HOURS AT 750° C. POLARIZED LIGHT. 


xX 200. Kappa. {| : 
Fic. 11.—AttoyjNo. 65. QuENcHED AFTER 96 HOURS aT 810° C. Powarizep 


LIGHT. X 200. ALPHA AND KAPPA, 
Fig. 12.—Atioy No. 54. QUENCHED AFTER 42 HOURS AT 825°C, OBLIQUE ILLUMI- 


NATION. % 500. or 
Chemical analysis in Table 1. Original magnifications given; reduced approxi- 


mately 14 in reproduction. 

The homogeneous kappa phase is illustrated by Fig. 10. It is quite 
resistant to etching reagents. The first effect of etching is to bring out 
the grain boundaries, which in these annealed alloys have a jagged out- 
line. Upon prolonged etching a certain corrugated effect, which is par- 
ticularly well brought out in polarized light, is obtained. Heavy and 
coarsely spaced striations appear, apparently Neumann bands, and there - 
are apt to be two sets of parallel striations crossing at high angles and 
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causing some grains to assume a mosaic appearance as if the section were 
built up of parallelograms. The nature of these markings has not been 
determined, but they may possibly be due to incipient transition of kappa 
into alpha and gamma, somewhat similar to that in the beta brasses and 
bronzes explained by Greninger and Mooradian."* 

The microscopic distinction between alloys containing kappa and 
alpha and those containing homogeneous kappa is not in these alloys 


Fia. 18.—Auioy No. 19. QUENCHED AFTER 72 HOURS AT 820° C. REHEATED TO 
550° C. AND QUENCHED AFTER 96 HOURS. X 200. ALPHA AND GAMMA, 

Fie. 14.—Atitoy No. 61. QUENCHED AFTER 72 HOURS AT 512° C. Op tiquE 
ILLUMINATION. XX 200. ALPHA AND GAMMA. 

Fic. 15.—A.uoy No. 54. QUENCHED AFTER 18 HOURS AT 845°C. 750. ALPHA 
AND DELTA-KAPPA EUTECTOID. 

Fic, 16.—At.oy No. 66. QuENCHED AFTER 50 HOURS AT 825°C. REHEATED TO 
560° C. AND QUENCHED AFTER 120 HOURS. X 200. ALPHA, KAPPA AND GAMMA. 

Chemical analysis in Table 1. Original magnifications given; reduced approxi- 
mately 14 in reproduction. 


as clear as that obtainable by means of X-ray photograms. It seems not 
easy to distinguish the kappa phase shown in Fig. 10 from the kappa and 
alpha phase in Fig. 11. Neither is the distinction between the alpha 
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shown in Fig. 9 and the alpha plus kappa of Fig. 12 very clear. There 
is a tendency of the kappa phase when homogeneous to appear as equi- 
axed grains with few striations and markings. On the other hand, when 
kappa is intermixed with alpha it seldom is possible to tell which is 
alpha and which kappa. Nevertheless, it seems reasonable to assume 
that after standard cold-work and heat-treatment a satisfactory dis- 
tinction by means of the microscope between alloys in these two-phase 
regions can be made. 

Much more positive is the recognition of the gamma-phase alloys. 
Fig. 14 shows alpha with very small amounts of gamma. At 560° C. 
the conditions are as follows: Alloys 19 and 34, when containing small 
amounts of gamma as charged into the furnace at 560° C., still contain 
very small amounts of gamma after a three-day anneal. The same alloys 
_ were quenched from 820° C., so that they contained no gamma. After 
annealing at 560° C. for five days, the alloys thus pretreated may 
contain minute amounts of gamma. As the particles assumed possibly 
to be gamma here are extremely fine, there is doubt about the presence 
of gamma. We can conclude, however, that the first appearance of 
gamma cannot be placed above 560° C. or below 550° C. in these alloys. 

The eutectoid obtained by quenching alloys from above 830° C. in 
the alpha + beta region is illustrated by Fig. 15. Alloys 54 and 58 at 
832° C + 2° still show a few isolated patches of beta eutectoid, while 
at 820° C. no eutectoid was found. This would place the peritectic 
transition line at about 830° C. 


DELINEATION OF THE PHASE BOUNDARIES 


The alpha solid-solution boundary down to about 550° C. was deter- 
mined mainly by X-ray methods. Results of phase identification as 
well as lattice parameter were used. Below 550° C. the lattice per- 
ameters were mainly relied upon although the microscopic work to some 
extent supported the X-ray work. The kappa boundary with the alpha 
and kappa region was determined exclusively by phase identification by 
X-ray photograms. The kappa, kappa + gamma boundary was deter- 
mined jointly by X-ray photograms and microscopic work, mainly the 
latter. And finally, the eutectoid line was laid down at 557° C. after 
careful weighing of both X-ray photograms and micrographic evidence. 
There is a small amount of disagreement between microscopic results 
and X-ray results. The final diagram is the best. representative com- 
promise between the two. 
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APPENDIX — 


An Appendix to this paper, giving chemical and spectrographic 
analyses, tables and description of apparatus, in 21 pages and 8 illus- 
trations, has been issued through Auxiliary Publication and may be 
obtained from Bibliofilm Service, care U. 8. Department of Agriculture 
Library, Washington, D. C., by ordering Document 1256, remitting 50¢ 
for copy in microfilm (read enlarged to full size on reading machines 
now widely available), or $3.20. for copy in paper photoprints legible 
without mechanical aid. 
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DISCUSSION 
(A. Allan Bates presiding) 


C.8. Smrru,* Waterbury, Conn.—The essential agreement between Dr. Andersen’s 
excellent work and my own, performed independently by different methods, is very 
gratifying. The points of disagreement are minor. 

The thermal data given in Table 2 of my paper (p. 317), by which the kappa 
peritectoid point was fixed at 842°C., have been confirmed by additional annealing 
experiments. On heating, pure alloys contained all three phases, alpha, kappa, and 
beta, after annealing 2 hr. at 841.9°C., although less pure alloys (made from com- 
mercial silicon and melted in clay-graphite pots) had completely transformed to 
alpha + beta. On cooling from the alpha + beta range to 841.6°C., a somewhat 
similar case existed. One of the alloys had transformed completely (Fig. 17), others 
contained varying amounts of kappa and beta (Fig. 18). At 840°C. all but one impure 
alloy had transformed to alpha + kappa and that only contained a trace of beta. 
The true temperature of the peritectoid reaction, therefore, is above 841.6 and below 


~ 842°C. (42.0°C.). Impurities depress this temperature. 


Fie. 17. Fie. 18. 
Fic. 17.—Auuoy 3461 (5.74 PER CENT SILICON) SLOWLY COOLED FROM 845° To 841.6°C., 
HELD 2 HOURS AND QUENCHED. a +k. 
Fig. 18.—Axuoy 3308 (5.35 PER CENT SILICON, 0.08 PER CENT IRON AND 0.02 PER CENT 
ALUMINUM), SAME TREATMENT AS Fic. 16. a+ 8 (DECOMPOSED) + x. 
Both figures < 100, alkaline peroxide etch. 


Dr. Andersen’s diagram, like Isawa’s that was also based on X-ray work, shows a 
rather sharp increase of the alpha solubility near the peritectoid temperature. I have 
several microsamples showing that the maximum solubility at 842°C. is definitely 
not above 5.4 per cent and the 5.3 figure given in my paper still seems to be right. I 
humbly suggest that X-ray parameter measurements may possibly be in error as a 
result of partial transformation during cooling. Alpha is anisotropic under the 
polarizing microscope and is visibly covered with markings indicative of strain or 
twinning due to cooling stresses or incipient transformation. It is dangerous there- 
fore to assume that the quenched samples represent at room temperatures the condi- 
tions existing prior to quenching. Under the microscope changes during quenching 


* Research Metallurgist, American Brass Co. 
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are readily detected and can be properly interpreted, but an X-ray diffraction line can 
tell nothing about the previous state of the lattice. The greatest divergence between 
our two determinations of the alpha boundary amounts to 0.45 atomic per cent Si, 
which is equivalent to a change of lattice constant of only 0.0003 AS or 0.01 per cent. 
Is it safe to assume that no changes of this magnitude have occurred furiie quenching? 

The idea of matching planes that I advanced to account for the banded alpha- 
kappa structures was shear supposition unsupported by X-ray evidence. Dr. Ander- 
sen’s statement that the X-ray reflections from the (220) planes in the alpha nearly 
coincide with the (110) reflections in the kappa phase seemed to be confirmation of 
this. The parameter measurements show, however, a lack of match amounting to 
about 0.05 per cent or 1 atom in 2000. Because I do not at present see any way of 
accounting for the microstructures that are observed if there is not an exact match of 
the juxtaposed planes—or at least a match as good as that normally existing within a 
grain of a single phase—I would like Dr. Andersen’s opinion on three points: 

1. Are the two reflections from the planes in question distinctly separable in a 
pattern of a single sample containing the two phases in equilibrium with each other? 

2. Can the discrepancy be attributed to the differences in expansion coefficient of 
the two phases? 

3. Is it possible that the juxtaposition of two lattices can strain them into a true 
match, possibly even by producing a stable composition gradient near the junction? 
If this were so, the parameter of a lattice of given composition would have to vary with 
the area and nature of its surface, but this does not seem utterly impossible. 

It is not necessary to give controlled thermal and mechanical treatment to the 
specimens in order to render the microscopic detection of the kappa phase possible. 
The only requirement is a suitable etching reagent. A little experience with the 
alkaline peroxide etch will make identification of kappa positive under any conditions 
of distribution. On short etching the alpha remains lighter than the kappa while 
with prolonged etching it becomes darker. 


A. G. H. ANDERSEN (author’s reply).—The differences in the Smith diagram and 
my own may be accounted for by difference in the amount of impurities in the samples 
and different techniques. Since these alloys are not subject to rapid rates of trans- 
formations (except the 8 decomposition) it is improbable that the alpha phase has 
changed its composition with the amount of 0.45 atomic per cent Si in the fraction 
of a second elapsed during quenching. Any uncertainties in our determinations are 
not caused by such decomposition, and probably amount to about 0.2 atomic per cent. 
Our furnace temperatures were kept within 5°C. Using copper radiation and our 
precision camera, the coinciding lines in the two structures should actually be sepa- 
rated by about 0.2 mm., with a sin? @ value of about 0.91. This distance is so small 
and the width of the lines so broad that they overlap without separation. The evi- 
dence for the difference in the spacing of the respective planes is based upon the 
accurate measurements of many lines in a large number of films of alloys from all 
over the three-phase regions concerned, and is conclusive. 

Precipitation of one phase along certain crystallographic planes of another is, as 
Mehl has shown, not uncommon. The fact that structurally kappa can be derived 
from alpha with a minimum motion of the lattice points when the original alpha planes 
bear a simple relation to the newly formed kappa planes, limits the possible corre- 
sponding planes to either the (111) and (002) or the (220) and (110) planes in the alpha 
and kappa phase, respectively. Only on the former set is there a fairly good agree- 
ment in position and parameter. On both the (111)@ and (002)«x the atoms lie at the 
apexes of equilateral triangles whose side is equal to 2 X d(220)a and 2 X d(110)« 
respectively. As can be seen from Fig. 19, these parameters do not coincide on any 
isotherm, but differ by 0.05 to 0.06 per cent for various temperatures. The inter- 
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planar spacings (111)a@ and (002)« differ by 0.025 per cent at the peritectoid to 0.08 
per cent at the eutectoid temperature. The atomic radii of the alpha and kappa 
phases are identical in alloys quenched from the peritectoid temperature. At lower 
temperatures the radius of alpha progressively becomes smaller than that of kappa, 
with which it is in equilibrium until at the eutectoid temperature the difference is 
0.034 percent. Itis unlikely that the expansion coefficients of the two phases involved 
vary in such a way as to account for the discrepancy. 

Tf the two lattices should be elastically strained so that the respective single param- 
eters of the atoms on the (111)@ and (002)x become identical, compressive stresses 
along the [001] direction in the kappa phase, and tensile stresses along a [111] direction 
in the alpha phase could accomplish this. Thereby the alpha lattice would be 
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Fic. 19.—CorRESPONDING LATTICE SPACINGS AT COEXISTING ALPHA AND KAPPA 
PHASES AT VARIOUS TEMPERATURES. Paton ; 

(Prepared from phase compositions of alpha and kappa given in Fig. 1 and lattice 

spacings vs. compositions given in Figs. 4 and 5 (Appendix). Ad; at any temperature 

level is d(002)K — d(110)a and Adz is 2 X d(220)a — 2 X d(110)K. The scale of the 

ordinate axis of Ad is 1000 times the scale of the lattice spacings proper, as indicated.) 


cliameters 
dy K 


distorted out of cubic symmetry. Calculations show that stresses of the order of 
10,000 Ib. per sq. in. would be needed, and would be associated with improbable 
variations in Poisson’s ratio. Accordingly, the existence of strained lattices at the 
interfaces, while not impossible, is quite improbable. 

Even if such conditions of strain do exist, the interface would be abrupt, a plane on 
either side of which the crystal symmetry and chemical composition would be dis- 
tinetly different. The only thing to distinguish it from ordinary interfaces would be 
the gradual change from one lattice spacing to another on the direction perpendicular 
to the interface and the simultaneous gradual change in atomic packing and spacing 
on successive planes parallel to the interface. This would be sharply marked, but the 
regions about it would be quite different from usual regions around interfaces. Ther- 
modynamically there would be no equilibrium, and such a condition should not be 
expected to prevail after anneals at above 600° or 700°C. 


The Copper-rich Alloys of the Copper-nickel-phosphorus 
System 


By D. K. Crampron,* H. L. Burcuorr,t Mempers A.I.M.E., ano J. T. Sracyt 


(New York Meeting, February 1940) 


Tue study of copper alloys of the age-hardening type has received — 


considerable attention, and, among the alloys which the authors have 
considered, those containing small amounts of nickel and phosphorus as 
essential constituents seem especially interesting. Such alloys have 
attractively great capacity for being hardened and also have relatively 
high electrical and thermal conductivity in the hardened state. In 
addition, it has been found that the increase in hardness and strength 
imparted by aging can be greatly augmented by cold-working, so that 
excellent combinations of conductivity and strength are obtainable. In 
view of the possible importance of the alloys, it was considered desirable 
to investigate the solubility relationships in the copper-rich portion of the 
copper-nickel-phosphorus system. This paper presents some of the 
results obtained in this investigation to date and also gives properties of 
typical alloys that appear to be of commercial interest. 


REVIEW OF LITERATURE 


Copper-nickel System.—The binary copper-nickel system has long been 
known to consist of a series of simple solid solutions, copper and nickel 
being miscible at all temperatures and concentrations. This was estab- 
lished by Guertler and Tammann! in 1907 and confirmed by Tafel? 
in 1908. 

Copper-phosphorus System.—The copper-phosphorus system has been 
studied by numerous investigators, so that the copper-rich portion is now 


definitely known. As most recently determined by Lindlief,* this system — 


has a eutectic at 8.38 per cent P, eutectic temperature being 714° C. 
Components of the eutectic are CusP and alpha solid solution. Solid 
solubility of phosphorus in copper, according to Mertz and Mathewson,! 
decreases from a maximum of about 1.75 per cent at 714° C. to about 
0.6 per cent at 300° C. 


Manuscript received at the office of the Institute Nov. 10, 1939. Issued as T.P. 
1142 in Meraus Tecunocoey, January 1940. 
* Director of Research, Chase Brass and Copper Co., Inc., Waterbury, Conn. 
} Research Metallurgist, Chase Brass and Copper Co., Inc. 
{ Research Assistant, Chase Brass and Copper Co., Inc. 
' References are at the end of the paper. 
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Capacity for age-hardening of copper-phosphorus alloys appears to be 
negligible in spite of the variable solubility of phosphorus in copper. 
Hanson, Archbutt and Ford’ found that the tensile strength of quenched 
strip in an alloy containing 0.95 per cent P was not changed by further 
heat-treatment, although Brinell hardness was increased from 43 to 52. 

Nickel-phosphorus System.—Information concerning the nickel-phos- 
phorus system appears to be meager. Konstantinov® has reported a 
eutectic at 11 per cent P, eutectic temperature being 880° C. Three 
compounds are shown in his diagram: Ni;P, dissociating at 975° C.; 
NisP2, melting at 1184° C.; and NieP, melting at 1112° C. 

Copper-nickel-phosphorus System.—In 1925, Bamford’ noted that 
copper containing 1.52 per cent Ni, 0.12 per cent P and 0.05 per cent As 
increased in hardness after annealing. In 1928, Wise® mentioned that 
copper-nickel-phosphorus alloys were age-hardenable, and later, through 
Merica,® reported that the compound NisP was the dispersion-hardening 
agent in such alloys. In 1935, Rollason and Bamford! reported that a 
series of copper-nickel-phosphorus alloys, in which nickel ranged from 
1.72 to 3.88 per cent and phosphorus from 0.03 to 0.50 per cent, were 
hardened by quenching and aging or by slow cooling. In 1939, Crampton 
and Burghoff'! showed that both the ternary copper-nickel-phosphorus 
alloys and certain modifications thereof were characterized by very 
desirable combinations of conductivity and strength. None of these 
references discuss constitution or solubility relationships in any great detail. 


EXPERIMENTAL WorRK 


Solidus and Alpha Solid Solubility 


Alloys used for determination of the solidus surface and the alpha 
solid solubility and for demonstration of optimum ratio of nickel to 
phosphorus were made from electrolytic copper, electrolytic nickel, and 
15 per cent phosphor-copper. The melts were prepared under charcoal 
in an Ajax-Northrup high-frequency furnace, ‘‘ Norbide” crucibles being 
used, and were chill-cast in the form of rods 114 in. in diameter. Charges 
were 8 kg. in each case and nickel contents ranged from about 0.25 to 8 per 
cent and phosphorus contents from about 0.025 to 1 per cent. Alloys 
containing less than 0.1 per cent P were deoxidized with 0.02 per cent of 
50-50 lithium-calcium alloy prior to addition of phosphor-copper, so that 
the phosphorus was free to alloy and did not have to function as deoxi- 
dizer. Analyses of the alloys are given in Table 1. The bars were cold- 
rolled and drawn, with suitable intermediate anneals, to 0.204-in. 
diameter, only a few alloys of the highest phosphorus contents not being 
capable of being so processed. 

Melting points were determined by microscopic examination of 
specimens quenched in water after annealing for periods of 15 min. 
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Anneals were made at 20° C. intervals over the appropriate ranges, 
although no annealing was done above 1020° C. because of the limitations 
of the furnace employed. Temperature was automatically controlled to 
within about 5° C. of desired temperature. Three binary copper-phos- 
phorus alloys were also studied in this part of the work, as the solidus 
curve given in the literature appeared to be uncertain. 


TaBLE 1.—Analysis of Alloys 


REMAINDER Is Copper IN EAacnH ALLOY 


Nickel, Phosphorus, Nickel, Phosphorus, 
Alloy No. Wt. Per Wt. Per Ni/P Alloy No. Wt. Per Wt. Per Ni/P 
Cent Cent Cent Cent 
i 0.31 0.06 5.2 8 0.57 0.06 9.5 
2 0.29 0.10 2.9 9 0.50 0.09 5.6 
3 0.28 0.20 1.4 10 0.50 0.21 2.4 
4 0.29 0.29 10) 11 0.50 0.31 eG 
5 0.26 0.50 0.52 12 0.53 0.50 i eal 
6 0.26 0.73 0.36 13 0.54 0.76 0.70 
uf 0.25 0.92 0.27 14 0.52 1.04 0.50 
15 1.03 0.06 ie 21 2.07 0.06 35 
16 1.04 0.10 10. 22 2.08 0.10 21. 
17 1.04 0.20 5.2 23 2.08 0.21 9.9 
18 1.02 0.30 3.4 24 2.16 0.30 7.2 
19 1.04 0.49 2.1 25 2.07 0.52 4.0 
20 0.98 0.95 1.0 26 2.01 1.02 2.0 
27 4.30 0.06 72. 32 8.04 0.05 160 
28 4.11 OreL 37 33 8.00 0.10 80 
29 3.96 0.20 20 34 7.80 0.32 24. 
30 4.22 0.30 14 
31 4.56 0.50 9.1 
35 0.89 0.09 9.9 41 0.18 0.05 3.6 
36 0.78 0.20 3.9 42 0.11 Out 1.0 
37 0.68 0.31 2.2 43 0.056 0.15 0.37 
38 0.80 0.17 4.7 44 0.49 0.027 18. 
39 0.86 0.14 6.1 45 0.12 0.29 0.41 
40 0.88 0.12 7.3 
46 0.42 
47 0.76 
48 1.18 


Samples for determination of the alpha-phase boundary by micro- 
scopic examination were annealed as above in groups, protected by 
powdered charcoal to avoid excessive surface oxidation, at 900° C. for 
24 hr. One group was then quenched in water for examination after this 
treatment. The remaining samples were allowed to furnace-cool to 


—— 
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800° C., another group being quenched after having been at this tempera- 
ture for 24 hr. This procedure was continued for temperatures of 700° 
600°, and 500° C. As it was definitely known that the system was jie 
of decreasing solubility with decreasing temperature, it could be expected 
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Fic. 2.—CopprER-NICKEL-PHOSPHORUS SECTION AT 0.25 PER CENT NICKEL. 
Fic. 3.—CoprrER-NICKEL-PHOSPHORUS SECTION AT 0.5 PER CENT NICKEL. 
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Fic. 4.—Corprer-NICKEL-PHOSPHORUS SECTION AT | PER CENT NICKEL. 

Fig. 5.—CoppER-NICKEL-PHOSPHORUS SECTION AT 2 PER CENT NICKEL. 
logically that examination of the various microstructures after these treat- 
ments would show the presence or absence of a second phase and therefore 
locate the alpha solid-solubility boundary at relatively high temperatures. 

Location of the alpha boundary at some of these temperatures and at 
400° and 300° C. was also accomplished by electrical conductivity deter- 
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minations. 


For this part of the investigation a suitable sample of each 


alloy was annealed for 24 hr. at 900° C. or some slightly lower tempera- 
ture in the alpha field, quenched in water, and thereafter reheated for 
periods of 24 hr. followed by quenching at each of the temperatures: 
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Fic. 6.—COPPER-NICKEL-PHOSPHORUS SEC= 


TIONS AT 4 AND 8 PER CENT NICKEL. 


ance of a second phase. 


700°, 600°, 500°, 400°, and 300° 
C. Reheating and quenching 
was done at successively lower 
temperatures and conductivity 
for each condition was determined. 
As the structure at high tem- 
perature had previously been 
determined by microscopic exami- 
nation, any increase in conduc- 
tivity due to reheating or aging a 
specimen originally containing 
only alpha indicates the appear- 


Attainment of complete equilibrium in the 


formation of the second phase would not be necessary in this procedure. 
Anneals for this group of tests were made in a furnace automatically 
controlled to within about 214° C., and a reducing atmosphere was 


Nickel — per cent 
Fic. 7.—ISoTHERMS ON COPPER-NICKEL-PHOSPHORUS SOLIDUS SURFACE. 


employed at 700° C. and higher. 


Electrical conductivity was determined 


by means of a Hoopes’ bridge and specimens were reversed in the bridge 


to obtain duplicate readings. 
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Fic, 8.—ALPHA SOLID SOLUBILITY LIMITS AT VARIOUS TEMPERATURES. 


Results of melting-point and _ solid-solubility determinations are 
shown in Figs. 1 to 6, which are partial sections through the ternary 
diagram at 0 per cent and approximately 0.25, 0.5, 1, 2, 4 and 8 per cent 
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Ni. In the ternary alloys the three-phase field of equilibrium among 
alpha, the second solid phase, and liquid, which would be expected 
between the fields alpha plus liquid and alpha plus second solid phase 
was not observed and is probably of limited extent in the concentrations 
here investigated although this region was not examined critically. The 
contours of the solidus surface are indicated by the isotherms of Fig. 7, 
and Fig. 8 shows the alpha-phase boundary at 800°, 700°, 600° and 500° C. 
In the latter figure the values for binary copper-phosphorus alloys were 
taken from Mertz and Mathewson’s work. In addition to the alloys 
shown in the quasibinary sections, several others were of assistance in 
delineating the boundaries given in Fig. 8. The compositions of these 
alloys and their structures are listed in Table 2. 


TABLE 2.—Compositions of Miscellaneous Alloys and Their Structures at 
Various Temperatures 


Analysis, Per Cent Structure at 
Alloy No. 
Nickel Phosphorus 800° C. 600° C. 500° C. 400° C. 300° C. 
41 0.18 0.05 a a+ 2nd! a+ 2nd| a+ 2nd! a+ 2nd 
42 0.11 ae a a+ 2nd/ a+ 2nd! a+ 2nd|a-+ 2nd 
43 0.056 O.L5 a a a a a 
45 0.12 0.29 a a+ 2nd/ a+ 2nd!/ a + 2nd}a + 2nd 


As shown in the sections of constant nickel content, the maximum 
solubility of phosphorus decreases markedly as nickel content increases, 
approximate values being 1.75, 1.15, 1.0, 0.8, 0.45, 0.2, and 0.15 per cent 
for 0, 0.25, 0.5, 1, 2, 4, and 8 per cent Ni, respectively. The relations in 
alloys containing 8 per cent Ni are very indefinite because of the few 
data obtained on such alloys. The temperature of maximum solid 
solubility appears to vary but little from the value of 714° C. for 0 per 
cent Ni up to 1 per cent Ni, then increases sharply to about 825° C. 
at 2 per cent Ni, and increases regularly with nickel content thereafter. 
An understanding of the true significance of this apparent sharp rise 
between 1 and 2 per cent would probably require greater precision and 
detail than were used in this investigation. 

The solubility of nickel and phosphorus decreases sharply at lower 
temperatures, especially for compositions in which the nickel is con- 
siderably in excess of the phosphorus. In alloys containing only 0.25 per 
cent Ni, the solubility of phosphorus decreases from about 1.0 per cent 
at 700° C. to less than 0.05 per cent at 600° C., and in alloys containing 
0.5 per cent Ni the solubility of phosphorus at 600° C. is definitely less 
than 0.027 per cent. For example, an alloy containing 0.49 per cent 
Ni and 0.027 per cent P had a conductivity value of 61.75 per cent 
International Annealed Copper Standard as quenched from 800° C. 
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and 68.50 per cent I.A.C.S. as subsequently reheated for 24 hr. at 600° C. 
and quenched. Solubility of such alloys is still less at lower temperatures, 


as shown by further increases in conductivity for annealing temperatures 
down to 300° C. 


Microstructure 


The phase precipitated from the alpha solution was visible in all but 
the most dilute alloys. Microstructures typical of alloys containing 
0.06 per cent P and approximately 0.5, 1 and 2 per cent Ni, respectively, 
are shown in Figs. 9, 10 and 11, in which the particles of second phase 
can be distinguished. The precipitation is more readily followed in an 
alloy containing 1.04 per cent Ni and 0.49 per cent P, as shown in Figs. 
12 to 15, which illustrate the microstructure as annealed successively for 
24 hr. at 900° C., 700°, 600°, and 500° C., and quenched; an intermediate 
step for 800° C. is not shown. This alloy consists only of alpha solution 
as quenched from both 900° and 800° C., but contains a second phase as 
subsequently quenched from 700° C. and successively lower tempera- 
_ tures. The nature of this precipitate is seen to vary between 600° and 
500° C., for, as developed at 500° C., the particles are much finer and 
more widely dispersed than at 600° C. A transformation is thus indicated 
between these two temperatures. If this were not so, the particles 
of the second phase developed at 600° C. would not be expected to 
decrease in size at 500° C., although additional precipitation would 
undoubtedly occur. This difference in structure as successively annealed 
at 600° and 500° C. appeared to be generally characteristic of the other 
alloys studied. Actual age-hardening of the copper-nickel-phosphorus 
alloys is best accomplished well below 600° C., so that the precipitation 
in the aging process corresponds to that shown for the treatment at 
500° C. When such alloys are aged to produce commercially attractive 
properties, as will be discussed later, the precipitate cannot be resolved 
under the microscope. 


Optimum Nickel-phosphorus Ratio 


Examination of the alpha boundary at various temperatures shows 
that, for a given nickel plus phosphorus content, the solubility is least 
for alloys in which the nickel is considerably in excess of the phosphorus. 
This is as might be expected if one assumes that the precipitate is one 
of the known compounds of nickel and phosphorus. 

In order to determine the ratio of nickel to phosphorus considered 
optimum with regard to increase in strength and conductivity due to 
precipitation or aging treatment, a series of alloys containing 99 per cent 
Cu and 1 per cent Ni + P, with the ratio of nickel to phosphorus varying 
widely, was tested. Electrical conductivity and tensile strength of these 
alloys were determined after annealing 24 hr. at 800° C. and quenching, 
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and after subsequently reheating or aging at 450° C. for 24 hr. The 
tensile strength and conductivity results are plotted in Fig. 16 as func- 
tions of ratio of nickel to phosphorus. Each curve passes through a 
rather flat maximum range but apparently not at exactly the same value 


; Th ag PTS ERE es 
Fias. 12-15.—ALLoyYs CONTAINING 1.04 PER CENT NICKEL, 0.49 PHOSPHORUS, 98.47 - 
COPPER (BY DIFFERENCE). 
Fig. 12. As annealed 24 hours at 900° C. and quenched. 
Fig. 138. As successively annealed 24 hours at 900°, 800° and 700° C. and quenched. 


Fig. 14, As successively annealed 24 hours at 900°, 800°, 700° and 600° GC. and 
quenched. 


Fig. 15. As successively annealed 24 hours at 900°, 800°, 700°, 600° and 500° C. 
and quenched. 


Kitch, ammonia and peroxide. X 250. 


of Ni/P. There is a sharp break in the tensile-strength curve at 
Ni/P = 4, which was not expected, but this was checked very closely in a 
duplicate set of treatments upon additional samples of these alloys. 
The maximum points are nearer to the value 4.73, required by the com- 
pound Ni;P2, than to 3.78 or 5.68, required by NieP and NisP, respec- 
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tively. Lacking specific investigation of the pr ecipitating phase, it may 
therefore be postulated that Ni;P2, under these conditions of heat- 
treatment, is the precipitating phase, although the data are by no means 
sufficiently conclusive to eliminate consideration of NisP, suggested by 
Wise to be the hardening phase in copper-nickel-phosphorus alloys. 


co 


Tensile Strerigt}i — 1000 O.S/ 
Lrecrtical Conductivity —per cen? (ACS. 


Fie. 16.—EFFECT OF NICKEL-PHOSPHORUS RATIO UPON STRENGTH AND CONDUC- 
TIVITY OF ALLOYS CONTAINING 1 PER CENT NICKEL PLUS PHOSPHORUS, AS QUENCHED 
FROM 800° C. AND AGED 24 HOURS aT 450° C. 

Additional data concerning best proportions of nickel and phosphorus 
are presented in Fig. 17, which shows conductivity as a function of Ni/P 
for alloys of various contents of nickel after having been finally annealed 
24 hr. at 400° C. and quenched, following similar treatments at 900°, 
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Fic. 17.—EFFEcT OF NICKEL-PHOSPHORUS RATIO UPON CONDUCTIVITY OF ALLOYS 
WITH VARIOUS CONSTANT NICKEL CONTENTS AS ANNEALED 24 HOURS AT EACH OF THE 
TEMPERATURES 900°, 700°, 600°, 500° anp 400° C., SUCCESSIVELY, AND QUENCHED. 
700°, 600° and 500° C. Although all the curves shown do not pass 
through a point of maximum conductivity, it appears that such maximum 
point occurs at a value of Ni/P approximately equal to 5. 
Regardless of the exact composition of the precipitating phase, it is 
apparent that optimum combination of strength and conductivity 
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in the quenched and aged condition is obtained for this proportion of 
nickel and phosphorus. Although the exact ratio is not very critical, 
wide departures are not desirable as conductivity is greatly lowered by an 
excess of phosphorus while an excess of either nickel or phosphorus 
results in material decrease of attainable strength. 


Properties of Alloys of about 5 to 1 Nickel to Phosphorus Weight Ratio 


Effect of Increasing Nickel plus Phosphorus.—A series of five alloys 
of compositions as shown in Table 3 were cast in chill molds in rods 
11% in. in diameter and worked down by the normal mill procedure to 
0.204-in. diameter. On this size they were all annealed for one hour at — 
730° C. and water-quenched. Each was divided into three portions; 
one portion was not aged, a second portion was aged 4 hr. at 425° C., 
and the third portion similarly aged and subsequently cold-drawn 
84 per cent. 


TABLE 3.—Effect of Increasing Nickel plus Phosphorus 


Nickel, Phosphorus, Ni + P, 


Alloy No. Per Cent Per Cent Per Cent Ratio Ni:P 
494 
50 0.51 0.09 0.60 5.6 
51 1.00 0.19 1.19 5.3 
52 1.48 0.28 1.76 5.3 
53 1.81 0.35 2.16 5.2 


@ Tough-pitch copper (99.90-+ copper). 


The results of tests on all the wires are shown in Fig. 18, where tensile 
strength and conductivity are plotted as functions of nickel plus phos- 
phorus content. The effect of nickel plus phosphorus on tensile strength 
in the soft condition is seen to be rather slight. In the aged condition a 
much greater increase of strength results from the addition of nickel 
plus phosphorus, and when aged and subsequently cold-drawn to a total 
reduction of 84 per cent, the increase in strength with alloy content is 
even more marked. Both as aged and as aged and drawn, the major 
part of the increase is found for a total alloy addition of about 1.25 
to 1.5 per cent, a relatively small increase resulting from further 
alloy addition. 

The conductivity curves for all three conditions are of similar form, 
showing a marked decrease in conductivity with initial additions of 
nickel plus phosphorus, and progressively less effect with increasing 
alloy content. For any composition there is a relatively great increase 
in conductivity due to aging after the solution treatment and then a 
slight drop on application of subsequent cold-work. The total effect of 
alloying, heat-treatment and cold-working is to produce very attractive 
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combinations of tensile strength and conductivity in alloys containing 
about 1.25 per cent or more of nickel plus phosphorus. 

Effect of Solution, Aging, and Mechanical Treatments.—The effect of 
time and temperature of aging on properties exhibited were investigated, 
- /60 
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Pre: 18.—EFFECT OF NICKEL PLUS PHOSPHORUS CONTENT UPON STRENGTH AND CON- 
pucTIvITy. NICKEL-PHOSPHORUS RATIO APPROXIMATELY 5:1. 

using a single coil of wire of alloy No. 17 listed in Table 1, containing: 

copper, 98.76 per cent; nickel, 1.04; phosphorus, 0.20; Ni/P, 5.2. The 

whole coil of wire drawn by the usual procedure to 0.204 in. was annealed 
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Fic. 19.—EFrrecr OF AGING TEMPERATURE AND AGING TIME UPON STRENGTH AND 
CONDUCTIVITY OF WIRE PREVIOUSLY QUENCHED FROM 800° C. 
1.04 per cent Ni, 0.20 P. 
at 800° C. and water-quenched. Portions were then cut from the coil 
and aged for periods of 14, 114, 4, 8 and 24 hr. at each of the temperatures 
400°, 450°, and 500° C. Tests were then made of tensile strength and 
electrical conductivity, these being shown graphically in Fig. 19. 
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After the solution treatment and prior to aging, the wire had a tensile 
strength of 37,100 lb. per sq. in., and a conductivity of 31.9 per cent 
I.A.C.8. On aging at 400° C., both properties improve rapidly with 
short aging time and then continue to improve at progressively lesser 
rates as the time is increased. 

Using an aging temperature of 450° C., both strength and conductivity 
increase more rapidly than at 400° C. There is a well-defined although 
not sharp maximum in the strength curve at about 2 to 3 hr., a slight 
overaging being apparent after longer annealing. The conductivity, 
as would be expected, however, increases continuously with time. 

At 500° C., there is a distinct maximum in the strength curve at 
1 to 1% hr. and a rather sharp drop between 2 and 4 hr. Again the 
conductivity curve rises continuously up to 24 hours. 
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Fic. 20.—EFrecr OF AGING TEMPERATURE AND DEGREE OF COLD-WORK ON STRENGTH 


AND CONDUCTIVITY OF MATERIAL PREVIOUSLY QUENCHED FROM 790° C. 
98.56 Cu, 1.18 Ni, 0.23 P. 


The effect of aging temperature and degree of cold-work on strength 
and conductivity of wires of a ternary alloy containing copper 98.56 per 
cent, nickel 1.18 per cent and phosphorus 0.23 per cent is shown in 
Fig. 20. These data resulted from tests made on wire initially 0.204-in. 
diameter, quenched from 790° C., aged for 4 hr. at the temperatures 
indicated and subsequently drawn varying amounts up to 96 per cent 
reduction of area. 

The strength increases with the percentage of reduction by drawing 
for each of the different aging temperatures used. The optimum aging 
temperature apparently is at about 425° C., a temperature of 480° C. 
showing slight but distinct overaging effects. Variation of aging temper- 
ature has a relatively greater effect on electrical properties, the conduc- 
tivity for any degree of reduction increasing considerably with increased 
aging temperature at the constant time used. Presumably this indicates 
more complete precipitation at higher temperatures, as increased con- 
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ductivity is largely a function of degree of precipitation rather than one of 
size or distribution of particles of the precipitated phase. 

The data shown in Fig. 21 indicate the effect of variation in quenching 
treatment on the same alloy and size of wire shown for Fig. 20. All wires 
were quenched at temperatures of 705°, 790° and 870° C., after which 
they were aged 4 hr. at 425° C. and drawn as indicated. It is seen that 
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Fig. 22.—EFrFrecT OF ADDITION OF TIN, CADMIUM AND ZINC UPON STRENGTH AND 
CONDUCTIVITY OF WIRE QUENCHED FROM 790° C., AGED 4 HOURS AT 425° C. AND 
COLD-DRAWN. 


quenching temperatures of 790° and 870° C. give somewhat greater final 
strengths than does a temperature of 705° C. The variation in quenching 
temperature, however, has only a slight effect on conductivity. 

From the data in Figs. 20 and 21 it may be concluded that for maxi- 
mum strength the alloy should be given a solution treatment at 790° to 
870° C. and aged at about 425° C. For maximum conductivity the 
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quenching temperature is not critical, but the aging should be at about 
480° C. For a good combination of strength and conductivity a quench 
from about 790° C. and aging treatment between 425° and 480° C. 
is indicated. 

Effect of Added Alloying Elements —The addition of small amounts of 
tin, cadmium, or zine to the basic copper-nickel-phosphorus alloy affects 
the strength and conductivity as shown in Figs. 22 and 23. The material 
used to obtain these data was wire fabricated from bars cast 114 in. in 
diameter in chill molds. All materials were worked down by normal mill 
procedure to 0.204-in. diameter, were then annealed at 790° C. and 
quenched, aged 4 hr. at 425° C. and finally drawn varying reductions up 
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Fic. 23.—TENSILE STRENGTH VERSUS CONDUCTIVITY. 


to 96 per cent. The actual compositions of the four alloys used were as 
follows, the balance in each instance being copper: 


Alloy No. Nickel, Per Cent Phosphorus, Per Cent pote aoe oe 
54 1.18 
55 1.18 0.62 tin 
56 1.24 0.82 cadmium 
57 1.04 3.33 zinc 


It is seen that the strength is an increasing and the conductivity a 
decreasing function of the reduction by drawing. Also, the individual 
fourth elements added increase the strength but simultaneously decrease 
the conductivity. It seems probable that these effects are largely 
explained by assuming these added elements to be present in solid solution 
in the matrix. 

In any such series of alloys or treatments where strength and con- 
ductivity are both affected, the combined properties are not too well 
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shown by curves plotted as in Fig. 22. It has been found that an excel- 
lent method of indicating such effects is that shown in Fig. 23, where the 
same data are used to plot strength as a function of the conductivity for 
each of the various treatments. In the resulting family of curves, the one 
showing the better combination of strength and conductivity is located 
farthest from the origin. Fig. 23 indicates that for lower degrees of 
cold-drawing the straight ternary alloy is superior to any of the quater- 
nary ones, but that for higher reductions the reverse is true. The 
cadmium-bearing alloy, particularly, shows an outstanding combination 
of properties for reductions of 75 per cent and upward. 

The effect of certain combinations of the solution, aging and drawing 
treatments on the properties of the cadmium-bearing alloy No. 56 are 
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97.69 per cent Cu, 1.24 Ni, 0.24 P, 0.82 Cd. 

shown in Fig. 24. The wire after drawing to 0.204-in. gauge was sub- 
jected to solution treatments at temperatures of 705°, 790° and 870° C., 
followed in each instance by aging for 4 hr. at temperatures of 370°, 425° 
and 480° C. Finally, all wires were cold-drawn 0, 6, 10 and 14 B. and S. 
numbers hard. 

The results of this series of tests are plotted in the same manner as 
described for Fig. 23, this procedure showing clearly the relative merits 
of the different treatments as determining the combined tensile and con- 
ductivity properties. It is seen that the 705° C. solution treatment 
yields lower strength but higher conductivity than either of the two 
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higher-temperature solution treatments. However, for each of the solu- 
tion treatments, an increase in aging temperatures always gives better 
combinations of strength and conductivity. 

Complete data on the effect of all possible combinations of solution, 
aging, and cold-working treatments are not given in the present paper. 
It should be noted that the data presented are illustrative rather than 
comprehensive, and other modifications of exact composition and treat- 
ment are capable of yielding a wide range of properties, some perhaps 
better than any indicated here. 


SUMMARY 


The solidus surface and limits of alpha solid solubility were deter- 
mined for copper-nickel-phosphorus alloys containing up to 8 per cent Ni 
and1 percent P. Solubility of nickel and phosphorus decreased markedly 
with decreasing temperatures, as little as 0.2 per cent Ni + P forming a 
second phase at 500° C. when present in suitable proportions. Because 
of this low solubility, attractive combinations of conductivity and 
strength were shown to be obtainable in quenched and aged alloys. Best 
properties were found to be obtained in alloys in which ratio of nickel to 
phosphorus was about 5 to 1. The exact nature of the precipitating 
phase was not established in the investigation, but it appeared that the 
phase precipitated in the age-hardening range of temperatures, at and 
below about 500° C., was different from the phase precipitated at some- 
what higher temperatures. 

Investigation of the properties of alloys containing nickel and phos- 
phorus in the ratio of about 5 to 1 showed that the most useful harden- 
ability is attained in alloys containing about 1.25 to 1.5 per cent Ni + P 
and that hardness or strength attainable by age-hardening increases only 
gradually for higher alloy contents. Electrical conductivity of about 
67 per cent I.A.C.S. and tensile strength of about 65,000 lb. per sq. in. 
were realized in alloys containing about 1 per cent Ni + P in the desired 
ratio. Such alloys were found to be capable of extensive cold-working - 
after age-hardening, so that the strength could be still further increased. 
Addition of alloying elements such as tin, cadmium and zine yielded 
slightly modified but also attractive properties, strength being increased 
while conductivity was somewhat decreased. 
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DISCUSSION 
(J. L. Christie presiding) 


W. C. Extis, * New York, N. Y.—New alloys such as those described by Crampton, 
Burghoff and Stacy, combining high strength and high conductivity, are additions 
to the metal family that are particularly welcomed by the electrical industry. Alloys 
of this type find wide application as electrical conductors where a higher strength is 
required than that of hard-drawn copper. Each gain in conductivity in equivalent 
size of wire translates into a lowered transmission loss. Likewise, higher strengths 
increase the life of conductors in that greater resistance is offered to failure due to 
ice loads or incidental hazards, and advantage can sometimes be taken of both higher 
strength and conductivity to reduce the size of wire used and obtain the same per- 
formance with consequent economies. 
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Fic. 25.—REPRESENTATION OF CONDUCTIVITY VALUES OF COPPER-NICKEL-PHOS- 
PHORUS ALLOYS ON THE TERNARY COMPOSITION PLOT FOR APPROXIMATE EQUILIBRIUM 
at 400° ro 500°C. 

If the alloy compositions are plotted on a ternary diagram with notations of the 
values of the electrical conductivity in the condition approaching equilibrium at 
about 400° to 500°C., as given in the authors’ paper, a consistent pattern is obtained 
as shown in Fig. 25. The general picture is that with increasing phosphorus contents 
the conductivity decreases and the same trend occurs to a lesser extent with increasing 
nickel contents. If one were to draw in speculative tie lines originating from the 
region of the phosphide compounds in the binary system nickel-phosphorus, as is done 
in Fig. 25, the conductivities of the several alloys plotted are in line with those expected 
for the terminal solid solutions as predicted from the conductivities in the two binary 
systems copper-phosphorus and copper-nickel involved. I want to emphasize that 
this analysis is highly speculative in view of lack of information concerning the 
conductivities of the ternary solid solution compositions, and concerning the structure 
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in general in the ternary regions. No conclusion as to the identity of the phase in 
equilibrium with the alpha can be drawn because all of the alloys are close to the copper 
corner. Moreover, both phases contribute to the electrical conductivity. 


J. L. Curisrip, * Bridgeport, Conn.—Are the brass mills yet in a position to con- 
sider production on a commercial scale of alloys that involve quenching from 800°C. 
followed by low-temperature annealing for times up to 8 hours? 


Ek. M. Wisz,t Bayonne, N. J.—The authors are to be congratulated on their work 
on these interesting alloys, and in particular for presenting data on mechanical and 
electrical properties along with those on the equilibria. In too many of our papers 
data are presented on equilibria only, which leaves the possible useful properties 
open to conjecture. 

It would appear that applications of the present alloys fit into the field of hardened 
coppers where strengths in excess of those provided by cadmium copper are required. 
The nickel-phosphorus alloys also may have other advantages, particularly in leaded 
alloys where some of the other age-hardening combinations are not applicable. 
Likewise, nickel plus phosphorus may be helpful where an increase in annealing 
temperature or a reasonable creep strength is required. 

The effectiveness of cold-work applied to alloys containing dispersed particles— 
even quite coarse dispersions—has long been utilized in producing very strong steel 
wire and apparently is involved in strengthening some of the cold-worked aluminum 
alloys containing small amounts of nickel, chromium and manganese, with or without 
magnesium silicide, but with this exception does not appear to have been extensively 
used with nonferrous alloys. 

It is important to be aware of the effect of other elements, phosphorus in particular, 
upon the properties of the low-nickel-content copper alloys, as the combination of 
nickel plus phorphorus or silicon is necessary to develop the properties that are 
sometimes reported, and which would not be shown by a simple low-nickel cop- 
per alloy. 

To complete the history, it may be recorded that my first work on the copper-rich 
phosphorus-nickel alloys was done on April 1 to 6, 1925, at the Wadsworth Watch 
Case Co., Dayton, Ky., and was an outgrowth of work started in 1923 on the copper- 
rich nickel-silicon alloys. In 1925 it was observed that copper containing 2.12 per 
cent Ni and about 0.3 per cent P hardened on aging as low as 300°C., and a similar 
alloy showed reasonable hardening on furnace cooling. The following year complete 
aging curves on these alloys showed that alloys quenched from 800°C. reached maxi- 
mum hardness (for 30 min. aging) at 500°C. 


H. L. Burcuorr (authors’ reply).—The observed conductivity of a particular 
ternary alloy, heat-treated to equilibrium or some intermediate condition at a given 
temperature, may be referred to that of another ternary alloy of equal conductivity, 
containing the alpha phase only. It is more accurate if the composition of the 
precipitating phase is known, and less accurate if this is not known, so that one 
must guess at the ratio of alloying elements in the terminal solid solution or equivalent 
ternary alloy. 

A heat-treated copper-nickel-phosphorus alloy has been brought into the freely 
machinable class of alloys by the addition of tellurium, and is commercially estab- 
lished. This fact is pertinent to both Mr. Wise’s and Mr. Christie’s remarks. With 
particular reference to Mr. Christie’s question, the alloy is fully heat-treated although 
the aging time is less than 8 hr. However, another copper alloy, requiring solution 
treatment and quenching at well above 800°C. and subsequent aging for about 8 hr., 
has been in regular commercial production for several years. 


* Vice-president, Handy and Harman. 
} International Nickel Co. 
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The Cobalt-nickel-silicon System between 0 and 20 Per Cent 
Silicon 


By Arruur C. Forsyrx* anp R. L. Dowprii,* Mremper A.I.M.E. 


(New York Meeting, February 1940) 


A seARcH through the available literature shows that the cobalt- 
nickel-silicon system has not been systematically studied. This seems 
rather odd because all three elements are fairly abundant and have 
better than average corrosion resistance; however, they have high melting 
points, which makes experimental work difficult. Cobalt and _ nickel 
form a continuous series of solid solutions and each metal dissolves about 
7.5 per cent silicon. 

Many ternary alloys have been studied and the results have been 
published in a great many different ways, but to present such data in a 
short but clear and understandable manner is still a problem. The 
following pages describe the results of the study of 76 alloys from which 
the partial ternary diagram (Fig. 1) of the cobalt-nickel-silicon system 
has been drawn. 

The alloys were chosen according to the plan in Fig. la by taking 
definite ratios of cobalt and nickel, such as 70 Ni, 30 Co or 40 Ni, 60 Co, 
and adding silicon in various percentages. Each section was studied 
in detail by means of thermal analysis and microscopic examination, but 
only two of these detailed sections were thought necessary in the point 
perspective drawing to give a comprehensive picture of the liquidus, 
solidus and solid transformations that take place over the temperature 
ranges studied. Complete thermal analyses and microscopic data are 
given in Table 1. 


EXPERIMENTAL PROCEDURE 


The alloys were prepared from metals of commercial purity, as follows: 
electrolytic nickel 99.60 + 0.35 Co; chemically purified silicon 99.79 
per cent plus impurities of Fe 0.027, Al 0.008, Ca 0.014, C 0.004, N» 
0.10; and cobalt 98.82 per cent plus impurities of Ni 0.42, Fe 0.12, CaO 
0.27, 5 0.012, Mn 0.10 and SiO. 0.15. It should be noted that the largest 
impurity in cobalt is nickel, one of the alloying elements. 

The alloys were melted in a small Ajax induction furnace, the nickel 
and cobalt being melted first because of their better ferromagnetic 


Manuscript received at the office of the Institute Dec. 1, 1939. Issued as T.P. 
1170 in Merats Tecunowoey, February 1940. 
* Institute of Technology, University of Minnesota, Minneapolis, Minn. 
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properties and the silicon being slowly added to the melt. Addition 
of silicon too rapidly caused overheating and loss of silicon. Fine- 
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Fie. 1.—Point PerspEctive DRAWING OF COBALT-NICKEL-SILICON SYSTEM BETWEEN 
0 AND 19.4 PER CENT SILICON, WITH (UPPER RIGHT CORNER) SECTIONS INVESTIGATED 


IN DETAIL, 

grained alundum crucibles were used. Remelting for thermal analysis 
was done in a carbon resistor furnace with alundum tubes as liners. 
Slightly reducing atmospheres were automatically obtained at all 
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times. Barium chloride was used as a cover to prevent contamination 
of the melt. A platinum-platinum + 10 per cent rhodium thermocouple 
was used for all thermal analysis determinations. It was standardized 
by the National Bureau of Standards with a stated accuracy of +5°C. 
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Fig. 2.—SoOME TYPICAL TIME-TEMPERATURE COOLING CURVES FROM SECTION GG’, Fig. 1. 
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throughout its entire range. The couple was frequently checked for 
accuracy by N.B.S. pure copper (m.p. 1083°). Thermocouple readings 
were made with a potentiometer with accuracy of at least 0.01 mv. 
The average speed of cooling during thermal analysis was about 16°C. 
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per min. at 1250°C., decreasing to approximately 11°C. per min. at 
1000°C. Supercooling was found with almost all alloys but could be 
overcome by stirring or slight vibration. 

The data in Table 1 represent seven sections through the ternary 
diagram between zero and 20 per cent Si, as shown in Fig. la. Each 
section was plotted and studied in detail but all were found to be so much 
alike that two sections were thought sufficient to give the necessary 
connecting links between the two binary diagrams nickel-silicon and 
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cobalt-silicon (Fig. 1). The changes from one section to the next were 
gradual and easily apparent. 

However, since thermal cooling curves played such an important 
part in the development of this diagram, a few should be included. A 
representative series of time-temperature cooling curves is reproduced 
in Fig. 2 from alloys in section GG’. Only one curve is shown for each 
alloy but it was often necessary to make duplicate or triplicate curves 
where points were in question. 

From the combined results of the cooling curves and the microscopic 
examination of each series of alloys, a vertical section was constructed. 
For illustration, four such vertical sections are reproduced in Figs. 3 to 6. 
These sections give a much more detailed picture of the transformations, 
the phases present, and the gradual changes in phase composition. The 
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Fig. 7.—ALLoy 79.9 PER CENT NICKEL, 8.8 COBALT, 11.1 smLicon, cast. > 500. 
Showing slight amount of primary a (dark), the remainder a + y eutectic. 
Fig. 8.—ALLoY 35.2 PER CENT NICKEL, 52.8 COBALT, 11.6 sILIcon, casT. X 500. 


Showing eutectic of a (dark) + y (light). 
Etchant: 10 grams FeCl; and 30 c.c. concentrated HCl in 120 c.c. water. 


378 COBALT-NICKEL-SILICON SYSTEM, 0 TO 20 PER CENT SILICON 


TasLe 1.—Data of Thermal Analysis and Structure 


Noming) (oanee Transformations, Deg. C. 
Alloy 
Designation 
Ni Co Si Primary | Eutectic | Eutectoid | Peritectic Pats 
A Bal. 9.6 1199 1156 1121 
H Bal. 12.1 1178 1156 1123 
Z Bal. 13.5 1228 1125 1175 
B Bal. 14.6 1248 1125 1170 
I Bal. 16.0% 1266 1120 
Cc Bal. 17.1 1257 1154 
K Bal. 17.4% 1255 
J Bal. 18.0 1274 1256 
L Bal. 18.6 1289 1250 1226 
D Bal. 19. 2° 1306 1243 1228 
Section AA’ 
9 85.7 9.6 4.6 1375 
104 83.5 9.2 Gok 1310 1158 
10 81.3 8.9 9.6 1240 1156 1123 
105 79.9 8.8 jh es 1170 1159 1123 
12 78.5 8.7 12.6% 1187 1156 1123 1168 
Bl 76.9 8.5 14.6 1222 1164 1121 
106 76.0 8.2 15.6 1258 1240 
13 74.5 8.1 ‘veel 1244 
107 74.1 8.0 17.6 1268 1244 
108 73.0 8.0 18.8 1301 1242 1266 
14 72.0 7.9 19.7 1298 
Section BB’ 
18 76.4 18.8 4.6 1366 
23 73.8 18.2 7.8 1275 1152 
19 72.3 18.0 9.6 1220 1155 
20 68,9 17.8 13.0° 1205 1125 1165 
124 69.1 LT sk 13.5 1211 1125 1164 
21 68.3 16.9 14.6 1240 
26 66.2 16.4 17.2 1272 1247 
22 64.3 16.0 19.5 1306 
Section CC’ 
27 66.8 28.4 4.5 1373 
306 64.0 27.3 8.5? 1284 1160 
28 63.3 26.8 9.6 1229 1154 1116 
33 61.9 26.3 11.6% 1154 1118 
29 61.5 26.0 12.3% 1172 1120 1164 
301 60.5 25.8 13.4 1213 1124 1163 
295 60.3 25.6 13.8 1220 1163 
30 59.6 25.3 14.9% 1228 1114 1163 
34 58.4 25.2 Tor? 1240 
31 58.1 24.6 tee ake 1275 1234 
35 57.0 24.1 18.6% 1304 1228 1284 
32 56.0 24.0 REY) 1314 1288 
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TABLE 1.—(Continued) 
Se 


Nominal poe Cs On Transformations, Deg. C. 
Alloy 
Designation 
| Ni Co Si Primary Eutectic | Eutectoid | Peritectic ae 
Section DD/ 
39 56.3 37.2 6.2 1339 12705 
40 54.7 36.4 8.6 1282 
41 52.6 35.0 12...1° 1165 1160 
42 62.2 34.8 0 (ea 1185 1160 1133 1168 
43 50.7 33.1 15.8 1236 1224 
44 50.4 31.9 7.2 1291 1226 
Section FF’ 
50 38.1 57.0 4.6 1400 
51 36.6 54.5 8.6 1301 1172 
52 35.2 52.8 11.6 1184 1175 1150 
53 34.5 51.5 13.5 1208 1155 1182 
150 34.0 51.0 14.6 1227 1152 1208 
153 33.8 50.5 15.3% 1254 1213 
54 33.6 50.2 159% 1263 1221 
151 33.5 49.5 16.6 1296 1212 
152 32.9 49.1 17.6 1305 1210 
55 32.4 48.5 18.6 1287 1199 
Section GG’ 
62 28.8 66.2 4.6 1408 
63 28.0 65.0 6.6 1359 1166 
64 212 62.8 9.6 1285 1175 1143 
65 26.5 61.0 120 1180 1176 1144 
66 26.0 60.4 13.3 1191 1152 1185 
160 25.6 59.5- 14.6 1239 1202 
67 25.3 58.9 15.5 1269 1202 
161 25.1 58.2 16.4 1287 1190 
162 24.8 Gy Gea 17.6 1312 1184 
68 24.4 56.5 18.6 1321 1185 
Section II’ 
9.4 5 G26 1347 1123 
9.2 ft 9.6 1271 1130 
9.0 .2 12.3 1156 
8.8 aul 13.6 1222 1158 
8.6 2) 14.6% 1245 1167 
8.5 a TSAO 1282 1164 
8.4 m5) 16.5 1297 1169 1188 
8.3 .0 17.3 1311 1160 
8.1 .8 1327 


4 Determined by chemical analysis. 
6 Solidus. 
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For descriptive legends see opposite page. 
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most pronounced change occurs in gamma. As cobalt replaces nickel 
both the formation temperature and the silicon content of this phase 
decrease. From the information so far available the gamma phase 
becomes less stable at low temperatures when more than 61 per cent 
Co has been added. In section II’ homogeneous gamma has not yet 
been preserved at room temperature and it has been assumed that gamma 
and beta decompose in the same manner and that gamma and beta 
intersect at the binary ratio of Co3Si. 

The binary diagrams of cobalt-nickel, cobalt-silicon and_nickel- 
silicon have been reported in the literature and seem to be quite well 
worked out. The cobalt-nickel diagram, as reported by Ruer and 
Kaneko,'! has been reproduced as part of Fig. 1. There is general 
agreement that the liquidus and solidus are separated by only two or 
three degrees centigrade and are represented by a single line. 

The cobalt-silicon system, as reported by Vogel and Rosenthal,? 
has likewise been reproduced and seems to agree with ternary alloys 
with small percentages of nickel. 

The latest work on the nickel-silicon diagram has been reported by 
Osawa and Okamoto* and the section between 0-19.3 per cent Si is 
reproduced here, except that some of the transformation temperatures 
were found to be higher. For example, the 6 phase, 19.3 per cent Si, 
froze at 1306°C. Temperatures of all transformations when different 
were plotted as found by the authors. 

In Fig. 1 the phases represent continuous solid solutions or inter- 
mediate homogeneous phases. For example, a varies in composition 
from a@ containing only nickel and silicon to a containing only cobalt 
and silicon. Likewise, 6 varies in composition? from 19.3 per cent 
Si + 80.7 per cent Ni to 19.35 per cent Si + 80.65 per cent Co. Further- 
more, the designated phases in binary systems seldom agree and must be 
changed to correspond with those found to be continuous in the ternary. 


Fig. 9.—NICKEL-SILICON BINARY ALLOY (13.5 PER CENT SILICON) HEATED TO 
1135°C., HELD 80 MINUTES, FURNACE-COOLED. X 200. 

Fig. 10.—ALuoy 13.5 PER CENT SILICON, 4.3 PER CENT COBALT, 82.0 PER CENT 
NICKEL. SAME TREATMENT AS Fic. 9. X 200. 

Fie. 11.—Atoy 69.1 PER CENT NICKEL, 17.1 copaLr, 13.5 siziIcon. SAME 
TREATMENT AS Fig. 9. X 200. 

Fic. 12.—ALoy 34.5 PER CENT NICKEL, 51.5 coBALT, 13.5 SILICON, HEATED TO 1170° 
FOR 14 HOUR AND FURNACE-COOLED. X 500. 

Structure is all eutectoid. Slight amount of a present but not shown. 

Fig. 13.—Axoy 26.0 PER CENT NICKEL, 60.4 coBALT, 13.3 SILICON. QUENCHED 
IN WATER FROM MELT. X 500. 

Structure primary y surrounded first by a + v eutectoid, then a + (eutectoid 
a + y) eutectic. 

Fic. 14.—Same composition as Fic. 13; REHEATED TO 1175°C., HELD 40 MINUTES, 
FURNACE-COOLED. XX 500. 

Structure all a + y eutectoid. Slight amount of a present but not shown. 

Etchant: 10 grams FeCl; and 30 c.c. concentrated HCl in 120 c.c. water. 


1 References are at the end of the paper. 
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Fig. 15.—Auioy 16.04 PER CENT 
SILICON, BALANCE NICKEL, AS CAST. 
x 100. 

Almost all Ni;Sie. 

Fig. 16.—Auuoy 76.0 PER cENT 
NICKEL, 8.2 COBALT, 15.6 sILIcon, 
cast. 100% y. X 100. 

Fie. 17.—A Loy 33.8 PER CENT 
NICKEL, 50.5 coBALT, 15.3 siLiIcon, 
HEATED 114 HouRS at 1010°C. + 5 
"| Hours at 850°C. FuRNAcE-cOOLED. 
ey ga Me : x 200. 
ni satel. Te, a Se a! Practically all y. 

Fig. 18.—A.Loy 25.3 PBR CENT NICKEL, 58.9 COBALT, 15.5 SILICON, HEATED 2 HOURS 
at 1060°C. X 200. FURNACE-COOLED. 


Some primary 6, remainder y. 

Fic, 19.—A oy 25.1 PER CENT NICKEL, 58.2 coBALT, 16.4 stniIcon. > 500. 

Consists of primary 6 surrounded first by reaction rims and then y. 
Etchant: 10 grams FeCl; and 30 c.c. concentrated HCl in 120 c.c. water. 
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The results of microscopic examination can be discussed best by 
beginning with the nickel-cobalt binary system and describing the 
changes brought about as silicon is added. The limits of solubility of 
silicon in different ratios of nickel and cobalt for maximum solubility 
at high temperatures and decrease of solubility, as temperature is lowered, 
have not been studied at great length. Further detailed work is now 
being done and will be available in the near future. Two alloys, one at 
64.0 Ni, 27.3 Co, 8.5 Si and the other 9.5 Ni, 82.5 Co, 7.6 Si, show the 
solubility in a general way. After casting, both were reheated and held 
between 1130° and 1148°C. for 4 hr. and then water-quenched. Micro- 
scopic examination showed the latter to be a complete solid solution, 
designated as a, while the former contained about 10 per cent of 8. 
Hardness determinations were made and the two alloys again reheated 
to 1040°C. and cooled slowly in the furnace.The result was an increase 
in hardness of about 15 per cent for the high-nickel alloy and 45 per cent 
for the high-cobalt alloy. No doubt changes in treatment will alter 
these results. Microscopic examination after the slow cooling treat- 
ment showed a fine spheroidized precipitate resolved by a_high- 
powered objective. 

The low-silicon eutectic in the ternary system, beginning at the 
binary nickel-silicon eutectic containing 11.5 per cent Si, gradually and 
uniformly increases in silicon content until the cobalt-silicon binary 
eutectic is reached, where the silicon content is reported to be 12.5 
per cent. The melting point also rises gradually from the nickel-silicon 
eutectic at 1156°C. to the cobalt-silicon eutectic at 1200°C. The 
base of the eutectic valley between the two binary eutectics is nearly a 
straight line and no ternary eutectic alloy was found. Apparently 
nickel and cobalt are interchangeable and, consequently, only two phases 
appear in this eutectic structure. Figs. 7 and 8 illustrate the micro- 
structures of two alloys in the ternary valley. 

The phase relations in all the alloys studied are rather simple. In 
the as-cast condition three phases often appear but one can be eliminated 
by homogenizing below the solidus. 

The next general microstructure of interest comes at a composition 
corresponding to the ratio Ni;Si, (NiCo)3Si, or CosSi. The reaction that 
occurs here (no X-ray determinations made) is that of a eutectoid. 
In the nickel-silicon binary system, however, Osawa and Okamoto? 
found that the structure was homogeneous (AuCus type) instead of 
eutectoid. As cobalt replaces nickel, the silicon remaining almost the 
same, the structure appears more and more like a eutectoid reaction that 
is stable at low temperatures, since all structures were produced by slow 
cooling. Reheating for 2 hr. seems only to coarsen the structure. The 
microstructures in Figs. 9 to 14 inclusive show definitely that, at least 
when cobalt is present, the result is a eutectoid (8 = a + 7). 
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Vogel and Rosenthal? found that in the cobalt-silicon system the 
ratio Co3Si, a compound, decomposed as a eutectoid. The illustration 
given by those authors was not decidedly lamellar but was definitely two 
phases. It seems reasonable, therefore, from the evidence available, to 
conclude that a eutectoid reaction takes place in the ternary system on a 
vertical plane between the two binary systems. The eutectoid tempera- 
ture rises as cobalt replaces nickel. The eutectoid structures seem 
most easily obtained in alloys close to 60.4 Co, 26 Ni and 13.3 Si (Figs. 
13 and 14). The alloy shown in Fig. 13 was melted and poured into 
water, where it chilled rapidly. The structure represents areas of primary 
y surrounded by eutectoid a + y and then by eutectic a + (a +). 
This same alloy after reheating to 1175°C. for 40 min. transforms nearly 
completely to eutectoid (Fig. 14) when slowly cooled. 

At 16 per cent Ni an intermediate phase occurs in the nickel-silicon 
system which corresponds to the compound Ni;Sis. In the ternary 
system a continuous homogeneous alloy exists between NisSie and 
Co3Si. It is stable at low temperatures as well as at high temperatures 
between Ni;Siz and the alloy 25.3 Ni, 58.9 Co, 15.5 Si (Fig. 18), from which 
it probably becomes less stable at low temperatures, breaking up according 
to the eutectoid reaction, and coincides with the binary alloy Co;Si. (The 
low-temperature transformations are not yet fully understood.) 

Figs. 15 to 17 show the intermediate phase at various compositions 
on the ternary diagram. This intermediate phase (vy) on the nickel- 
silicon side is an open maximum. As cobalt replaces nickel and the 
composition of the alloy changes toward Co;Si, the melting point gradu- 
ally decreases. Simultaneously with this decrease of temperature, and 
at a composition of about 58.4 Ni, 25.2 Co, 15.7 Si (CC’, Fig. 1) this 
intermediate phase changes its mode of formation from open maximum 
to peritectic. It is illustrated in section FF’, Fig. 1. The photo- 
micrograph in Fig. 19 shows reaction rims corresponding to the reaction. 

The eutectic between y and 6 in the nickel-silicon system contains 
17.4 per cent Si by weight and checks previous work closely. When 


Fig. 20.—Aunuoy 17.4 PER CENT SILICON BY WEIGHT, BALANCE NICKEL. X 100. 
Eutectic structure. 

Fig. 21.—Aioy 74.5 PER CENT NICKEL, 7.8 COBALT, 17.1 stLicon, casT. X 100. 
Almost all eutectic y + 6. Freezing point, 1244°C. 

Fic. 22.— ALLOY 67.2 PER CENT NICKEL, 16.8 coBALT, 16.5sILIcon. Cast. X 100. 
Structure almost all eutectic but eutectic disappears rapidly with increased cobalt 

additions. 

Fig. 23.— BINARY ALLOY, 19.2 PER CENT SILICON, BALANCENICKEL. Cast. X 100. 
Peculiar structure probably due to polymorphic change. 

Fic. 24.—Attoy 72.0 PER CENT NICKEL, 8.0 coBALt, 19.7 siLIcon. ANNEALED. 


x 500. 
: Structure solid solution 6. 
Fig. 25.—A.uoy 24.3 PER CENT NICKEL, 56.7 COBALT, 18.6 SILICON. CAST AND 
ANNEALED. X 200. f , 
Small amount of + at grain boundaries, remainder 6. 
Etchant: 10 grams FeCl; and 30 c.c. concentrated HCl in 120 c.c. water. 
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nickel is gradually replaced by cobalt, forming three component alloys, 
the composition of the eutectic approaches that of y and disappears 
when about 25 per cent Co by weight has been added. Figs. 20, 21 and 22 
show the eutectics for three different alloys along the eutectic valley. 
The solidification temperature of the eutectic decreases as cobalt is added 
in a similar manner to that of y but not as rapidly. 

A single phase exists between the compounds Ni.Si and Co2Si accord- 
ing to the evidence obtained from thermal analysis and microscopic 
examination. The thermal analysis curves show that these alloys freeze 
at constant or nearly constant temperatures; CoSi freezes at 1332°C. 
while Ni.Si was found to freeze 26°C. lower, at 1306°C., and the freezing 
points of alloys between fall very closely on a straight line drawn between 
the two. The structure of Co.Si has been reported as rhombic (rhom- 
bisches, Hansen) and that of Ni.Si as orthorhombic (Osawa and Okamoto) 
which also indicates homogeneity. 

This series of alloys goes through a transformation thought to be 
polymorphic in nature, at a temperature slightly below its freezing point, 
and varies from 12° to 78°C., depending on the composition. Figs. 
23, 24 and 25 show three different alloys in the series. In Fig. 25 the 
alloy is not entirely homogeneous because the percentage of silicon is 
below the required amount. 


CONCLUSIONS 


1. A partial cobalt-nickel-silicon constitution diagram below 19.3 
per cent Si has been presented. 

2. The method used in drawing this diagram shows clearly the 
liquidus, solidus and solid transformations for the temperature ranges 
investigated. 

3. Nickel and cobalt seem to replace each other in these alloys, 
producing only two phases in stable equilibrium. 

The following general observations were made during the investiga- 
tion: 

4. The a solid solution alloys are all capable of being wrought and may 
find industrial application. Their properties are now being investigated. 

5. Alloys above 10 per cent Si are brittle but have excellent corrosion 
resistance and have properties that are being exploited. 

6. Alloys containing a are ferromagnetic. 
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DISCUSSION 


(Eric R. Jette presiding) 


F. N. Rutyes,* Pittsburgh, Pa.—In a case like that studied by Forsyth and 
Dowdell, the phase rule may provide a general check upon the validity of the experi- 
mental observations and may indicate the probable existence of reactions that other- 
wise would escape observation in a complicated alloy system. 


TEMPERATURE °C 


70 Co 
30 Ni PER CENT Si 


Fic. 26.—REDRAWING OF FIG. 5, SHOWING HOW THREE-PHASE REGIONS MAY BE 
SUBSTITUTED FOR ISOTHERMAL REACTION LINES IN THE SECTION, AND AT THE SAME 
TIME CAUSE LINES TO PASS THROUGH A MAJORITY OF THE DATA POINTS, 


According to the phase rule, the sections of Figs. 3, 4, 5 and 6 of this paper should 
be expected to contain no truly horizontal straight lines except by the merest chance, 
whereby it would appear preferable to draw all lines as curves through the data points, 
unless there is reason to suspect the validity of some of the points. ‘The horizontal 
straight lines of Figs. 3, 4, 5 and 6 should also be replaced by three-phase fields bounded 
by three curved lines. There is another rule of construction, leading to the same 
conclusion, which states that two-phase regions may meet in the ternary space diagram 
only along lines and not along surfaces, whereby it follows that all two-phase regions 
should be separated by one-phase or three-phase regions except at points of contact 
(or along lines in the binary or quasibinary sections). Fig. 5 of the paper has been 
redrawn (Fig. 26) to illustrate the application of these rules. 


* Metals Research Laboratory, Carnegie Institute of Technology. 
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In view of the degree of supercooling indicated in the sample cooling curves of 
Fig. 2, it is not surprising that evidence of the existence of the small three-phase regions 
was not found. Microscopic evidence of the three-phase reactions is to be sought 
in a system of this type only in the occurrence of coring in the duplex cast structures, 
such as those of Figs. 7,8 and 19. Since metallographic tests for coring are frequently 
unreliable, the best hope of showing this effect probably lies in a search for the widening 
of diffraction lines that would result from the existence of a concentration range in 
each phase of the structure. 

I should like also to offer a plea for the use of isothermal sections in the presentation 
of ternary alloy data. There are several advantages of the horizontal over the vertical 
section that we in America seem to be slow to appreciate and utilize. The isothermal 
section is simpler in its geometry, because three-phase regions appear as straight- 
sided triangles, and, as a result, it is possible to interpolate between data points with 
more confidence. More important to the user of the diagram, the phases that may 
be present under any given set of conditions are all shown in the isotherm, while they 
are not shown in the vertical section. For example, in an alloy containing 10 per 


Co 


Fic. 27.—ISoTHERMAL SECTION AT 1100°C., SHOWING GENERAL FORM OF DIAGRAM ON 
: COBALT-NICKEL SIDE 
Tie line rz — az, passing through alloy composition 2, does not, in all probability, 
lie in the direction of any of the sections drawn in the paper, even though one such 
section may pass through the composition z. 


cent Si + 27 per cent Ni + 63 per cent Co at 1100°C., Fig. 5, the phases are seen to 
be aand y, but the ais, in all probability, not any a2 shown in Fig. 5 but one containing 
either more or less of each of its three components than is represented in this section; 
likewise, the composition of the y probably does not occur in this section. In the 
isotherm at 1000°C. (Fig. 27), on the other hand, all compositions of all phases that 
may occur at this temperature are shown, and the compositions of the a and y occur- 
ring in the alloy in question are indicated by the ends of the tie line passing through 


the gross composition point. Thus the actual solubility limits may be read from the _ 


isothermal section, whereas they may not be read from the vertical section. 


A. C. Forsyrn anp R. L. Dowpertt (authors’ reply).—We are grateful to Dr. 
Rhines for calling attention to the possibility of a, 8 and y coexisting in equilibrium as 
shown in Fig. 26. We had the phase principles in mind but were unable to establish 
any sections with three phases in equilibrium. The thermal analysis curves likewise 
indicate that the reactions in the region of possible three-phase equilibria take place 
within very narrow temperature limits. The research, however, is not a closed book 
and additional thermal analysis and heat-treatment are contemplated. This system 


cobalt-nickel-silicon, is of considerable interest and we hope Dr. Rhines and others 
will do further work. 


a ae. 


Extrusion of Tin and Its Alloys 


By Gpruarp Derce,* Junior Memper A.I.M.E., anp J. WARREN Stmwarrt 
(New York Meeting, February 1939) 

EXTRUSION processes are used in the commercial production of a 
wide variety of products, as indicated by the review presented a few 
years ago by D. K. Crampton.! Most writers have confined themselves 
to a general description of the equipment and products and the engineer- 
ing aspects of the process. The few studies that have dealt with the 
metallurgical side of extrusion have been concerned primarily with an 
examination of the mode of flow of the metal during extrusion. This 
has been accomplished by the use of composite billets, by scribing grids 
on symmetrical sections of billets and observing the change of dimensions 
in the gridwork, or by examining microstructures in extruded sections.2~8 
Another limitation of these original studies is that they were confined to 
the extrusion of very simple shapes, usually rods having a diameter of 
about one-fourth that of the billet. 

Tin is particularly well suited to the extrusion of collapsible tubes and 
similar shapes in which the extruded section is very small in comparison 
to the diameter of the billet or slug. In modern production, impact 
extrusion methods are generally employed, therefore the thickness of 
the slug is small compared to its diameter. Under these conditions the 
process differs considerably from the processes that have been most 
fully described in the literature, and it is known that the quality of the 
product is very sensitive to slight variations in any one of the many 
variable factors involved, such as composition and structure of the 
alloy, rate of extrusion, temperature, shape of punch and die. 

An exhaustive examination of all of the above-mentioned problems 
promises to produce so many data that it seems advisable to initiate 
the reports at this time, even though all of the factors outlined have not 
been examined fully, and to confine this paper to a description of the 
apparatus and method. Only tin and its alloys with small amounts of 
copper have been considered. These are the alloys most commonly used 
in this country for the production of the type of articles already described. 


Manuscript received at the office of the Institute Jan. 16, 1939. Issued as T.P. 
1092 in Merats TecHnotoey, September 1939. 

* Member of Staff, Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh, Pa. 

+ Research Assistant, Metals Research Laboratory, Carnegie Institute of 
Technology. ; 

1 References are at the end of the paper. 
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EXPERIMENTAL METHOD 


The operation of the entire apparatus is illustrated in Fig. 1. The 
extrusion press proper, B, is set into a hydraulic testing machine A-A’. 
The punch or ram of the press operates a set of two levers C, so that its 
movement is magnified 50 times before transmission by a steel tape to 
the autographic recorder D of the tensile machine. In this way, a 
stress-strain curve is obtained for the complete extrusion cycle. The 
punch may be made to move at chosen constant rates, or a constant 


TO WEIGHING MECHANISM 


Fig. 1.—APPARATUS USED FOR MEASURING FORCES AND RATES OF EXTRUSION. 


A,A’, hydraulic testing machine. C, extensometer. _ : 
B, extrusion press. D, drum for recording autographic curve. 


extruding force may be applied. In either case the rate of movement 
is checked by a stop watch. In the work to be described, only a single 
set of tools was used, designed to give a tube with 0.995-in. outside 
diameter and 0.010-in. wall thickness. The compression faces of the 
die and punch were both flat. The slugs to be extruded were stamped 
from a sheet of the material required. They had a diameter of 0.980 in., 
were 0.140 in. thick, and extruded into a tube about 3 in. long. 

With the exception of some high-purity material, which will be 
described separately, all of the tin was cut from the same ingot of Chempur 
tin.* To obtain tin slugs, this was remelted and kept at 500° C. under 
charcoal for 3 hr. before casting into cylindrical iron molds. These 
rods were reduced 15 per cent by rolling and annealed for 2 hr. at 200° C. 
to destroy the cast structure before rolling down to the slug thickness. 


* A typical analysis of this material is given in the Statistical Yearbook, 1938, 
page 6, International Tin Research and Development Council. The estimated purity 
is 99.9919 per cent. 


— 
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The copper alloys were all prepared by adding the required amount 
of a 20 per cent copper alloy of which the composition had been estab- 
lished by analysis. This high-copper alloy was prepared by the addi- 
tion of O.F.H.C.* copper to Chempur tin. The alloys were cast, rolled 
and punched in a manner comparable with that used on the tin, and the 
200° C. anneal was prolonged to 48 hr. to secure better homogenization. 
To ensure uniform lubrication conditions, the slugs were all washed with 
acetone and then covered with vaseline. Just before extrusion the 
vaseline was removed as thoroughly as possible with a clean cloth. 

A few slugs were made from some high-purity tin prepared by the 
fractional distillation of C. P. stannic chloride. The apparatus was 
constructed entirely from Pyrex glass and consisted of: (1) a one-liter 
boiling flask attached by a ground joint to (2) a 5-ft. fractionating column, 
1 in. in diameter, packed with ‘‘Penn State rings” (small glass spirals 
4 in. in diameter wound from 14¢-in. solid rod); (3) a Friedrichs reflux 
condenser; (4) a capillary tube acting as a control valve, the diameter 
adjusted so that about eight-tenths of the condensed material was 
refluxed; (5) a one-liter collecting flask, which was protected from the 
moisture of the atmosphere by a calcium chloride drying tube. Three 
distillations were made at atmospheric pressure, and the first and last 
thirds of each were discarded. Two distillations followed with the 
pressure reduced to about 35 mm. of mercury; only the last thirds of 
these were discarded. Experience had shown that copper was eliminated 
rapidly by these vacuum distillations. The pure stannic chloride obtained 
in this way was added to distilled water and the tin deposited electro- 
lytically on graphite electrodes. Two platinum anode spirals were 
enclosed in Pyrex cloth sacks, which acted as risers on an air lift. This 
air lift was operated by tank hydrogen and served not only to circulate 
the electrolyte but also to discharge into the atmosphere the chlorine 
formed at the anodes. The deposit was stripped and melted under 
vacuum to a sound, gas-free ingot. Spectrographic analysis, by methods 
described in a separate publication,!! showed 0.00006 per cent copper 
and detectable traces of bismuth and platinum, certainly not more than 
a few hundred thousandths per cent of each. No other elements could 


be detected. 


RESULTS 


The original stress-strain curves obtained from a series of pure tin 
slugs extruded at different speeds are shown in Fig. 2. During the first 
steep section of the curve AB, the slug is settled into the die, and the 
elastic strain in the machine is taken up. The extrusion of the tube 
occurs during the essentially flat part of the diagram, BCD. When the 


* Oxygen-free high-conductivity. 
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curve begins to rise at D, the part of the slug left in the die has become 
thinner than the walls of the tube, and the metal must flow through an 
increasingly small orifice between the bottom of the die and the ram. 
The general shape of the curve seems to be typical of the process and 
to represent qualitatively the behavior of any particular tin alloy. 


30000 


FORCE IN POUNDS 


k 0024 


EXTRUSION(RAM MOVEMENT) 
Fic. 2.—ORIGINAL AUTOGRAPHIC EXTENSION CURVES FOR CHEMPUR TIN AT VARIOUS 
EXTRUSION SPEEDS. 


It was pointed out by Pearson and Smythe? that if the logarithm of 
the extrusion pressure is plotted against the logarithm of the rate of 
extrusion, a straight-line relation is obtained for extrusion performed at 
any given temperature. This relationship has been found to apply very 
well to the data we have collected, and it seems to offer a most promising 
method for correlating the information at hand. Fig. 3 contains not 
only the curves for tin that have already been described, but also those 
for the high-purity tin, a series of copper alloys of hypoeutectic and 
hypereutectic and eutectic compositions, and a commercial 1 per cent 
copper alloy prepared from Straits tin. The extent to which the points 
on any particular curve deviate from the best straight line that can be 
drawn through them constitutes the best illustration of the accuracy of 
the method. 
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Discussion or ReEsutts 


Some features of the general shape of the extrusion curves illustrated 
in Fig. 2 should be given further consideration. The drop in pressure 
between the points C and D increases as the rate of extrusion increases, 
though occasional exceptions occur. The exact meaning of this drop 
does not seem to be certain. Pearson and Smythe* extruded lead at 
constant pressures and observed similar effects—i.e., near the end of the 
billet the rate increased. Their equipment included thermocouples for 


MAX/IMUM FORCE /N THOUSANDS OF POUNDS 


EXTRUSION RATE IN INCHES PER MINUTE 
Fic. 3.—ExtTRuUSION RATE PLOTTED AGAINST MAXIMUM FORCE REACHED AT THIS RATE 
(LOG-LOG SCALE). 


following the temperature of the billet and the extrusion block, and they 
did not observe any significant fluctuations. However, heating of the 
metal during extrusion and the development of preferred orientations 
during deformation must still be considered as possible explanations of 
this drop. Professor Siebel’ has published several curves, determined 
by the indirect extrusion of lead, which show a similar fall in pressure 
near the end of the extrusion. He attributes this to a fundamental 
change in the nature of the deformation process; namely, ‘‘from this 
point onward only the inner parts of the billet still flow in the delivered 
bar.’ Such an explanation does not seem satisfactory in the present 
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instance, for there is no reason to suppose that deformation ceases in the 
region furthest removed from the orifice when this diminution in pressure 
begins. Attention should be drawn to one feature of these curves 
obtained from lead, which is not found in the extrusion of tin. Just as 
lead extrusion begins, the pressure shows an appreciable drop to a steady 
value, which is maintained until near the end of the process. Dr. 
Crampton! cited data to indicate that free-cutting copper alloys also 
require an initial pressure higher than that during the bulk of the extru- 
sion. There was no evidence of this initial drop in any of the work 
reported in this paper. Significant differences between the general 
behaviors of lead and tin during extrusion would not be expected, and 
this effect. may not be important. At any rate, there do not seem to be 
any important work-hardening effects during the extrusion of tin, for 
once extrusion has begun the metal continues to flow with very little 
further increase in pressure. 

The effect of alloying the tin with copper can be determined from a 
consideration of Fig. 3. The most recent value for the solid solubility 
of copper in tin at the eutectic temperature is 0.0063 per cent. An 
equally reliable value for room temperature does not exist, but the copper 
content of the tin used is about 0.001 per cent, and it is probable that this 
material can be said to represent the behavior of the solid solution of 
copper in tin. The alloy containing 0.40 per cent copper is then a typical 
hypoeutectic alloy. The eutectic composition, reported between 0.70 
and 0.75 per cent copper," is represented by the curve for 0.75 per cent 
copper. The 1, 3, and 5 per cent copper alloys are definitely hyper- 
eutectic, the 1 per cent sample comparing with the composition range 
most generally used in production. Photomicrographs of these alloys 
are shown in Figs. 4 to 9 and indicate the range of structures examined. 
It is interesting to note that the curves for all of the copper alloys and 
for Chempur tin are parallel; i.e., the increase of pressure with extrusion 
rate is the same for these materials. However, the curve for the high- 
purity tin has less slope. Pearson and Smythe’s plots‘ show different 
slopes for different metals. One may therefore conclude that copper in 
solid solution alters this property of tin appreciably, but that the slope 
is not affected by the amount or distribution of the copper-tin phase. 
However, it is evident that the pressure required for extrusion at any 
given rate increases with the amount of copper added, and that beyond 
the eutectic this increase is roughly linear. For purposes of comparsion, 
the curve for slugs taken from commercial production, containing about 
1 per cent copper, is included in Fig. 3. Its slope is the same as that of 
the other alloys, but this material requires a considerably higher pressure 
at any given extrusion rate than the purer alloy of equal copper content. 
This difference may be assigned to the additional impurities normally 
present in commercial tin, as well as to those resulting from the additions 
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of small amounts of scrap. The differences between the curve for 
Chempur tin and the high-purity samples offer additional evidence of 
the appreciable effects of very small amounts of impurities upon the 
extrusion properties of a metal. 


CONCLUSIONS 


Consideration of these experiments leads at once to the conclusion 
that any influence leading to an increase in the slope of the pressure-rate 
curves described is to be avoided in practice where rates are normally 


cae ges ee = i y disokt { "ay sae 
Fie. 4.—CHEMPUR TIN ETCHED IN 1 PART NITRIC ACID, 1 PART ACETIC ACID, 8 PARTS 
GLYCEROL. XX 680. 
Fig. 5.—A.LLoy OF TIN WITH 0.40 PER CENT COPPER, ETCHED IN ALCOHOLIC ACID FERRIC 
CHLORIDE. X 250. 


relatively high. However, the outstanding question is, how far can 
these pressure-rate curves be extrapolated legitimately? Obviously the 
method is not well suited to faster rates, and some independent studies 
will have to be made to determine the answer. It is known that in the 
range of speeds used in production the process is sensitive to the rate at 
which the metal is forced through the orifice and that a distinct advantage 
is gained by keeping the rates as low as the economics of the situation will 
permit. Therefore it seems probable that relations similar to those 
found in the present experiments still hold at the higher rates, and that 
the information derived from the slower experiments, where conditions 
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Fra. 6.—ALLOY oF TIN WITH 0.75 PER CENT COPPER.! 


ENT COPPER, 
Fig. 8.—ALLOY oF TIN WITH 3 PER CENT COPPER, 


Fig. 9.—ALLoy or TIN WITH 5 PER CENT COPPER, 
All etched in alcoholic acid ferric chloride, 250. 
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can be controlled more accurately, will be of value to the producers of 
extruded soft metal products. 


SUMMARY 


1. Equipment and methods are described for recording stress-strain 
curves during the slow extrusion of tubular products. 

2. Data are recorded for tin and its alloys with copper in the range 
from 0 to 5 per cent. 


3. These data produce straight lines when the logarithm of the rate 
of extrusion is plotted against the logarithm of the pressure. 

4. The curves for the materials studied indicate that the slope is 
determined by the elements in solid solution in the tin. 

5. The pressure required for extrusion at any given rate increases with 
the amount of copper present. 

6. The limitations of the method and its other possible applications 
are discussed. 
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DISCUSSION 
(Bruce W. Gonser presiding) 


B. W. Gonser,* Columbus, Ohio.—The authors have made an excellent start in 
their study of factors influencing extrusion of tin and have produced some very 
interesting results. One factor, which appears to be of prime importance, is the 
composition of the tin used. Fig. 3 indicates that the commercial tin with but 
1 per cent of copper requires a markedly higher force to effect extrusion than 
Chempur tin plus 5 per cent copper. This indicates that copper is by no means 
the chief constituent to influence extrusion rate. Commercial tin has not over 0.25 
per cent and probably only 0.1 to 0.2 per cent of total impurities compared to approxi- 
mately 0.01 per cent for Chempur. Evidently the tenth per cent or so total of 
antimony, arsenic, iron, lead, bismuth, or whatever may be present in the commercial 
tin, or their combination, in connection with the percentage of copper is more potent 
in resisting extrusion than adding 4 per cent more copper. It would be interesting to 
start with Chempur tin containing 1 per cent copper and add single impurities and 
combinations of impurities, to find which have the greatest effect on raising the force 
necessary for extrusion. 

The fact that the authors have made tin of such purity that the known impurities 
total less than one part per million of tin is particularly worthy of recording. 


D. K. Crampron,t Waterbury, Conn.—This paper is particularly interesting 
because direct experimental evidence in connection with such procedures is scarce. 
It is recognized that this is the first of a series of such experimental studies and points 
brought up here will probably be considered in some work later on. 

The difference between the shape of the curves in this paper and those for brass as 
reported by the present discusser in 1936 might possibly be explained in several ways. 
The data previously published on brass alloys were taken from commercial practice 
with the normal extrusion procedure where a rod (or tube) is extruded through a 
hole in the die ahead of the ram, whereas the present work is applied to the impact 
extrusion process, where there is no hole in the die but the metal flows back up around 
the ram as the latter is pressed into the slug in a solid-bottom die. Another point of 
difference is in the velocities in question. The present data were taken at ram 
velocities varying from 0.004 to 0.438 in. per minute, from which may be calculated 
roughly a tube velocity about 0.1 to 9.8 in. per min., or 0.008 to 0.8 ft. per min. The 
normal velocities through the die in commercial practice on brass vary from perhaps 
20 ft. per min. as a minimum to as high as possibly 500 ft. per min. Even in the 
normal extrusion of pewter alloys through a die, velocities of 10 to 20 ft. per min. are 
used. The question is raised as to whether the shape of the curves shown by the 
authors would perhaps not be markedly altered at the very much higher velocities 
used commercially. 


C. E. Prarson,t Newcastle upon Tyne, England.—Although the behavior of 
metals when subjected to extrusion by hydraulic methods has been the subject of con- 
siderable scientific study, both as regards the nature of flow, the investigation of 
defects, and the influence of pressure and temperature on the deformation, very little 
progress has yet been made in examining the impact methods in the same way. The 


* Metallurgist, Battelle Memorial Institute. 
} Director of Research, Chase Brass and Copper Co. 
t King’s College, University of Durham. 
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fact that this is probably due to the greater experimental difficulties involved reflects 
to the credit of authors in starting the present investigation. It is gratifying to have 
independent confirmation of the exponential relationship of the rate of the extrusion 
to the extrusion pressure. 

The question whether these results are capable of extrapolation to speeds such as 
are common in impact methods is complicated by the fact that a new factor becomes 
involved, that of temperature, which will upset the relationship. At low speeds of 
extrusion, such as have been used experimentally hitherto, this can be ignored, since 
any small amount of heat developed in the metal as the result of deformation is easily 
dissipated and the data therefore relate approximately to isothermal conditions. But 
this is not true under impact conditions, where the tubes coming from the press are 
decidedly hot; and this will naturally have a great effect on the resistance to deforma- 
tion offered by the blank. I have found that, starting with cold billets of metals such 
as lead and tin and extruding by the inverted method at a fairly high speed, the 
pressure of extrusion, instead of remaining constant, falls rapidly during the stroke of 
the press and the issuing rod or tube is heated to 100°C. or higher. In the same way, 
one would expect that in an impact press the pressure on the punch would have a 
maximum value at the beginning of the stroke and would then diminish. It would be 
interesting if the authors could modify their autographic method to follow out pressure 
changes under impact conditions. 


G. DERGE anv J. W. Stewart (author’s reply).—Dr. Gonser has highlighted the 
importance of alloy composition very effectively and the experiments he has sug- 
gested are already near completion. 

The differences between the experimental conditions in this paper and the condi- 
tions met in general commercial practice have been pictured clearly by Dr. Crampton. 
We are fully aware of these variations and intend to determine the importance of 
these factors. 

The early work of Pearson and Smythe was very helpful to us and the fact that 
Professor Pearson has maintained an interest in extrusion problems throughout this 
period makes his discussion especially welcome. His suggestions are obviously in 
agreement with our ideas concerning the effects of speed and temperature on the extru- 
sion pressure, as expressed in the discussion of results. His written discussion arrived 
somewhat late and we have already obtained measurements at high speeds which 
support these ideas. These data will be presented in detail soon, and it will suffice 
to say at this time that it has been found possible to measure extrusion pressures on a 
commercial impact press by using de Forest scratch extensometers. If a suitable 
correction is made for the temperature of the metal, the pressures obtained in this 
way fit the extrapolated curve as well as could be expected under the rather poorly 
controlled conditions, which did not allow an accurate determination of the tem- 
perature of the metal. 


A Study of the Action of Molten Zinc Alloys on Pressure 
Die-casting Equipment 
By E. A. ANDERSON* AND GERALD Epmunps, * Mempers A.I.M.E., anp C. W. SILLER* 
(Chicago Meeting, October 1939) 

In the pressure die-casting of zine alloys it is customary to force the 
molten alloy under high pressure into a permanent steel die by means 
of a plunger moving in a bushing that has a clearance on the diameter 
of the order of 0.002 in. Successful operation of the plunger type of 
machine requires the presence in the zinc alloy of certain percentages 
of aluminum. Without these aluminum additions, the normal reaction 
of molten zine on ferrous materials causes sticking of the plunger and a 
complete shutdown of the equipment. 

All of the zine alloys used for pressure die-casting today contain 
approximately 4 per cent of aluminum, which is more than sufficient to 
make plunger operation feasible. 

The clearance between the plunger and its bushing is an important 
matter. As the space becomes larger, there is a loss in effective metal 
pressure. Ordinary gray cast iron served fairly well and is still used in 
some machines. However, the rate at which the plunger clearance 
increases with this material is considered by many to be far too great. 
There is, therefore, a serious interest in finding new materials more 
capable of retaining the desired clearance during long periods of use. 
Today many die casters are using special materials for plungers and 
bushings selected by the somewhat expensive and time-consuming test 
of actual experience. 

An analysis of the problem reveals two possible end points of plunger 
operation: (1) the building up of zinc-alloy plunger-material reaction 
products in sufficient bulk to cause sticking and (2) rapid solution, wear 
or erosion, all of which will increase the clearance to an undesirable 
extent. If neither of these takes place, the plunger will operate for a 
long time, of course. 

The authors have developed a laboratory apparatus in which the 
action of a plunger moving in a bushing immersed in molten zine alloy 
could be simulated closely. Such a machine made possible a more rapid 
and less expensive survey of the available construction materials and 
an analysis of the specific alloying reactions taking place in the clear- 
ance area. 


Manuscript received at the office of the Institute July 15, 1939. Issued as T.P. 
1106 in Merats Tecunotoey, September 1939. 
* Research Division, The New Jersey Zine Co., Palmerton, Pa. 
400 


ied 


E. A. ANDERSON, GERALD EDMUNDS AND C. W. SILLER 401 


APPARATUS 


The essentials of the apparatus are revealed in Fig. 1. Replaceable 
plunger A, 0.495 in. in diameter, is driven rapidly through replaceable 


1Migey, ile Fia. 2. 


La Fia. 1.—ESssENTIALS OF LABORATORY TEST APPARATUS. 
; Fig. 2.—GENERAL VIEW OF APPARATUS. 


open-bottom bushing B by solenoid C. Spring D returns the plunger to 
the top of its stroke. The clearance on the diameter is 0.005 in. and the 
: stroke is 1.5 in. The operation of the solenoid is controlled by a time 
% switch, which functions every 30 sec., the plunger being held in the down 
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position for 3 sec. A counter records the number of strokes. The equip- 
ment as set up for operation is shown in Fig. 2. 

In conducting a test the bushing and plunger are preheated and the 
top of the bushing, including the lower ends of the supporting arms, is 
submerged to a depth of 14 in. in the molten zinc-alloy bath contained 
in a crucible in the furnace shown in Fig. 2. The assembly is held at a 
substantially constant temperature by means of an automatic controller 
connected to a thermocouple embedded in the walls of the furnace. The 
temperature of the bushing is measured by a chromel-alumel couple, the 
junction of which is placed in a drilled hole. 

It is readily seen by those familiar with die casting that this apparatus 
closely simulates the operation of a die-casting machine, differing only in 
size and plunger clearance and in the fact that a die-casting plunger 
moves against pressure, whereas the laboratory test plunger does not. 

A number of preliminary tests were carried out in which it was found 
that a strong tendency for a given plunger to stick in a particular zine 
alloy was paralleled by outstanding difficulty in pressure die-casting the 
same alloy with plungers and bushings of the same test material. It is 
felt that within reasonable limits the test is thoroughly satisfactory as a 
means of predicting the sticking of plungers in practice and as a means 
of studying the alloying reactions occurring in the clearance area. 
Evaluation of the rate at which the clearance changes with use due to 
wear and erosion is not considered possible with any reasonable accuracy 
with the present equipment. 


EXPERIMENTAL RESULTS 


While the work is still in its preliminary stages, tests have been 
completed in duplicate using three different zine or zinc-alloy baths and 
the following materials as bushings and plungers: (1) gray cast iron, from 
three different foundries; (2) nickel cast iron (1.2 per cent Ni); (3) cast 
stainless steel (18 Cr, 8 Ni, with less than 0.15 per cent C by specification) ; 
(4) wrought ingot iron; (5) nitrided Nitri-cast iron. All bushings and 
plungers in a given experiment were made of the same material and all 
test surfaces were machined. The zine baths were, respectively: (1) 
pure unalloyed zinc held at 450° C., (2) zine containing 0.25 per cent 
aluminum at 450° C., and (8) zine containing 4.0 per cent Al at 420° C. 

In each test the end point was the sticking of the plunger or the 
uninterrupted completion of about 11,500 cycles of operation (96 hr. of 
test). In some cases, after a test was completed the solidified zine or 
zinc alloy was etched with hydrochloric acid from the plunger, to permit 
visual determination of the extent of attack on it. Portions of the parts 
were compared in the form of microspecimens in order to study the 
nature of the attack. The number of cycles of operation before sticking 
occurred in these tests are assembled in Table 1. 


em 
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Table 1 reveals a number of interesting observations. For example, 
none of the ferrous metals tested except nitrided Nitri-cast iron made 
even limited operation possible in unalloyed pure zinc, whereas all except 
wrought ingot iron could be operated throughout the entire test period 
in the 4 per cent Al, 96 per cent Zn alloy. The cast stainless steel and 
nitrided Nitri-cast iron were outstandingly good in the tests in the 0.25 
per cent Al alloy. 


Fic. 3.—Cast IRON OPERATED 11,513 cYcLES IN 4 PER CENT ALUMINUM, 96 PER 
CENT ZINC ALLOY aT 420°C. xX2. — 

Fig. 4.—WRoOUGHT INGOT IRON OPERATED 1717 CYCLES IN 4 PER CENT ALUMINUM, 
96 PER CENT ZINC ALLOY AT 420° C. — X 2. 


The difference in the attack of the 4 per cent Al alloy on cast iron 
and wrought ingot iron is clearly shown in Figs. 3 and 4. 


MIcROsTRUCTURES* 


In most of the tests a microspecimen was prepared to contain the 
bushing, the plunger and the solidified zinc alloy in the clearance area 
between. Sometimes only the plunger or the bushing was sectioned. 

Fig. 5 is typical of the structures observed in gray cast iron tested in 
unalloyed pure zinc. A solid mass of zinc-iron alloys has bridged the 
clearance gap and accounts for the sticking of the plunger early in 


* Etched with 5 per cent Nital, except as follows: Fig. 8 was etched with 20 grams 
CrO;, 1.5 grams Na2SOu, 100 c.c. HO; Figs. 14 and 19 were etched with 5 grams 
CrO3;, 0.4 gram Na2SO,, 100 c.c. H20. 
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Tasie 1.—Number of Cycles to Sticking of Plunger in Bushing in Experi- 
mental Trials of Apparatus 


Cycles to Sticking 
Plunger-bushing Material ee 
' Unalloyed 0.25 Per Cent | 4.0 Per Cent 
ine Al Alloy Al Alloy 
@astarOmmNoselic: sah crea ate ees 1 18 3,874 11,5134 
Gaston NOs les. aie eee Z, iW 6,340 11,0952 
Cast irongNo.2 coenmine: earn et mee 1 33 5,977 11,500¢ 
Gast'iron Nos 232 45 sc aent) eaets ee 2 24 4,056 Not tested 
Cast:iron NON Saecouuee sent rene 1 25 5,774 11,5102 
Cast iron: Now3 Syne etme 2, 36 4,943 Not tested 
AVETEZES, sd05 8 cee oan loan eRe ae 26 5,161 a 
Nickel Cast irons cm iets mae eee 1 27 3,216 11,5162 
Nickel: Castcronsens pais tein eee ees 2 2 1,615 Not tested 
IAVGrA Ge con sea sete icy eters a 25 2,416 a 
Cast stainless steels... 2-1 see etre eae 25 11,5192 11,514 
Castistaimlesssteelin. tc eer erred ais 23 11,259 Not tested 
AVELA Otitis olrctanstach pear Merion = 24 >11,389 a 
Nitrided aNitm-cast arom ten seein 1 590 11,531¢ 11,0872 
Nitrided Nitri-cast iron.............. 2 552 Not tested | Not tested 
AVETAS Carrara cree cemetary a aca Ree ree sees 7 571 a a 
Wrouchtangotmronmcan ss atwrertsererene 1 21 16 Ey Al yf 
Wiroue tea 2 Ob acOn samara eee 2 | Not tested 15 873 
AVELE EO cect ay tern oecsthls cust ata ee eee Ai 21 16 1,295 


2 No sticking during test period. 


the test. No evidence of selective attack along graphite streaks can 
be observed. 

A similar structure resulted with nickel cast-iron parts, as is shown 
at higher magnification in Fig. 6. 

The cast stainless steel likewise produced a complete conversion of 
the zine to alloy (Fig. 7) but the appearance of the alloys differs some- 
what from that observed in Figs. 5 and 6. The nitrided Nitri-cast iron 
resisted attack enough to permit operation for over 500 cycles, but, as is 
clear from Fig. 8, iron-zine alloy finally formed in sufficient amount to 
cause sticking. The thin surface layer was not identified. 

In the photomicrograph shown as Fig. 9, the wrought ingot-iron 
plunger only is shown with its adhering film of zinc-iron alloy. 

With the addition of 0.25 per cent Al to the alloy definite changes 
developed in the appearance of the reaction products. Fig. 10 shows 
cast-iron parts after 5977 cycles in the 0.25 per cent Al alloy. Selective 
penetration along graphite streaks resulting in the separation of small 
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i <—_———-| Nickel cast iron 


Fig. 5.—CaAstT-IRON PLUNGER-BUSHING AFTER 25 CYCLES IN UNALLOYED PURE ZINC 
at 450° C. Oricinau X 200. 
Fic. 6.—NIcKEL (1.2 PER CENT) CAST-IRON PLUNGER-BUSHING AFTER 27 CYCLES IN 
UNALLOYED PURE ZINC AT 450° C. Oriainau X 500. 
Fre. 7.—Cast STAINLESS-STEEL PLUNGER-BUSHING AFTER 23 CYCLES IN UNALLOYED 
PURE ZING AT 450° C. OnriainaL X 100. 
All reduced approximately 14 in reproduction. 
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<—_—| Nitri-cast iron 


a b 


Fe-Zn (?) 
Alloy layers 


Nitri-cast iron 


Fe-Zn 
Alloy layers 


Mounting material 


| <———_| Cast iron 


iy Zn-Al alloy bath 


Cast iron 


Fig. 8.—Nirripep NIrri-cAst-IRON PLUNGER-BUSHING AFTER 552 CYCLES IN 


UNALLOYED PURE ZINC AT 450° C. Onricinat X 100. 
Fic. 9.—WRoUGHT INGOT-IRON PLUNGER AFTER 21 CYCLES IN UNALLOYED PURE 
zinc av 450° C. OriaInaL X 200. 
Fic. 10.—CAsT-IRON- PLUNGER-BUSHING AFTER 5977 CYCLES IN 0.25 per CENT 
ALUMINUM ALLOY AT 450° C. OriatnaL X 200. 
All reduced approximately 4 in reproduction. 


BE. A. ANDERSON, GERALD EDMUNDS AND C. W. SILLER 407 


Zine alloy bath 


Stainless steel 


Zine alloy bath 


Fe-Al (?) 
Alloys 


Fig. 11.—Cast-1IRON PLUNGER-BUSHING AFTER 5977 cYCLES IN 0.25 PER CENT 
ALUMINUM ALLOY AT 450° C. Originat X 1000. 
Fig. 12.—NIcKEL CAST-IRON PLUNGER-BUSHING AFTER 1615 cycLEs IN 0.25 PER 
CENT ALUMINUM ALLOY AT 450° C. OriGInaL X 200. 
Fig. 13.—Castr STAINLESS-STEEL PLUNGER-BUSHING AFTER 11,259 CYCLES IN 0.25 
PER CENT ALUMINUM ALLoy av 450°C. OricinaL X 100. 
All reduced approximately 14 in reproduction. 
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Probably both Fe-Al and 
Fe-Zn alloys 


Zine alloy bath 
14 


Nitri-cast iron 


Wrought ingot iron 


<<} Fe-Zn-Al (?) 
Alloy layers 


Wrought ingot iron 


Cast iron 


Zn-Al 
Alloy bath 


:) Mounting material 


Fic. 14,.—NITRI-CAST-IRON BUSHING AFTER 11,531 cycLEs IN 0.25 PER CENT 
ALUMINUM ALLOY AT 450° C. Oriainat X 500. 


Fig. 15.—WrRovuGHT INGOT-IRON PLUNGER-BUSHING AFTER 16 CYCLES IN 0.25 PER 
CENT ALUMINUM ALLOY aT 450° C. Oricinat X 200. 


Fia. 16.—CastT-IRON PLUNGER AFTER 11,513 cycLES IN 4 PER CENT ALUMINUM 
ALLOY AT 420° C. Oricinau X 100. 


All reduced approximately 14 in reproduction. 
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«<——| Stainless steel 


Zn-Al alloy bath 


Nitri-cast iron 


19 


Zn-Al alloy bath 


All reduced approximately 1% in reproduction. 


Mounting material 


409 


Fig. 17.—NIcKEL CAST-IRON PLUNGER AFTER 11,516 cycLES IN 4 PER CENT 
ALUMINUM ALLOY AT 420° C. OrtcinaL X 200. 
Fic. 18.—Cast STAINLESS-STEEL BUSHING AFTER 11,514 cycLEs IN 4 PER CENT 
ALUMINUM ALLOY AT 420° C. OricinaL X 100. 
Fic. 19.—Nrrrmep NITRI-CAST-IRON BUSHING AFTER 11,087 cycLEs IN 4 PER CENT 
ALUMINUM ALLOY AT 420° C. OrreinaL X 500. 
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. <—| Wrought ingot iron 


Al-Fe (?) 


Alloy layers 


Wrought ingot iron 


Cast iron 


Alloy layer 


Mounting material 


Cast iron 


Alloy layer 


Mounting material 


Alloy cracked away 


Fig. 20.—WRoUGHT INGOT-IRON PLUNGER AND BUSHING AFTER 873 CYCLES IN 4 
PER CENT ALUMINUM ALLOY AT 420°C. Onriqainat X 200. 

Fria. 21.—SEcTION FROM CAST-IRON (0.02 PER CENT NICKEL) BUSHING OF A COM- 
MERCIAL DIE-CASTING MACHINE AFTER SERVICE IN ZINC ALLOYS CONTAINING 4 PER CENT 
OF ALUMINUM. ORIGINAL X 200. 

Fig, 22.—ANOTHER PART OF SAME BUSHING AS Fi, 21. ORIGINAL X 100. 

All reduced approximately 4 in reproduction. 
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fragments of iron is evident. In Fig. 11, evidence is seen of the formation 
of a reaction product, presumably of iron and aluminum, since it shows 
none of the characteristics of known zinc-iron alloys. 

The nickel cast iron reacted much as the gray cast iron did (Fig. 12). 
The stainless-steel parts were attacked with the formation of compounds 
as shown in Fig. 13. There appear to be two compound layers formed 
in the stainless-steel surface as well as large crystals of an additional 
compound extending into the melt. 

The Nitri-cast iron, Fig. 14, shows no definite evidence of attack. 
Iron-zine crystals present in the melt may have been formed by solution 


} (<——_|Cast iron 


@ ~ 


Zine alloy in graphite streak caused a 
large piece of iron to crack away 


Alloy layer adjacent to graphite flake 


Zn-Al alloy bath 


Fig. 23.—SECTION FROM CAST-IRON (0.46 PER CENT NICKEL) GOOSENECK OF COM- 
MERCIAL DIE-CASTING MACHINE AFTER SERVICE IN ZINC ALLOYS CONTAINING 4 PER CENT 
OF ALUMINUM. ORIGINAL X 100. REDUCED APPROXIMATELY 14 IN REPRODUCTION. 


of the cast-iron bushing holder rather than the plunger or bushing. The 
layer (dark) on the bushing surface may be the surface nitride. 

In the wrought ingot iron, compounds more like the zinc-iron phases 
appeared (Fig. 15). It is possible that some form of ternary zinc-alu- 
minum-iron compound is represented. 

When the aluminum content of the zinc alloy was increased to 4 per 
cent, additional changes in the structure of the alloy in the clearance gap 
became evident. A typical cast-iron plunger section with adhering zinc- 
aluminum alloy is shown in Fig. 16. At 1000 diameters visual exami- 
nation detected some indications of compound formation. 

The presence of nickel (1.2 per cent) in cast iron resulted in more 
definite compound formation (Fig. 17). There is some evidence in this 
photomicrograph of the selective penetration along graphite streaks as 
shown in Fig. 12. The stainless steel, on the other hand, showed no 
indications of alloy formation even at 1000 diameters. A photomicro- 
graph taken at 100X is shown as Fig. 18. As with the 0.25 per cent 


412 MOLTEN ZINC ALLOYS ON PRESSURE DIE-CASTING EQUIPMENT 


Al alloy, Nitri-cast iron, Fig. 19, showed no apparent attack by the 4 
per cent Al alloy. 

The early sticking experienced with wrought ingot-iron parts oper- 
ated in the 4 per cent Al alloy is readily understood from Fig. 20. The 
entire clearance gap is seen to be filled with compounds, probably of 
iron-aluminum, perhaps containing some zinc. 


EXAMINATION OF ParRTs OF COMMERCIAL DIE-cASTING MACHINES 


During the course of this work, sections cut from pots, goosenecks, 
plungers and bushings that had been in service in die-casting machines 
operating with one or more of the standard zine die-casting alloys con- 
taining 4 per cent of Al were studied. Of specific interest in connection 
with the subject matter of this paper are the microstructures found in 
two parts: (1) a cast-iron bushing of low nickel content (0.02 per cent) 
and (2) a cast-iron gooseneck containing 0.46 per cent of nickel. These 
parts had been in service in the same machine and therefore had received 
similar treatment. 

The low-nickel cast-iron bushing reacted with the zine alloy to pro- 
duce a thin film of reaction product (probably compounded largely of 
iron and aluminum) which tended to crack away, leaving a new iron 
surface exposed to attack. Figs. 21 and 22 illustrate this effect. There 
was no indication of selective penetration along graphite streaks. 

The reaction of the 0.46 per cent Ni cast iron with the zine alloy 
was very similar to that noted in the laboratory tests with the 1.2 per 
cent Ni cast iron. A definite tendency is evident for alloying to take 
place along graphite streaks (Fig. 23) and for pieces of iron to separate 
in these areas and pass out into the melt. 

The writers are unwilling at this time to draw the apparent conclusion 
that gray cast iron is superior to nickel cast iron for die-casting machine 
pots, goosenecks and plungers, because other factors not apparent here 
undoubtedly contribute heavily toward the final service life. 


Discussion 


It would be premature at this time to attempt a precise evaluation 
of the reactions occurring in the clearance gap in the various tests, since 
no positive identification has been made of the compounds observed. 
It is clear from the tests, however, that the successful operation of a 
die-casting machine of the plunger type depends both upon the materials 
of which the plunger and bushing are constructed and upon the compo- 
sition of the zine alloy being die-cast. 

The apparatus has fulfilled the purpose for which it was designed, 
but since it was not intended to evaluate the influence of wear and 
erosion it is apparent that the final selection of a material for use in die- 
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casting machines should not be based exclusively on these tests but should 
include actual service tests. 
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DISCUSSION 
(D. L. Colwell presiding) 


J. C. Stern,* Aurora, Il.—Mr. Sandell mentioned malleable iron. Ag I see it, 
malleable iron has a very thin shell of dense metal, approximately 44 to 1%, in. thick, 
and machining of these parts would take off this shell and leave only the core or 


spongy material, which would not be satisfactory. It may be possible to cast a bush- 


ing and plunger close enough to grind the surface and not lose the hard shell. This 
may be worth trying; also using the casting in a hard state (that is, before annealing) 
and grinding to size, as the hard iron cannot be machined in any other way. 
The plunger tip would need to be hydrogen-brazed onto the main plunger to 


" secure properly. 


There is also chilled cast iron, which has a much deeper shell, 14 to 3/6 in. plus, 
which is made by pouring a good grade of cast iron into a mold that has a steel or cast- 
iron face coated with shellac and dusted with sand while the surface is sticky. Ihave 
found this type of material very satisfactory in dies for casting brass and bronze, and 
think it worth trying, as the structure is very close. 


ly. A. ANDERSON (author’s reply).—The question has been raised as to whether we 
have determined the oxygen and oxide content of the cast irons used in these experi- 
ments. As I understand it, there was thought to be some possibility that the differ- 
ences in penetration of the alloy along graphite streaks in the cast iron might lie in such 
causes. We have made no such determinations but rather feel that the use of three 
east irons of the same nominal type secured from different foundries insured our 
obtaining a fairly representative cross section of the industry. It is to be noted that 
all of these cast irons behaved alike in the test. 

I am inclined to believe that the explanation for the selective penetration along 
graphite streaks lies in the probability that an actual discontinuity exists between the 
graphite and the ferrite, possibly resulting from differences in thermal contraction 
during solidification and cooling. A case similar to this was brought out by H. L. 
Maxwell at a meeting of the American Society for Mechanical Engineers about two 
years ago. Dr. Maxwell established that molten caustic soda could penetrate along 
these same paths, causing leaks where the graphite streaks were continuous and sub- 
stantially interconnecting throughout the cross section. 

Mr. Stern has raised some interesting points with regard to two fairly common 
types of iron. We have not tried either malleable iron or chilled cast iron. Whether 
it is possible to prepare a malleable iron casting or bushing without losing the hard 
shell is definitely a question, as Mr. Stern points out. 


* Casting Engineer, Aurora Metal Co. 


A High-strength Silicon-brass Die-casting Alloy 


By A. U. Spypour,* Junior MemBer, AND Bruce W. Gonser, * Member A.I.M.E 
(Chicago Meeting, October 1939) 


A FEW copper-zine-base alloys meet die-casting requirements reason- 
ably well, although improvements are desired. Aluminum bronzes, high- 
tin bronzes and some copper-nickel-zine alloys can be die-cast, according to 
Herb,' but seldom are because of such factors as higher melting ranges and 
greater cost than certain of the brasses. Fox? has summarized the 
copper-base die-casting alloys that were in commercial use in 1937 and 
has given the effects of different alloying constituents. Table 1 gives 
some of the properties of these alloys as reported by Fox. 


TABLE 1.—Commercial Die-casting Brasses* 


Low-silicon 


Constituent Yellow Brass High-silicon? Nickel¢ Silver 


Brass Brass 
Composition, Per Cent 

CUS oie eRe ee race 57-59 63-65 80 -81.5 42.0 
VA VE) eae Ree 40-42 33-35 13.5-16.0 41.0 
Sn Sie are 0.5-1.5 

fo) eaeirare Wier he Pe Oo ade 0.75-1.25 3.75-4.25 

Pb. siaxcepned 1.0 
INT oe ati eahautie tas en aey 16.0 


Properties 


Tensile, lb. per sq. in. .| 55,000—60,000 | 65,000—70,000 | 85,000—95,000 | 85,000—95,000 
Yield, lb. per sq. in.¢. .| 30,000-35,000 | 35,000—40,000 | 65,000-70,000 | 65,000—-72,000 


Elong., per cent in 2 in. 15-20 20-30 8-12 10-20 
Brinell hardness...... 120-130 120-130 160-180 160 
Specific gravity....... 8.47 8.50 8.15 8.45 


@ Properties reported by Fox.? 

' Trade name of Brastil, Doehler Die Casting Co., similar to Webert Alloy,*4 
American Brass Co., and Tombasil Alloy,® Ajax Metal Co. 

¢ Trade name Tinicosil, Titan Metal Manufacturing Co. Melting point (liquidus) 
of the yellow brass is given by Herb! as 1650° F., of the high-silicon Brastil (with 
4.5 to 5 per cent Si) as 1600° F., and of the nickel silver as 1675° F. 

4 Criterion not stated. 


Manuscript received at the office of the Institute June 29, 1939; revised Aug. 21, 
1939. Issued as T.P. 1123 in Merats Tecuno.oey, October 1939. 


* Research Metallurgist and Supervising Metallurgist, respectively, Battelle 
Memorial Institute, Columbus, Ohio. 


1 References are at the end of the paper. 
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Of particular importance are the silicon brasses, since addition of 
silicon is known not only to strengthen the alloy and increase its corrosion 
resistance but also to lower the melting point drastically, increase fluidity, 
diminish the tendency for zine oxide to deposit on the die surface and 
permit free ejection of the casting. Unfortunately, as the silicon contents 
is increased the zinc content must be reduced, to avoid excessive brittle- 
ness, hence the melting range is about the same as for yellow brass, 
although appreciably lower than the white 16 per cent Ni brass. It was 
to develop an improved silicon brass that this investigation was started. 


CHILL-CASTING TESTS 


Tensile bar castings of about a pound weight were made in the special 
steel mold illustrated in Fig. 1, for the purpose of exploring a wide range 


Fig. 1.—SrEEL MOLD FOR MAKING CHILL-CAST TENSILE BARS. 
Pegs 1, 2 and 3 serve to align the two parts of the mold, and to separate the mold 
after casting. Positions 4 and 5 designate ejection pins. 


of compositions. This gave a standard bar of 0.505-in. diameter, as cast, 
with a 2-in. straight center section and 54-in. over-all length. 

Charges were melted in a few minutes with a small gas pot furnace. 
This not only gave speed but permitted detection of any tendency for any 
of the alloys made to be sensitive to gases from a gas-fired furnace. 
After melting the copper in a clay-graphite crucible under charcoal, a 
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copper-silicon alloy was added, then the other constituents. By this 
method a wide range of alloy compositions were tested quickly under 


TABLE 2.—Results of Tests on Copper-silicon-base Casting Alloys 
as Chill-cast 


Tensile Elongation, Castability 
Alloy Composition, Per Cent Strength, Per Cent in Color and 
Lb. per Sq. In. 2 Int Remarks 
PSE Zar sneantersvoteness 5 Si 15 Zn 77,200 8.5 Yellow Good F 
Si Sn trai Mal Late atev 5 $i 5 Sn 68,200 0.5 Off white Good, brittle 
5 Si 10 Sn White Very brittle 
Sil Mai sscier seter ts 5 Si 2 Mn 64,700 0 Pale yellow | Good 
Bu Migs. cic.a uae 5 Si 2 Mg Gray e 
SICAL Se. Foetal 5 Si 2 Al 74,400 14.5 Yellow Good 
5 Si 3 Al 66,400 10.0 Yellow Very good¢ 
5 Si 4 Al 78,700 19.0 Yellow Good¢ 
5 Si 5 Al 65,7002 0 Pale yellow | Good@ 
Si Zn Sn... .- ses 5 Si 9 Zn 1 Sn 74,400 a0 Pale yellow | Good 
5 Si 7 Zn 3 Sn White e 
5 Si 12 Zn 1 Sn 75,000 2.0 Yellow Very good 
SVAN IM Rie ona 5 Si 10 Zn 2 Mn 87,300 0.5 Yellow Good 
5 Si 10 Zn 3 Mn 68,2002 Yellow Good 
5Si 15 Zn 3 Mn 86,7002 Yellow Good 
5 Si 6 Zn 5 Mn 73,000 250 Pale yellow | Good 
Si Zn Al Sees 5 Si 10 Zn 2 Al 61,000 0 Pale yellow | Good 
5 Si 15 Zn 2 Al White e 
Si Zn Mg...... 5 Si 10 Zn 2 Mg White f 
SiMe Bisa 5 Si 2 Mg 2 Sn White zi 
Su Min Sic weae- 5 Si 5 Mn 3 Sn 69,300 0 Off white Good 
Si nsAl ees 5 Si 4 Mn 2 Al 67,500® Yellow Good 
5 Si 3 Mn1 Al 84,500 1.0 Pale yellow | Good 
5 Si 2 Mn 2 Al 73,200° 0 Yellow Very good 
5 Sil Mn 3 Al 75,300 5.0 Yellow 9 
5 Si 1 Mn4 Al 90,500 2.5 Yellow Good 
Si Zn Mn Al....| 5 Si5 Zn 1 Mn 1 Al 87,000 3.0 Yellow Good 
5 Si 10 Zn 1 Mn 1 Al 98,000 2.0 Yellow Good 
5 Si10 Zn 1 Mn 1 Ali 103,000 3.0 Yellow Good 
5 Si 12 Zn 1 Mn 1 Al 95,600 3.0 Yellow Good 
5 Si 15 Zn 1 Mn 1 Al 76,7002 0 Pale yellow | Good* 
5 Si 10 Zn 1 Mn 2 Al 84,5002 Pale yellow | # 
5 Si 10 Zn 1 Mn }4 Al 94,700 1.0 Yellow Good 
5 Si 10 Zn 3 Mn 1 Al 73,700 0.5 Yellow Good 
5 Si 10 Zn 3g Mn 1 Al 89, 600% 3.5 Yellow Good 
5 Si 10 Zn 44 Mn ¥ Al 90,7002 1.0 Yellow Good 
5 Si 10 Zn 1 Mn O Al* 95,000 2.5 Yellow Good 
5 Si 10 Zn 0 Mn 1 Alk 90,400 18.0 Yellow Good 
5 Si 10 Zn 1 Mn 0.5 Alt 98,700 5.0 Yellow Good 
5 Si 10 Zn 0.5 Mn 1 Alk 95,000 8.0 Yellow Good 
5 Si 10 Zn 0 Mn 0 Alk 76,600 21.0 Yellow Good 
5146 Si 10 Zn 1 Mn 1 Al 88,7002 
5% Si 10 Zn 1 Mn 1 Al 90,700° 1.5 Yellow Good 
4384 Si 10 Zn 1 Mn 1 Al 81,700% 1.0 Yellow Good 
446 Si 10 Zn 1 Mn 1 Al a Yellow Good 
4% Si 10 Zn 1 Mn 1 Al 89,000 wie Yellow Good 
4 Si 10 Zn 1 Mn 1 Al 87,000 3.5 Yellow Good : 
449 Si 10 Zn 34 Mn 1 Al 60,300° 2.0 Yellow Good 
414 Si 10 Zn }6 Mn 1 Al 82,300 12.0 Yellow Good 
449 Si 10 Zn 1 Mn } Al 76,000 2:5 Yellow Good 
4 Si 10 Zn 1 Mn 4¢ Al 73,700 4.5 Yellow Good 


« Shoulder break due to shrinkage cracks or inclusions (usually former). 
> Faulty break due to inclusions, etc., within gauge marks. 


mney, aa mies ae 


¢ Specimen cracked in two in mold, very brittle, very viscous pouring, much dross. 

4 Tends to shrink-crack. 

¢ Cracked into fragments on cooling, 

/ Cracked into fragments on cooling; much dross. 

9 Good, but pitted surface. 

» Repeat test showed a white, more brittle alloy. 

‘Could not pour a casting without cracks. 

i Melted in coreless induction furnace. 

" This group of alloys was made subsequent to the other alloys in the table in order to show more 
clearly the effect of variation of the aluminum and manganese contents. 


conditions approximating die-casting practice, although without exerting 
pressure on the casting. 


rm 
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Resistance to stresses involved on shrinking was qualitatively deter- 
mined by the difficulty of ejection of the castings or by development 
of cracks at the shoulders of the button heads. Alloys that caused 
trouble after only a few seconds of cooling were discarded as being too 
brittle or having too great a shrinkage for useful service; some alloys did 
not crack after five minutes of cooling in the mold. 

Results of Chill-cast Tests—Tensile and casting properties of repre- 
sentative alloys in the field covered are given in Table 2. Freezing-range 
determinations were made on a few of the most promising alloys, as given 
in Table 3. Although the addition of 15 per cent Zn and 5 per cent Si 
gave the lowest freezing range of any of these die-casting brasses, alloy 
No. 2, with but 10 per cent Zn and 1 per cent each Al and Mn gave nearly 
as low a freezing range, and one that compared very favorably with the 
present commercial Brastil of Table 1. (The commercial alloy 
in present use contains 14.75 per cent Zn and 4.25 per cent Si.) Additions 
of metals to the copper-zinc base, other than zinc, manganese, aluminum, 
magnesium and tin, were excluded for various metallurgical and economic 
reasons. Attention was particularly directed, of course, toward lowering 
the freezing point. Some of the alloys tested, such as the Cu-Si-Al group, 
showed excellent ductility and good strength, but were discarded because 
of relatively high freezing ranges and cost. Magnesium was discarded 
because of its tendency to create an excessive amount of dross. Other 
alloys, such as those fairly high in tin or those beyond the yellow brass 
field, were too brittle to be considered useful. 


TaBLE 3.—Results of Freezing-range Determinations 


Composition, Per Cent Freezing Range 
No. 
Cu Si Zn. Mn Al Deg. C. Deg. F. 
1 80 5 15 841-825 |1546-1517 
2 83 5 10 1 1 852-823 |1566-1513 
3 88 3) 5 1 1 896-852 |1645-1566 
4 91 5 1 3 911-886 |1671—1626 
5 91 5 4 918-896 |1684—-1644 
6 90 5 1 4 920-881 |1688-1617 


The Cu-Zn-Si-Al-Mn alloys were early found to be the most interesting, 
and attention was finally turned entirely to this series. The addition of 
both aluminum and manganese confers definite benefits, as is indicated 
particularly clearly in the five alloys marked k in Table 2. Manganese 
raises the strength and lowers the ductility, while aluminum up to 1 per 
cent markedly increases the ductility. Hence with both elements 
together a suitable balance can be made between strength and ductility. 
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D1Ir-cAsTING TESTS 


Three silicon-brass alloys were die-cast into tensile bars at the plant 
of the Doehler Die Casting Co. at Batavia, N. Y., in order to compare 
physical properties and observe die-casting characteristics. Melts were 
of 200 Ib. each. The die castings gave tensile bars about 9 in. long, of 
0.25-in. diameter in the center, with 0.375-in. shoulders. Results of 
tensile tests on these bars are given in Table 4. 

Each heat was cast over a range of temperature from about 1690° to 
1600° F., each lot being cast at a lower temperature than the previous one. 


TaBLe 4.—Tensile-test Properties of Die-cast Modified Silicon Brasses 


. : Tensile Yield Elongation, . 
Cc 8 Brinell 
Lot No. "No |p Seong, |, Strengtbog, | PerContin | Hardness 
Heat No. 1: 83 per cent Cu, 5 Si, 10 Zn, 1 Mn, 1 Al 
1 2 116,000 4.0 182 
2 3 109,000 83,700 3.0 
3 6 112,000 5.0 
4 ue 113,000 5.0 
5 10 94,500 5.0 
Heat No. 2: 83.5 per cent Cu, 5 Si, 10 Zn, 0.5 Mn, 1 Al 
1 2 99,800 6.0 163 
2 3 84,700 10.0 
3 5 103,000 2.0 
4 7 104,000 6.0 
5 10 106,000 76,400 7.0 
Heat No. 3: 83.75 per cent Cu, 4.25 Si, 10 Zn, 1 Mn, 1 Al 
1 1 104,000 4 134 
2 4 112,000 8 
3 6 103,000 4.5 
4 7 108,000 76,400 7.0 
5 10 110,000 4.0 


« Determined with a standard Rhiele extensometer. Yield strength taken at 
0.2 per cent offset. 


No relation between the casting temperature and the physical properties 
were noted, however. 

Many of the tensile bars, particularly those of heat No. 3, had bits of 
previously solidified metal (splash) embedded throughout their cross 
section, thus tending to lower their strength and ductility. This was not 
an inherent difficulty with the alloys, of course. Results reported in 
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Table 4 are typical of those secured from each lot, including bars with 
splash defects. 

Comparing results of these die castings made under commercial condi- 
tions with laboratory chill castings, it is evident that casting under pres- 
sure gave generally higher mechanical properties. 

From the viewpoint of the practical die-caster, the alloy used in heat 
No. 1 of Table 4 (83 per cent Cu, 5 Si, 10 Zn, 1 Mn, 1 Al) was considered 
the most desirable, as it combined high strength and high yield with 
adequate ductility and a low freezing range. Machinability of this alloy 
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Fic. 2.—EFFECT ON HARDNESS OF AGING UNDER VARIOUS CONDITIONS. 
Alloy 83 per cent Cu, 5 Si, 10 Zn, 1 Mn, 1 Al 


was considered to be practically the same as with the commercial high- 
silicon brass now in use (81 per cent Cu, 4.25 Si, 14.75 Zn). Surface 
characteristics of the modified alloys were far superior to the plain high- 
silicon brass, since the presence of aluminum assured a bright, smooth 
surface free from discoloration and scale. 


PROPERTIES 


Age-hardening Characteristics—The general age-hardening character- 
istics of the 83 per cent Cu, 10 Zn, 5 Si, 1 Al, 1 Mn alloy were explored by 
water-quenching a series of chill-cast specimens after annealing for 1 hr, 
at 775° C. (1425° F.) and measuring the hardness after aging at various 
temperatures. Results are given in Fig. 2. Of particular interest in the 
age-hardening of these alloys is the extreme rapidity of hardening. Thus, 
within the experimental limits shown in Fig. 2, the maximum hardness is 
developed within 15 min. at 300° C. (570° F.). 
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Results on tensile specimens after various heat-treatments, as given in 
Table 5, show that overaging gives serious embrittlement and loss of 
strength. It isprobable that the short 15-min. aging treatment at 300° C. 
was insufficient for the tensile specimen to reach maximum strength 
and hardness, since the hardness obtained was only 207 Brinell compared 
to 230 Brinell obtained in Fig. 2 for a much smaller specimen, which 
undoubtedly attained the furnace temperature more rapidly. 


TaBLe 5.—Effect of Age-hardening Treatment on Tensile Properties 
Alloy 83 Per Cent Cu, 5 Si, 10 Zn, 1 Mn, 1 Al 


Tensile Strength, Elongation, Per 


Aging Treatment after Water Quenching Lb. per Sq. In. Centin 2 tat 


As iquencheda (ihre: s.7.55 1.) caterer eee eee 79,000 5.5 
TA mins = 002 Che Fee ee ieee ore oh ech Speen rete aa 87,200 7.5 
2 ht ==300 2 Crea och ears yee eee ee 58,700 1.0 

2: Nir ==400?: Crane ae Se eros ori ere eee es 42,500 0.5 

0.5 


2 hy-—-500 7 Coes Se ne erage etsy ees aes ns 42,500 


« Brinell hardness of this specimen was 207. 


The effect of air-cooling from a solution annealing temperature rather 
than quenching and reheating was investigated by making two tests. In 
one a chill-cast tensile bar was annealed at 800° C. (1475° F.) for an 
hour and air-cooled; in the other a similar specimen was annealed for 20 
hours before air-cooling. Tensile strengths secured were 101,000 and 
91,400 lb. per sq. in., respectively; with an elongation of 3.5 per cent 
in each case. 


TABLE 6.—Results of Izod Impact Tests 


Foot-pounds 


Unnotched Specimens, Notched, Standard 
14-in. Square Izod Specimens 
Condition 
Alloy 1¢}| Alloy 2a| Alloy 82| Alloy 1¢|Alloy 2¢| Alloy 3¢ 

CHIU RCaSts scheme ce anaes eer eee a 8 13.5 4 5 10 
Quenched fromi7i7baC 0 as seer 27° 19 15 33 
Quenched. Aged at 300° C.—15 min...| 23 16 21 
Quenched. Aged at 300° C.—20 min...| 21 11 28) 
Quenched. Aged at 300° C.—30 min...| 13 18 31% 7 5.5 | J4t5 
Quenched. Aged at 300° C.—45 min...| 15 13.5 31% 
Quenched. Aged at 300° C.—75 min...) 17 | 13.5 | 30° SOM met 14 


# Alloy No. 1: 83 Cu, 5 Si, 10 Zn, 1 Mn, 1 Al. 
Alloy No. 2: 81 Cu, 5 Si, 12 Zn, 1 Mn, 1 Al. 
Alloy No. 3: 83.75 Cu, 4.25 Si, 10 Zn, 1 Mn, 1 Al. 

» Specimens bent bui did not break. 
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Tensile Properties at Elevated Temperatures—No change in mechanical 
properties could be detected at 95° C., but at 205° and 315° C., there 
was a decrease in strength and elongation. At 315° C. the elongation 
was reduced to zero. 

High-temperature Scaling—Polished cut surfaces of the aluminum- 
free samples at 800° C. (1475° F.) after 19 hr. showed considerable black 
scale. The specimens containing 0.5 and 1.0 per cent Al were scale-free 
and almost bright. 

Impact Tests.—Both notched and unnotched Izod tests were made on 
several chill-cast, high-strength, high-silicon brasses after various heat- 
treatments, with results shown in Table 6. No die-cast specimens 
were included. 


MeETALLOGRAPHIC EXAMINATION 


Structures of the quenched and die-cast specimens are similar (Figs. 
3-6), and show a solid solution of the constituent elements in copper. On 
overaging, as shown by Figs. 4 and 5, precipitated particles become 
evident. Because of the complexity of the composition, no attempt has 
been made to define the precipitated phase or phases. There has been 
noted some slight indication of the presence of a precipitated phase in the 
die-cast sections, but it has been insufficient for resolution, even at high 
magnifications. Although it is probable that some precipitation takes 
place in die-casting, the alloy does not appear to be particularly sensitive 
to speed of cooling. 


SAND CASTINGS 


Although developed primarily for die casting, this type of alloy can be 
successfully sand-cast. While silicon brasses have had a rather bad 
reputation with the foundryman, owing to their tendency toward gas 
porosity, the modified silicon brasses seem less susceptible to this diffi- 
culty. As with most metals, shrinkage cavities due to inadequate feed- 
ing must be avoided by careful provision for progressive solidification. 


TasBLe 7.—Mechanical Properties of Sand-cast Alloy 
Alloy 83 Per Cent Cu, 5 Si, 10 Zn, 1 Mn, 1 Al 


Mold and Bar No. Sei Che ain einen Oeste eter 
CU, 88,000 58,500 1.0 
EG se: 92,000 60,000 2.5 
ie 86,500 58,500 2.5 
ich <a ae 88,000 46,500 4.0 


a a a ec eS 
@ Baked core sand. 


> Green sand. 
¢ Yield strength at 0.2 per cent offset, obtained in same manner as in Table 4. 
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The chief cause of porosity, dissolved gases which are expelled from the 
casting in the semiliquid state, is more difficult to avoid when melting is 
done in gas-fired furnaces, since contact between products of combustion 


Fig. 6. Die-cast. 100. 
Etched in 80 per cent ammonium hydroxide and 20 per cent hydrogen peroxide, 
followed by potassium dichromate solution. 


and the metal is often unavoidable. Although electric melting is 
advantageous, melting in fuel-fired furnaces is entirely feasible. Of the 
products of combustion that are absorbed by the melt, hydrogen 
appears to be by far the most important. To eliminate this absorbed 
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hydrogen and make sound sand castings, the most practical means 
evolved has been to overheat the melt temporarily, as to about 1100° C. 
(2000° F.), whereby zinc vapor sweeps out most of the gas. After about 
one minute of this treatment the melt is quickly cooled to the pouring 
temperature of about 900° C. (1650° F.) and cast. 

Results of tests on several tensile-bar sand castings made in accord- 
ance with the above procedure are given in Table 7. 


CONCLUSIONS 


1. The best high-strength die-casting copper-base alloy of those 
studied contains 83 per cent Cu, 5 Si, 10 Zn, 1 Mn, and 1 Al. This is on 
the basis of excellent physical properties and economy, combined with a 
low melting range. Die castings give appreciably higher values than 
chill castings. 

2. Strength and ductility of the 5 per cent Si alloy may be varied to 
suit specific needs by altering the amounts of manganese and alumi- 
num present. 

3. By quenching the high-silicon brasses from 775° to 800° C. (1425° 
to 1470° F.), elongation and resistance to impact are improved but 
strength decreased. Subsequent age-hardening is very rapid, giving 
maximum hardness in only about 15 min. at 300° C. (575° F.). 

4. These alloys containing aluminum are remarkably resistant to 
oxidation at high temperatures. 
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DISCUSSION 
(D. L. Colwell presiding) 


C. H. Samans,* State College, Pa.—The authors’ comment that their alloy con- 
taining 83 Cu, 5 Si, 10 Zn, 1 Mn, 1 Al gives serious embrittlement and loss of strength 


* Pennsylvania State College. 
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on overaging seems peculiar. Generally, embrittlement of an alloy by overaging is 
due to a precipitate primarily in the grain boundaries, and it is then usually rather 
difficult to secure much change in properties by aging. Inspection of alloys 1, 2 and 3 
in Table 6 suggests strongly a proximity to the alpha boundary of these alloys, and 
that the embrittling is caused by a transformation of appreciable amounts of the alloy 
to the hard, brittle beta constituent. Moreover, Fig. 4 resembles many alpha-beta 
two-phase structures. Have the authors examined their alloys after etching with 
ferric chloride or some other reagent that might make the beta phase stand out more 
distinctly? 

Were this actually beta it might be better to sacrifice a little of the strength in 
order to eliminate the embrittling effects by increasing the copper content somewhat, 
simultaneously decreasing the silicon. The values for alloys 1 and 3 in Table 4 do not 
seem to differ too greatly for this to be successful. : 


B. W. GonseEr (authors’ reply).—In comparing properties of the silicon-brass die- 
casting alloy presented in this paper with that of 60—40 brass, it must be remembered 
that the addition of silicon to copper drops the melting range much more drastically 
than does zine. A slightly lower freezing point is obtained with this alloy of 83 Cu, 
10 Zn, 5 Si, 1 Al, 1 Mn than with 60 Cu, 40 Zn brass. Also, it is well to consider this 
die-casting alloy as being a silicon-copper, modified by zinc, aluminum and manganese, 
rather than a copper-zine brass modified by silicon and minor constituents. In inter- 
preting the structure, we find the copper-silicon constitutional diagram much more 
helpful than the copper-zine diagram. 


aT 
Wap: 


Pure Silicon 


By A. B. Kinzet,* Memper A.I.M.E., anp THomas R. CunnincHam* 


(New York Meeting, February 1939) 


SILICON, unfortunately, is not in the same category as some other 
metals with respect to the absolute value of the highest purity material 
prepared. Tucker, in England, and Becket, in this country have devel- 
oped procedures for the purification of silicon, and Becket’s process has 
made industrially available silicon of a purity of 99.8 per cent or better. 
However, even the term “‘silicon metal” may be a paradox to some people, 
although not more so than the term ‘‘amorphous” as applied to silicon. 
These terms come from commerce, and ‘‘metal’’ is used to distinguish 
industrially high-purity silicon from ferrosilicon, silicon-aluminum, and 
other high-silicon alloys. Alloys of iron and silicon with 95 per cent Si 
or less are known as ferrosilicon, with a designation of silicon content 
where necessary, and the term “silicon metal” is invariably applied to 
the grades containing 96 per cent Si and higher. 

The Becket method of purification was referred to in a monograph on 
the Alloys of Iron and Silicon, and the Tucker procedure was described in 
some detail in that publication.! In order to get silicon of still higher 
purity, a sample, prepared by the Becket method, analyzing 99.84 per 
cent Si, 0.020 Fe, 0.016 Al, 0.005 Ca, 0.025 C, 0.033 per cent Oc, 0.006 Ha, 
0.006 No, and 0.001 per cent Mn, was crushed to pass a 100-mesh sieve 
and further purified by a modification of Tucker’s procedure. This 
modification differs from Tucker’s method in that after treatment the 
100-mesh alloy was centrifuged to remove the last traces of acid. Our 
directly determined analysis of this purified sample shows: Si, 99.952 per 
cent; Fe, 0.009; Al, 0.012; Ca, 0.003; C, 0.006; or 99.982 per cent. Silicon 
by difference equals 99.97 per cent. 

The variation between silicon by difference and silicon as directly 
determined is important. Although Tucker mentions the amount of 
insoluble matter in commercial silicon both before and after his treat- 
ment, he does not mention the existence of carbon in the alloy; neverthe- 
less, he reports silicon by difference. Any final figure as to purity 
obviously results from agreement between direct determination and 
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determination by difference, and, lacking agreement, the lower value 
should be quoted—e.g., 99.952 per cent Si from the above. 

Greiner, Marsh and Stoughton! emphasize that any quoted properties 
of silicon must be regarded as tentative, as the determinations in most 
cases have been made on material of lower purity than usual in such 
investigations. The value for density that seems to have been most 
generally accepted is 2.4 grams per cubic centimeter at 20°C.? However, 
duplicate density determinations at 20° C. using a picnometer on the 
100-mesh sample of the 99.952 per cent Si product described above gave 
values of 2.32 each. The density determination of the 30-mesh or 
40-mesh and of 80-mesh dust samples taken from the 99.84 per cent Si 
sample each gave the value 2.335 and the determination on the 99.84 per 


DIAL READING IN INGHES 
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Fig. 1.—THERMAL DILATION-TEMPERATURE CURVE FOR PURE SILICON. SPECIMEN 
LENGTH 2.55 INCHES. 


cent without screen separation gave 2.336. From this it is evident that 
the specific gravity of silicon of the best purity now available is between 
2.32 and 2.34, and it is interesting that calculations from X-ray diffraction 
data indicate a value of 2.32 + 0.02 for pure silicon. 

No attempt was made to determine the melting point of the pure 
silicon, but attention is called to the work of Hoffman and Schulze,* who 
determined 1409° C. as the melting point of 98 per cent Si, and 1411° C. 
as the melting point of the sample quoted as 99.89 per cent Si, and who 
claim an accuracy of +2° C. for their determinations. M. L. V. Gayler4 
reports 1415° C. + 2°. 

The matter of electrical conductivity of silicon is of particular interest 
because this is one important criterion in determining whether or not 
an element is a metal. In the International Critical Tables? the elec- 
trical resistivity of silicon is given as 85 X 10-* ohm per cu. cm., or 
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0.085 ohm per cu.cm. This value comes from the work of Koenigsberger 
and Schilling.* These men, who did this work carefully in every other 
respect, seem to have completely overlooked the matter of composition. 
Test rods were 2 to 6 mm. long, with a cross section of 0.3 to 0.4 Sq. cm., 
and the authors state that these rods showed faults and pores, and they 
believed the absolute resistivity to be too high. The resistivity curves 
that covered the range of minus 190° to plus 850° C. are of particular 
interest in that supposedly they show the existence of three allotropic 
forms, alpha, beta and gamma, with transformation points at 210° and 
440° C. However, they found that the higher temperature resulted in a 
more stable product with lower resistance. Bedel’ reports 0.267 ohm 
per cu. cm. for silicon with 0.1 per cent Fe. Bagley® prepared a bar of 
silicon metal }4 in. in diameter and 6 in. long. The material analyzed 
96.74 per cent Si, with 0.85 per cent Fe, 0.85 per cent Ca and 1.14 Al. 
Resistance was measured at four intervals along the length of the bar 
at 18° C. The values obtained were as shown in the following table. 


Interval Ohm Interval Ohm 
PEIN yc ck Aw uciguas 0.0329 Seether encore 0.0321 
24 1-3-0 5.6 SAO Oe 0.0322 2 Scar Aatiy AR Se a AD 0.0323 

AVCPape. casos eho os 0.03824 


The uniformity of these results indicated that the bar was sound and 
that a resistivity calculated from the measurements would represent the 
true resistivity unaffected by cracks or flaws in the material of the speci- 
men. The resistivity calculated from these measurements was 0.0237 
ohm per cu. em. A check set of readings taken with a current three 
times as high as that used in the first set gave a resistivity of 0.0231 
ohm per cu. cm. 

Another bar was prepared from the 99.84 per cent material and the 
resistivity similarly measured. This gave a value of 0.08 ohm per cu. 
em., which is very close to that given by Koenigsberger and Schilling,® 
but the values along the bar varied appreciably, showing that the bar 
was not nearly as uniform as the bar of less pure material. It is probable 
that the true resistivity value of pure silicon lies between 0.02 and 0.08. 

The magnetic susceptibility of silicon is given by Honda’ as 
0.13 X 10~°; his silicon contained 0.085 per cent Fe. No attempt was 
made to get a similar figure on our material, but a qualitative test with an 
Alnico permanent magnet as well as with an electromagnet failed to 
show the slightest indication of any paramagnetic properties, which 
seems to show that the material is practically nonmagnetic. 

Gonser and Seybolt!? obtained a dilatometric curve (Fig. 1) for the 
authors. They prepared a bar 2.55 in. long and 0.5 in. square cast from 


428 PURE SILICON 


99.84 per cent Si and tested it in a molybdenum-wound furnace with a 
hydrogen atmosphere. This curve shows continuous and regular 
expansion of the specimen and indicates the absence of crystallo- 
graphic transformations. 

In order to get some idea of the mechanical properties of the cast bar 
made from the 99.84 per cent material, a bar 0.254 in. square and some- 
thing over 3 in. long was prepared by dint of much effort, and tested as a 
beam with knife-edge supports on a 3-in. span and center loading through 
a knife-edge. Deflection was measured directly by an indicating dial in 
0.0001 in., and load measured by calibrated spring balances, using small 
lead shot. Using the standard formula for modulus of rupture of a 
rectangular beam, a value of 9046 lb. per sq. in. was obtained. A modulus 
of elasticity of 15,490,000 lb. per sq. in. resulted from application of the 
results in the standard formula, the actual breaking load of the specimen 
having been 35 lb., and a deflection of 0.00108 in. corresponded to a load 
of 12lb. It is interesting that the load deflection plotted on cross-section 
paper of appropriate scale was a straight line. In this connection 
Templin’s determination'! is of interest. Working on silicon with a 
purity of 99.41 per cent, taken by difference, he found Young’s modulus to 
be about 16,350,000 lb. per sq. in., based on the assumption that the 
value in compression is the same as in tension. 

In view of the excellent corrosion resistance, low specific gravity and 
wide availability of silicon-containing minerals, particularly silica, the 
use of silicon as a structural material is a goal that has attracted the 
imagination of many. It remains only to produce ductile silicon, but this 
small remainder bids fair to be well beyond the capacity of present-day 
physics and metallurgy. It may be that increasing the purity of the 
material would lead toward some degree of malleability, but there is 
nothing in any of the experiments carried out to date that would indicate 
this to be true. It would seem that changes other than the relatively 
simple elimination of stranger atoms in the lattice will be necessary before 
ductile silicon can be produced and a wide potential field of use suitably 
filled. However, commercial silicon metal, nonmalleable and relatively: 
impure from the standpoint of the physicist, is a much valued and impor- 
tant article of industry. This is available in several grades, 96, 97 and 
98 per cent minimum silicon being normally specified, depending upon 
the application. Iron is the impurity generally given the most impor- 
tance, and the grades mentioned above will contain slightly less than 
2, 1 and 0.5 per cent iron, respectively. Aluminum and calcium prac- 
tically account for the remainder. As this silicon is used primarily in 
the production of silicon-aluminum and silicon-copper alloys, there has 
been very little immediate industrial need for elimination of the elements 
other than iron. 
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DISCUSSION 
(#. BE. Schumacher presiding) 


R. Vines, * Bayonne, N. J.—Has any attempt been made to produce pure silicon 
by the thermal decomposition of a volatile silicon compound, such as silane or one of 
the silicon halogen compounds, using a method similar to that developed by de Boer 
and Fast for zirconium? In this method zirconium iodide, formed from crude zir- 
conium and a small amount of iodine, is decomposed on a heated wire, yielding rela- 
tively pure metal. Similar methods have been used with tungsten and titanium. 


A. B. Krnzeu (authors’ reply).—Silicon has been deposited on other metals by 
decomposition of the tetrachloride. It has been deposited on a carbon filament under 
similar conditions. R. Holbling!? reports the preparation of a bar of silicon 4 mm. 
thick by deposition on such filament at 1000°C. Other volatile compounds of silicon 
have been used for the same purpose on a purely experimental basis. While these 
methods are interesting from the experimental standpoint, they have never passed 
the purely test-tube stage. 


* Research Laboratory, International Nickel Co. 
12. Holbling: Preparation and Properties of Pure Metallic Silicon. Ztsch. anorg. 
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Tensile Properties of Rolled Magnesium Alloys, [—Binary 
Alloys with Aluminum, Antimony, Bismuth, Cadmium, 
Copper, Lead, Nickel, Silver, Thallium, Tin and Zinc 


By Jonn C. McDonatp,* Junior Memsper A.I.M.E. 
(Chicago Meeting, October 1939) 


THE amount of published literature in the field of mechanical proper- 
ties of magnesium alloys is not great; particularly with respect to rolled 
alloys. Haughton and Prytherch' have summarized most of the articles 
to 1937, including their own work on sheet. Although many papers can 
be found dealing with the technology of magnesium and the alloys now 
in commercial use, there does not seem to be any work dealing exclusively 
with the variation in properties of rolled alloys as caused by changes in 
alloy composition. Comparison of published data reveals considerable 
discrepancies in properties of alloys of the same composition, probably 
due to differences in the details of working and heat-treating followed 
by different workers. The purpose of this paper is to study the proper- 
ties of alloys in conditions where the effects of such differences have 
been eliminated. 

It is well known that the strength and ductility of metals are functions 
of the working and heat-treating they have received, as well as of their 
chemical composition. In comparing alloys with respect to these proper- 
ties, therefore, all possible combinations of the variables of the fabrication 
procedure ought to be carried out on each alloy. One or more of these 
treatments will produce the highest ductility, or strength, or both. These 
highest properties would then be selected as characteristic of each alloy, 
and alloys would be compared on the basis of those properties. Thus a 
separation of the effect of composition and that of working and heat- 
treating would be achieved. In this paper, however, a compromise with 
completeness has been made by carrying out a restricted number of treat- 
ments. As a consequence, the properties obtained are not necessarily 
the best that the alloy is capable of exhibiting; but since all alloys have 
been treated by the same method, the results ought to be comparable. 

The elements selected for the study comprise a class that will alloy 
easily with magnesium, and that are relatively cheap. Each was added 
in different amounts, up to a limit that varied with the element. 
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PROCEDURE 


The alloys were made by melting the magnesium under a commercial 
flux and adding the alloying metal. The magnesium was of commercial 
purity, about 99.95 per cent, and the alloying elements were also of com- 
mercial grade, 99 per cent pure or better. No effects appeared that 
could be attributed to impurities. Each alloy was cast by ladling the 
metal into a cylindrical steel mold (diameter, 4 in.) to a depth of 6 in., 
giving a billet weighing approximately 5 lb. The billet surface was then 
machined smooth on a lathe. 

The machined billet was preheated for about 12 hr. at 600° F. before 
being extruded into 2.0 by 0.14-in. bar from a container at the same 
temperature. This preheat was sufficient to permit each alloy studied 
to be extruded at a reasonable pressure, which in every case was adjusted 


_ to give maximum extrusion speed without producing hot-shortness. 


The bar was cut up into 6-in. lengths, a piece from the center being 
analyzed. Spectrographic analysis was used for aluminum, zinc, and, in 


part, for cadmium; the others were analyzed by chemical means. 


The bars were preheated 15 min. at a controlled temperature and 
given one pass in the mill, after which they were replaced in the furnace 
for 15 min. of reheating and annealing. This procedure was repeated, 
at the same reduction per pass, until about 50 per cent total reduction 
had been achieved. The mill was a cold strip mill with polished rolls 
3 in. in diameter by 3-in. face; it was powered by a 5-hp. motor and 
operated at 80 ft. per min. Preliminary test rolling was carried on in 
the range of temperatures 400° to 800° F., and in the range of reduction 
per pass, 10 to 30 per cent. This established the limits of hot-shortness 
and cold-shortness for each alloy.* However, reductions as high as 30 
per cent were not used often because of power limitations. Finally, 12 
pieces of each alloy were rolled at a temperature and reduction per pass 
somewhat above the cold-short limit. Such specimens were hard enough 
so that annealing was required to develop the maximum ductility.{ In 
some alloys, the hot-short and cold-short limits approached very closely, 
making the alloys completely unrollable. 

The ideal way to be sure of developing maximum ductility would be 
to anneal these hot-rolled pieces at 50° intervals in the range of 300° to 


* Magnesium and its alloys cannot be rolled indefinitely below a certain tempera- 
ture limit without cracking. Below this temperature limit, the percentage of total 
reduction at which cracking begins depends both on the percentage of reduction per 
pass and on the temperature. The term ‘‘cold-shortness,” refers to this cracking, 
and the phrase “‘cold-short limit’? means a combination of temperature and reduction 
per pass at which cracking just begins when 50 per cent total reduction is reached. 

+ Extensive preliminary experiments showed that metal hot-rolled near the cold- 
short limit for a total reduction of 50 per cent was fairly hard and extremely fine- 
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900° F., since, as a recent paper? shows, the recovery temperature, or 
range of temperatures, varies widely for different magnesium alloys. 
However, a compromise between completeness and a practicable amount 
of work per alloy was reached by annealing five specimens 30 min. each, 
at 400°, 500°, 600°, 700°, and 800° F., respectively. To get a rough idea 
of the age-hardening characteristics of each alloy, three more specimens 
were annealed 16 hr. at 350° F., after the 30-min. treatment at 600°, 
700°, and 800° F. Preliminary experiments, including X-ray study of 
solid solubility, demonstrated that this solution time was sufficient for 
substantial equilibrium; in aluminum alloys, at least. 

Three specimens were cold-rolled 2.5, 5, and 10 per cent, respectively, 
at around 0.5 per cent per pass; one of these would usually develop the 
maximum strength of which the alloy was capable. The twelfth piece 
was tested in the hot-rolled condition. 

The specimens, now 2 by 12 in., were cut into two 6-in. lengths and 
one of these halves was cut lengthwise to give two 6 by 1-in. test blanks 
per treatment. This left 6 in. of specimen for any further work desired. 
A standard A.S.T.M. reduced section was cut into blank with a milling 
cutter. Each bar was then pulled in tension at a speed of around 0.25 in. 
per minute on an Amsler machine. The stress-strain curves for a suf- 
ficient number of bars were determined, that a graph of load at 1 per cent 
elongation versus 0.2 per cent yield stress could be drawn. Yield stress 
was subsequently determined by making but the one measurement at 
1 per cent elongation. Other workers* have shown that testing speed 
can affect properties; but since the speed was kept the same for all 
specimens, the data will still be comparable. Strengths were calculated 
on the original cross section. Percentage elongation was measured 
over a 2-in. gauge length. The average of the two bars was the value 
finally taken. 

The highest percentage of elongation obtained by annealing was 
selected as representative of the maximum ductility of the alloy. The 
properties of the specimen with this elongation are designated by the 
word ‘“‘soft”’ in the figures. If more than one specimen had this highest 
percentage of elongation, properties of the one with the highest yield 
stress were selected. 

The highest yield strength produced by cold-rolling was selected as 
representative of the maximum strength the alloy could develop; in the 
figures the properties of the specimen with that strength are designated 
by the word ‘hard.’ 


grained. Annealing of this metal caused grain growth and softening, until, as the 


~~ 


temperature of anneal was increased, a maximum in ductility was reached; at higher — 


temperatures, further softening, and a decrease in ductility, was observed. 
These results are similar to those of Haughton and Prytherch,! except that they 
varied the rolling temperature and measured properties in the hot-rolled state. 
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Before plotting the properties against percentage composition, the 
data, originally calculated to three places, were rounded off. Smooth 
curves were then drawn among the plotted points, so that a graphical 
averaging over composition was obtained. The final results are taken 
from the curves, thus reducing the error due to the scatter of the points. 
Undoubtedly a greater number of treatments per alloy would have 
eliminated a good deal of the scatter. The rest must be attributed to 
inability to control the working condi- ° 
tions closely enough. 

The percentage elongation of the 
specimens of maximum strength was not 
plotted. It was always very low (1 
to 7 per cent); in addition, its varia- 
tion with percentage composition was 
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: 
not significant. as i 
No attempt was made to study prop- 8 if 
erties in any direction other than that § epee 
of rolling, because of the narrowness 93°7/’; ae ee 
(2 in.) of the specimens. In two cases, 8 i Bt ea R 
the properties were so poor that the $21/5@ oa 8 
results are presented only in tabularform. : ' ve Te ee ‘ 
oO 0 
ALLoYs STUDIED Reef ee r =~ a 
Magnesium-aluminum Alloys.—The t 
properties of alloys of this system are “/— Az? 75 —" 
presented in Fig. 1. From these curves ee ae a 
S07 LA —— 


we can select the best alloys of the 2 = ae a 10 
system from the standpoints of highest ,. iPro ee ae pry pein: 
ductility, highest strength, and the best ALUMINUM ALLOYS. 

combination of these two properties, Hard = cold-rolled; soft = annealed. 
Table 1 presents the properties of the alloys so chosen, both in the 
annealed and in the cold-rolled condition. Comparison of these results 


with those of Haughton and Prytherch,! Haughton and Tate,* and 


TaBLe 1.—Properties of the Best Alloys of the Magnesium-aluminum 


System 
ili h, Both, 
3 ervey 9 Pen Cent Al 6 Per ‘Cent Al 
Property 
An- Cold- An- Cold- An- Cold- 
nealed | rolled | nealed | rolled | nealed } rolled 
i 14 
Elongation, per cent........+22++-++6- 16 10 
Yield strength, 1000 Ib. per sq. in...... 23 37 30 43 28 41 
‘Tensile strength, 1000 lb. per sq. in..... 36 42 45 50 42 48 
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Broniewski, Bernaciak, and Blazewski® emphasizes the point previously 
made that while agreement among workers is sometimes good, it is also 
sometimes not so good; therefore, no numerical comparisons will be made 
here. On the whole, the agreement in properties may be said to be fair. 

Age-hardening was observed in all except the two lowest alloys; i.e., 
from somewhere around 4 or 5 per cent on up. This figure is in agree- 
ment with other workers, Chubb® states in his recent review. The 
greatest strengths were produced by cold-rolling. 

The extruded bar was smooth in appearance, whereas the unalloyed 
magnesium is rough, probably because of the much larger grain size as 
cast of the pure metal. The percentage of added aluminum was always 
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Fia. 2.—PROPERTIES OF MAGNESIUM-CADMIUM ALLOYS. 
Hard = cold-rolled; soft = annealed. 


more than that required to produce refinement in castings according to — 


Hanemann and Hoffman.’ 

As the amount of second phase present at room temperature increased, 
the cold-short temperature limit also increased. The hot-short tempera- 
ture limit above 6 per cent Al was well under the eutectic temperature 
of 817° F. The presence of impurities that would produce a lower 


& 


melting eutectic does not seem an adequate explanation for the effect. — 


Rather, it must be due to a loss in cohesiveness of the alloy, which 


increases as the solidus temperature is approached. Hot-shortness under 


800° F. could not be observed below 7 per cent Al. Above this per- 


centage, not even prolonged solution heat-treatments would remove it. — 


Possibly the local heat generated by the working is sufficient to raise 


the temperature above the solidus, which would certainly result in — 


low cohesiveness. 


pi) 
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Magnesium-antimony Alloys.—Magnesium-antimony alloys had a 
very rough appearance as extruded, and had to be rolled at a high 
temperature. A few tenths per cent of antimony seems to be of some 
benefit, in agreement with Peredelski,’ but more than this produces too 
much brittleness to make the element of any value for sheet alloys. 
Table 2 gives the actual properties. No age-hardening was observable, 
in accordance with the published phase diagrams (Haughton and 
Prytherch!). Cold-rolling in- 


40 


creased the yield strength without _ ee 7)" 
materially affecting the ten- : ° beer Ba 
sile strength. ad : 25 
Magnesium-bismuth Alloys.— & 
Almost the same remarks may be 8 x Bs 
made about bismuth as about ‘ 8 
antimony. Alloys of above 2 per al re 8 
cent Bi, however, could not be § |/ ‘ one 5 
cold-rolled at all. Table 3 gives 3 i pae x 
_ the properties, which indicate $737 | a 
a slight superiority of bismuth ‘ on 4 
over antimony. S40 F = a 
Magnesium-cadmium Alloys.— $ Be re 
These alloys also had a rough meee sk a ‘ 
appearance at the lower percent- ° Se Soa a 
ages as extruded. No age-hard- Fic. Ha RBORRNA INE OE MAGN RGTUMAOD PEER 


ening was producible (as would Hard = cold-rolled; soft = annealed. 
be expected from the phase dia- 
gram). Fig. 2 presents the data graphically. 

The agreement with Haughton and Prytherch! is fair. It would be 
difficult to choose an alloy of ‘‘best’’ combination of properties, since 


TABLE 2.—Properties of Magnesium-antimony Alloys 


Elongation, Yield Strength, 1000 Lb. | Tensile Strength, 1000 Lb. 
Per Cent per Sq. In. per Sq. In. 
Sb, Per Cent 
Annealed Cold-rolled Annealed Cold-rolled Annealed Cold-rolled 
0.1 3 1 19 27 30 | 32 
3.0 2 1 18 25 26 25 
5.4 1 1 22 26 29 
deo 1 1 28 


the figure shows that in the annealed state, as ductility goes up, yield 
strength goes down. In the cold-rolled state, greatest strength is devel- 
oped at the maximum percentage studied. 
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Magnesium-copper Alloys.—These alloys had a smooth surface as 
extruded, and rolled well. Fig. 3 presents the data. The curves show 
two best alloys, whose properties are given in Table 4. 

Above 5 per cent, the hot-rolling temperature had to be raised; at 
10 per cent the alloy was too brittle to be cold-rolled. This brittleness 
checks with the findings of Cook and Jones,® but the property agreement 
with their values for forgings is general only. No age-hardening was 
detected, in agreement with their 
results, and the phase diagram 
Pere 9 a as published. 

———25 Magnesium-lead Alloys.—Fig. 
4 shows that lead produces some 
2ox Strengthening, with slight loss in 
S ductility. The surface of the 
extruded metal was rough, and a 
< high rolling temperature was 
, necessary. No age-hardening 
0% was observed. 
, Magnesium-nickel Alloys.— 
s Magnesium-nickel alloys are sim- 
ilar to copper in many respects, 
but the properties are better. No 
age-hardening is observed; the 
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Fic. 4.—PROPERTIES OF MAGNESIUM-LEAD high alloys require a higher roll- — 
ALLOYS. . " 
Hard = cold-rolled; soft = annealed. ing temperature, and become brit- ; 


tle. Fig. 5 presents the data. 
The best alloys in the range studied are given in Table 5. 


Magnesium-silver Alloys.—These alloys were annealed at 450° to © 


850° F., and age-hardened at 400° F., as it was thought that these con- 


TaBLE 3.—Properties of Magnesium-bismuth Alloys 


Elongation, Yield Strength, 1000 Lb. 
Per Cent per Sq. In. 


Tensile Strength, 1000 Lb. 
per Sq. In. ; 
Bi, Per Cent 


Annealed Cold-rolled Annealed Cold-rolled Annealed Cold-rolled 


0.2 4 2 20 27 32 
0.6 3 2 21 24 31 
2.0 3 2 22 26 32 
6.3 3 23 

9.0 3 


ditions would be more favorable for age-hardening than those used for 
the alloys with other elements. Despite this, no age-hardening was 
observed, for an unascertained reason. Fig. 6 shows that silver produces 


4 
‘ 
: 


4 
1 


i? ae 


\. = 2. 


JOHN C. McDONALD 437 
50 40 
fe) 
eS oie 435 
Maas 
x Fah saia § A 
PZ) a are 
5 30 40\- == \30 
> SN ean pe eee 
8 8 flee al 8 
8 XN Ze z 
S35 25 1 35 258 
Q ye 8 a ‘< | N 
3 YA 8 44 § 
Q 4 ; 8 yj 4s BY 
= Z Ny v ey 8 
Jo 7 on - 20K K 30 7 Hh 20 
& 7 x Tt % / 8 = Q 
S 7 g Q A Ne S 
Q Of = u j-: A : ¥ z 
\ Al q By / : WS eee N 
25 7} 7 + Vem) gett ie rs 75.X 
= & Ke K en Ul Wek 72 sil “ ny 
Q wie Sipe Gast! eek : F 
= / q wy Ute e-ail 
: “~< M | ce 
w2 xX oN § 20k f ae fo 
aS Ee lets Ne 
: | Rabies 3 
K is 
ai as io 2 gl 1 " HARD 75-0 F 
se | i f SON se 
“—O HARD YS-X--— — — 
SOFT ¥5-++----------- 
i 5 B SOFT ZE-0 Fass 
Ya) 25 IO 2S 100 rs) 25 J5.0 25 10.0 12.5 
PERCENT NI PERCENT AG 
Fra. 5.—PROPERTIES OF MAGNESIUM- Fic. 6.—PROPERTIES OF MAGNESIUM-SILVER 
NICKEL ALLOYS. ALLOYS. 


Hard = cold-rolled; soft = annealed. 


TaBLe 4.—Properties of the Best Alloys of the Magnestum-copper System 


Ductility, Strength, 
0.3 Per Cent Cu 5 Per Cent Cu 


Property AP ee St piesa ae eS 
Annealed |Cold-rolled| Annealed |Cold-rolled 


Hlongation, percents. ..lcss. es ts neces os 
Yield strength, 1000 lb. per sq. in........... 
Tensile strength, 1000 lb. per sq. in.......... 


29 
35 


TasLe 5.—Properties of the Best Alloys of the Magnesiwm-nickel System 


Ductility, ' Strength, 
1.5 Per Cent Ni 9 Per Cent Ni 
Properties pious LA || Net Re fe a 
Annealed |Cold-rolled| Annealed |Cold-rolled 
loneation,. per CeNtas nc. caacin. ass ce oases 11 3 
Yield strength, 1000 lb. per sq. in........... 19 25 37 38 


Tensile strength, 1000 lb. per sq. in.......... 34 32 42 45 
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good properties when added to magnesium. The best alloys are given 
in Table 6. 

Magnesium-thallium Alloys.—Fig. 7 shows these alloys to be weak, 
but ductile. The extruded bar is rough at the lower percentages. 
Thallium is like cadmium in that ductility rises while strength falls. 
The increase in ductility is greater, and the loss in strength less, 
however. 
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Fic. 7.—PROPERTIES OF MAGNESIUM-THALLIUM ALLOYS. 
Hard = cold-rolled; soft = annealed. 


Magnesium-tin Alloys —Fig. 8 shows that tin strengthens magnesium 
considerably, with some loss in ductility. The extruded bars were rough, 
and had to be rolled at a high temperature. Because of the nature of 
the phase diagram, annealing was done at 400°, 500°, 600°, 800°, and 
1000° F.; age-hardening was at 450° F. Hardening was observed from 
4 per cent Sn on up. 


TABLE 6.—Properties of the Best Alloys of the Magnesium-silver System 


Ductility, Strength, Both, 
4 per cent Ag 12 per cent Ag 8 per cent Ag 


Properties 


An- Cold An- Cold An- Col 
nealed | Rolled | nealed | Rolled | nealed Rolled 


Elongation, per cent..............5..- 20 16 
Yield strength, 1000 lb. per sq. in...... 22 35 25 38 
Tensile strength, 1000 lb. per sq. in..... 35 41 39 45 


Magnesium-zince Alloys.—The rolling temperature of these alloys was 
lower than that of the others, correlating with the lower eutectic melting 
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point (644° F.). Again the phenomenon was observed of hot-shortness 
in solution heat-treated single-phase alloys at temperatures well below 
that of the eutectic melting point. Fig. 9 presents the data in the usual 
form. The ductility of 2 per cent 


Zn is less than that reported by ~ i 
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Hard = cold-rolled; soft = annealed. 


annealed state, agree. This phenomenon can be seen on many of the 
graphs. The best alloys in the range studied are given in Table 7. 

Age-hardening was observed from 2 per cent Zn up. This makes 
the 5 per cent Zn alloy additionally desirable, since it can be age- 
hardened considerably. 


TABLE 7.—Properties of Best Magnesium-zine Alloys in Range 


Studied 
Ductility, Strength, Both, 
3 Per Cent Zn | 8 Per Cent Zn | 5 Per Cent Zn 
Properties 
An- Cold- An- Cold- An- Cold- 
nealed | rolled | nealed | rolled | nealed | rolled 
Hlongabion, per Cent... 26 <6... «err 20 16 19 
Yield strength, 1000 lb. per sq. in...... 26 36 21 41 25 39 


Tensile strength, 1000 Ib. per sq. in 36 40 50 38 47 
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CONCLUSIONS 


We are now in a position to compare these binary alloys to see which 
are the best in the classifications we have made. The best ones are: 
for ductility, 3 per cent Zn; for strength, 9 per cent Al; and for both, 
6 per cent Al, where strength is the primary object; and 5 per cent Zn, 
where ductility is the primary object. If the sheet may be age-hardened 
to attain strength, 5 per cent Zn offers the best combination. Thus, the 
superiority of aluminum and zinc alloys is established. Alloys of silver 
are also good, but are somewhat inferior to the best alloys just mentioned. 

The alloying elements can be divided into classes according to the 
nature of their effect: 

1. Strengthening increases continuously with alloy content to a 
possible maximum, but ductility has a maximum at a lower alloy con- 
tent than the maximum in strength. In order of their effectiveness, we 
have: for strength, aluminum, zinc, silver, nickel, copper; for ductility, 
zinc, silver, aluminum, nickel, and copper. 

2. Little strengthening, but increased ductility: thallium and cadmium. 

3. Strengthening, but loss in ductility: tin, lead, bismuth, and 
antimony. 

Another way of summarizing the results would be to classify the 
metals according to the sum total of observed effects and the desirability 
on that basis of using those elements in sheet: 

1. Highly desirable: zinc, aluminum, silver, thallium, and cadmium. 

2. Possibly desirable: nickel and copper. 

3. Not desirable: tin, lead, bismuth, and antimony. 

It must be recognized that the properties of polynary alloys of 
magnesium with these elements are not predictable solely on the basis 
of the properties of the binary alloys. However, the effect of the added 
metal in binary combination does furnish a lead as to where the emphasis 
should be put in studying polynary alloys. 


SUMMARY 


1. The tensile properties of several magnesium-base binary alloys 
have been studied in rolled strips by a method adopted especially to 
eliminate comparisons in which the effects of working would play a part; 
rather, the results are comparable strictly on a basis of alloy composition. 

2. The following elements have been studied up to the limits indi- 
cated: 9 per cent Al, 7 per cent Sb, 9 per cent Bi, 18 per cent Cd, 10 
per cent Cu, 11 per cent Pb, 9 per cent Ni, 12 per cent Ag, 15 per cent TI, 
10 per cent Sn, 8 per cent Zn. 

3. These elements may be arranged in order of the goodness of their 
general effect as follows: zinc, aluminum, silver, thallium, cadmium, 
nickel, copper, tin, lead, bismuth, and antimony. 
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An X-ray Study of the Alloys of Silver with Lead, Bismuth 
and Thallium 


By Ham H. Cuiswix,* anp Ratpo Huutreren,{ Mempesr A.I.M.E. 
(New York Meeting, February 1940) 


In recent years considerable attention has been devoted to the devel- | 
opment of new commercial uses for silver, chiefly because of lowered 
prices and large stocks of the metal. This has led to increased interest 
in the phase diagrams of silver alloys. The silver-lead diagram is 
reported! to be of the simple eutectic type, but no measurements of the 
solubility of lead in silver have been made. The solubility of silver in 
lead has been estimated? from diffusion experiments and resistance 
measurements to vary with temperature from 0.09 to 0.18 atomic per 
cent (0.05 to 0.10 weight per cent). Silver-rich silver-lead alloys have 
recently been recommended as high-strength bearing metals.* The 
silver-bismuth diagram is similar.t The solubility of bismuth in silver 
has been estimated to be about 5.5 weight per cent on the basis of X-ray 
work.4 Matthiessen® found a solubility of silver in bismuth from 0.25 to 
0.50 per cent by conductivity measurements. Silver and thallium form 
the same type of diagram,! with no data on their mutual miscibilities. 

We have studied the first two of these diagrams by X-ray methods, 
verifying their main features and determining the solubilities of lead 
and bismuth in silver at several temperatures. We also determined the 
solubility of thallium in silver at one temperature. The solubilities of 
silver in lead and in bismuth were found to be too low to be detectable. 


MATERIALS AND MEtTHops 


Mallinckrodt precipitated silver, analytical reagent, was used. 
Maximum impurities listed on the label were: chloride, 0.005 per cent; 
copper, 0.001; iron, 0.002; other heavy metals (as Pb), 0.002; and sulphate 
(SO3), 0.05. The lattice constant was found to be ao = 4.0782 A., in 
good agreement with the value of Jette and Foote,® ay = 4.0779 AS for 


Manuscript received at the office of the Institute Dec. 1, 1939. Issued as T.P.- 
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pure silver, Spectrographic standard lead was purchased from the 
American Smelting and Refining Co., known impurities being stated 
as less than 0.0001 per cent. Its lattice constant was found to be 
do = 4.9399, compared with ao = 4.9396 listed by Wyckoff? for pure 
lead. Mallinckrodt’s analytical reagent bismuth was used. The follow- 


TaBLE 1.—Silver-lead Alloys 


ee Cent sees e Anneal, Lattion Constant oA. Soiubility, of ee 

0.0 4.0782 fe 

0.5 300 4.0804 wu 

1.0 300 4.0823 o 

2.0 300 4.08385 3} 

3.0 300 4.0835 Le 

4.0 300 4.0837 1.3 
25.0 300 4.0837 123) 
25.0 280 4.0826 1.0 
25.0 250 4.0807 0.6 


# One-phase region. 


ing maximum impurities were listed on the label: arsenic, 0.000 per cent; 
copper, 0.005; iron, 0.00; lead, 0.00; silver, 0.005; zinc, 0.00. Its lattice 
constants were found to be a) = 4.5367, co = 11.8381, compared with the 
values of Jette and Foote,® a) = 4.5372, co = 11.8381, for pure bismuth. 


TaBLE 2.—Silver-bismuth Alloys 


Biota For Cent Pag Saale eee, Wetiicere onatnets ine oe eee 
0.0 4.0782 2 
0.5 259 4.0805 a 
0.6 259 4.0809 2 
1.0 259 4.0832 a 
3.0 259 4.0853 1.5 

25.0 259 4.0852 eRe 
1.0 250 4.0833 © 

« 1.0 226 4.0822 0.8 

2.0 226 4.0824 0.9 

0 200 4.0812 0.6 

2.0 200 4.0813 0.6 


@ One-phase region. 


Thallium was obtained from A. D. Mackay, New York, and was said to be 
more than 99 per cent pure. Its lattice constant was not determined. 
Alloys were prepared by melting the metals together to form ingots 
weighing 1 to 2 grams. The melting was done in evacuated, sealed-off 
Vitreosil tubes by holding the tubes for 5 min. in a furnace at 1010°C. 
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TaBLE 3.—Silver-thallium Alloys 


Weight Per Cent Temperature of Anneal, F 4 Solubility of Thallium, 
* Phalki nae ue 4 Deg. C. Lattice Constant, A. Weight Per Cent 


4.0782 
287 4.0793 


287 4.0804 
287 4.0832 
287 4.0884 
287 4.1023 


5 2-09 8 Be 


ornNr OO 
Cree © St 


bo 


@ One-phase region. 


Ingots of which the loss in weight was less than 0.1 per cent were accepted 
without analysis; all others were rejected. The ingots were cold-worked 
and annealed in a vacuum for four weeks at a temperature 10°C. below 
the eutectic temperature, in order to secure maximum homogeneity. 
Powders filed from these ingots were sealed off in evacuated Pyrex tubes 
and given a final anneal for several weeks at temperatures held constant 
within 1°C., finally being, quenched by suddenly breaking the tube under 
water.2 Lattice constants corrected to 25°C. were determined by 
Cohen’s®* method, using a back-reflection focusing camera. ‘To ensure 
equilibrium, each determination made after an anneal of two weeks was 
repeated with an anneal of four weeks. Checking results were obtained 
in each case. 


RESULTS 


The absence of intermediate phases in the silver-lead and silver- 
bismuth systems was confirmed. Powder patterns of samples of 
intermediate composition annealed for four weeks near the eutectic 
temperature showed the presence of two phases, which were identified 
as the terminal solid solutions. Diffraction patterns of the thallium 
phase were not obtained, probably because of tarnishing difficulties. 


The lead phase showed no change of lattice constant in the presence 


of silver. If Vegard’s law were followed, a silver solubility of 0.06 atomic 
per cent (0.03 weight per cent) could be detected. The bismuth lattice 
constants changed less than the estimated experimental error (1 part 
in 10,000), when melted and annealed with silver, consequently the 
solubility of silver in bismuth must also be small. Solid solubilities of 
silver-rich alloys were determined by the method shown in Fig. 1. 
Results are given in the tables. The thallium solubility was not as 
accurately determined as the others because of a long extrapolation 
complicated by a slight curvature in the lattice constant-composition 
curve. Temperature versus solubility for the silver-lead and silver- 
bismuth systems are plotted in Figs. 2 and 3. 
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Discussion oF REsuuts 


The solubility of lead in silver was found to be much less than the 
value estimated by Hansen ;! moreover, it decreases rapidly with tempera- 


4.0880 


4.0860 


Lattice iat A.units 


> 4.0840 


4.0780 
0 COR os ele 210, Peer 6.0 
Weight per cent bismuth 
Fig. 1. 


ture, a fact that he did not show in his diagram. The solubility of 
bismuth in silver is far less than that found by Broderick and Ehret* 
by X-ray methods for ‘‘slowly cooled” alloys. The difference in results 
lies mainly in the lattice constant-composition curve for the one-phase 


310 280 
300 210 
290 260 
; 250 
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a 280 *: 240 
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= E220 

5 260 a 
E 250 eee 
S 200 
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230 180 
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Weight per cent lead 
Fig. 2. Fia. 3. 


region. The rather remarkable shape of their curve could be explained 
by precipitation of bismuth during cooling. Since their work was 
performed at a time when the importance of constant-temperature 
annealing and rapid quenching was often not appreciated, we feel that 
this is a probable explanation. : 
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There is a small negative deviation from Vegard’s law in the lead and 
bismuth systems; a considerable one for thallium. Lead and bismuth 
atoms have a much larger radius than silver (21 and 26 per cent, respec- 
tively) so that, according to Hume-Rothery,’° their miscibility should be 
severely restricted by the size factor and should decrease with tempera- 
ture. Our results bear out these predictions. Thallium, with a size 
factor nearly as unfavorable (19 per cent larger than silver), has a solu- 
bility of nearly 5 atomic per cent. Probably this can be accounted for 
by an attraction between thallium and silver atoms, which is indicated 
by the negative deviation from Vegard’s law. 
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Effect of Composition upon Physical and Chemical Properties 
of 10-karat Gold Alloys 


By Tracy C. Jarrert,* Junior Memper A.I.M.E. 
(Chicago Meeting, October 1939) 


In making gold alloys possessing certain physical properties, such 
important factors as corrosion resistance, color, hardness and melting 
points must be considered. All of these requirements depend directly 
upon the composition. It is possible to obtain the same colored gold 
alloy by using different compositions, but in doing so one may bring in 
some undesirable property. Other investigations have been carried on in 
this field by F. 10g Carter,! E. M. Wise,” and L. Sterner-Rainer.’ 

To make a complete study of the effect of composition upon these 
properties, a systematic investigation was carried on involving a range 
of copper content from 85 to 65 per cent. Elements such as zine, silver 
and nickel were used to replace in part the copper content. The gold 
content in all the alloys remained constant. 

Only 10-karat gold alloys of those containing 41.6 per cent gold will be 
considered. All of the alloys were made in an induction furnace. Each 
alloy was cast in a 3 by 4 by 34-in. ingot. The method of obtaining the 
melting points and making color determinations was described in a 
previous paper.* The Rockwell B scale with the }4¢-in. ball and 100-kg. 
weight was used for all hardness determinations. 

The submersion of test pieces in concentrated nitric acid is one of the 
standard corrosion tests used in the optical trade. A test piece in the 
50 per cent cold-worked condition, 14 by 2 by 0.045 in., is blanked from a 
strip using a die, and the weight loss per square inch of surface is taken as a 
means of comparison. The time for this test is 214 hr. of actual sub- 
mersion of the test piece in the acid. This standard test was applied to 
all of the 10-karat gold alloys discussed in this paper. 

The tensile tests were made upon strips of the dimensions shown in 
Fig. 1. The test pieces after blanking were annealed at 1300° F. for 
20 min. and cooled in air. 

The “drop of the beam”? method was used in determining the 
yield point, as there was a very marked ‘‘drop” when the yield point 
was reached. 
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ALLOYS 


Gold-copper-zinc Alloys.—In the gold-copper-zine alloys the zinc 
replaced in part the copper con- 
tent. The effect of this change on 
the physical properties is shown 
in Fig. 2. The hardness in the 
annealed condition is not affected 
greatly by this change in com- 


jF1c. 1—DIMENSIONS OF TEST STRIPS. 


position. The difference between the minimum and maximum hardness 


is only seven points on the Rockwell B scale. 
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The yield point increases slightly in the higher zinc alloys while the 
ultimate strength decreases, as the percentage of zinc increases. The 
elongation and reduction of area also decrease as the percentage of zinc 
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increases. The corrosion loss, as would be expected, increases rapidly 
with the increase of zinc. 

These gold alloys are easy to melt and cast, and all fabricate readily. 
The low annealing temperature, melting point and corrosion loss limit 
the use of gold alloys of this type. 
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Gold-copper-zinc-nickel Alloys —In this group (Fig. 3) zinc and nickel 
replace the copper in equal parts and a very pleasing group of white 
gold alloys is produced. 

The hardness, yield point and ultimate strength increase as the per- 
centage of zinc and nickel increase. The elongation and reduction of 
area increase with the increase of zinc and nickel up to about 18 per cent, 
then drop rapidly as the percentage of zinc and nickel continue to increase. 
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The melting point in this group of alloys remains fairly constant, 
while the corrosion loss increases as the proportion of zinc and nickel 
increases. The corrosion loss was not as great in this group of alloys as 
in the gold-copper-zine group, the nickel having a tendency to retard the 
corrosion slightly when in combination with zinc. 
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These alloys also are easy to melt and cast and fabricate easily and 
most of them can be used for commercial golds. 

Gold-copper-nickel Alloys.—These alloys, (Fig. 4) using nickel to 
replace copper, are hard and possess high yield points and ultimate 
strengths. The hardness, yield point and ultimate strengths increase 
rapidly as the percentage of nickel increases. The elongation and 
reduction of area decrease as the nickel content increases. 

The melting point being high, these alloys are difficult to cast and 
hard to fabricate. Heavy reductions must be used in rolling them, to 
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prevent fire-cracking. They will age-harden to some extent, although no 
great amount was observed. 
The corrosion loss decreases as the percentage of nickel increases; 


just the opposite of the alloys in which zinc is present. The corrosion 
loss is far less when only nickel is used with the copper and gold than 
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when zinc is present in the combination of zinc and nickel, or when zinc 


only is used. 
The hardness and tensile strength will not permit all of these alloys 


to be used commercially. 
Gold-silver-copper-zinc Alloys——When silver and zinc are present in 
equal proportions instead of zinc alone, noticeable changes occur; for 


instance, see Fig. 5. 
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With the gold and copper in the same proportions as in the gold- 
copper-zine alloys the hardness doubles, and as the percentage of zinc 
and silver increases the hardness also increases. 

The yield point and ultimate strength increase in some alloys and in 
others decrease. The values obtained in the gold-silver-copper-zinc 
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group were slightly higher for the same proportion of copper in the gold- 
copper-zine alloys. The reduction of area and the elongation tend to 
increase as the amounts of zinc and silver increase—just the opposite of 
the alloy containing zine but not silver. 

The melting point and corrosion loss decreased as the percentages of 
zinc and silver increased. The corrosion loss was far less when silver 


and zinc were present together in the alloy than when zine only 
was present. 


lt Wan Ble, rs 


| 
aa 


be 


woe ro) ae 


He Be a tee dn Ye bee a Be Sea Sk \ 


a Saath The Doi ie Foe i i Bk te Bi al altel 


TRACY C. JARRETT 453 


Some of these gold alloys may be used commercially, as they have 
good physical and chemical properties. 

Gold-silver-copper-zinc-nickel Alloys.—In this group of alloys, like the 
gold-copper-zinc-nickel group, the hardness, yield point and ultimate 
strength increase as the percentages of silver-zinc and nickel increase. 
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The hardness and yield point are slightly higher in these alloys than in the 
gold-copper-zine nickel series (Fig. 6). 
The corrosion loss decreases as the silver, zinc and nickel content 
increases, opposed to the behavior of the gold-copper-nickel-zine alloys. 
These alloys may be used commercially if the color meets the require- 
ments, as they alloy rather easily and present little difficulty dur- 
ing fabrication. 
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Gold-silver-copper-nickel Alloys——When nickel and silver are present 
together, the hardness, yield point and ultimate strength are lower than 
when nickel only is present in the alloy (Fig. 7). 


TasLE 1.—Data from Which Curves Were Derived 


Cor- 
rosion| Melt-| yield | Ult. |gation, 
Loss, | 98 | Point, | Str., | Per 


Composition of Alloy, Per Cent 


No. Color Grams| Point,| Lp. per |Lb. per| Cent | ,of | Rock- 
D Area, | well B 
Gold | Silver pee Zinc | Nickel 84, In. ro Sa. In. | Sq. In. nals. ise Scale 


GoLD-copPER-ZINC SERIES 


3 | Orange yellow 41.6 50.04) 8.36 0.735} 1720 | 23,800} 53,400) 68.0 | 48.0 | 22 
6 | Brass yellow 41.6 46.00} 12.38 0.733] 1700 | 23,800} 50,000} 66.0 | 48.6 | 20 
9 | Brass yellow 41.6 43.27) 15.13 1.147| 1670 | 20,800) 48,000) 67.6 | 48.0 | 23 
12 | Brass yellow 41.6 40.64) 17.69 1.272| 1640 | 22,300) 47,400) 65.0 | 46.8] 15 
15 | Brass yellow 41.6 38.25) 20.15 1.420] 1610 | 25,300} 46,200) 61.0 | 43.0 | 16 
18 | Brass yellow 41.6 34.8 | 23.59 1.489] 1570 | 28,400) 46,600) 60.0 | 42.2 | 18 


2 | Yellow-pink 41.6 49.8 | 4.12] 4.44] 0.627) 1830 | 32,700} 62,500) 45.0 | 37.6 | 50 
5 | Light pink 41.6 47.0 | 5.60) 5.79] 0.698) 1830 | 32,700) 66,500) 47.0 | 38.4 52 
8 | White-pink 41.6 43.8 7.23| 7.35) 0.767) 1840 | 37,000} 70,500) 45.0 | 41.3 64 
11 | White-pink 41.6 40.88] 8.58) 8.93] 0.778) 1835 | 39,500} 73,800) 50.0 | 42.7 65 
14 | White 41.6 38.3 | 10.51] 9.57) 1.037) 1825 75,000) 50.0 | 41.0 69 
17 | White 41.6 35.33] 11.04] 12.03] 1.000] 1825 | 43,000] 84,000) 45.0 | 35.5 | 78 
GoLD-COPPER-NICKEL SERIES 
1 | Pink 41.6 49.64 8.76) 0.468) 1925 | 50,600) 74,000) 27.5 | 25.1 78 
4 | Blue-white 41.6 46.6 11.77| 0.516} 1960 | 55,000) 79,400) 26.7 | 22.8 83 
7 | Blue-white 41.6 43.54 14.83) 0.400) 1970 | 59,400) 83,600 89 
10 | Blue-white 41.6 40.88 17.52} 0.369) 2005 99,500 92 
13 | Blue-white 41.6 38.05 20.36) 0.209} 2035 | 74,400) 104,900) 26.2 | 20.0 97 
16 | Blue-white 41.6 35.54 23.85) 0.242) 2045 | 104,100/ 111,200} 19.0 | 18.0 | 100 
GOLD-SILVER-COPPER-ZINC SERIES 
21 | Pink 41.6 | 3.61] 50.8 | 3.97 0.314! 1720 | 28,200} 57,700] 50.0 | 40.8 | 45 
24 | Yellow 41.6 | 5.95) 46.83) 5.60 0.335) 1680 | 28,500} 52,000) 56.0 | 42.2 | 45 
27 | Yellow 41.6 | 6.94) 43.8 | 7.65 0.332) 1640 | 28,200) 51,800) 57.0 | 42.2 | 46 
30 | Yellow 41.6 | 8.23) 40.8 9.34 0.441) 1610 | 26,200) 52,400) 58.0 | 44.0 | 48 
33 | Yellow 41.6 .92| 37.72) 10.74 0.568] 1580 | 28,000} 50,600] 60.0 | 44.0 | 49 
36 | Yellow 41.6 | 11.50) 35.15) 11.78 0.913} 1550 | 32,000) 53,500) 60.0 | 44.0 | 58 
GOLD-SILVER-COPPER-ZINC-NICKEL SERIES 
20 | Pink — 41.6 | 2.80) 49.93) 2.45) 3.02] 0.276] 1775 | 37,200} 66,700) 42.5 | 38.3} 56 
23 | Yellow-pink 41.6 | 3.85] 47.01] 4.02) 3.5 | 0.254] 1775 | 38,700} 65,400] 42.0 | 36.2] 62 
26 | Yellow-pink 41.6 | 4.61) 43.39] 5.37] 5.02) 0.230] 1745 | 38,700] 67,900) 41.6 | 36.0 | 68 
29 | Pale yellow 41.6 | 5.59) 40.00) 6.94) 5.89] 0.222) 1720 | 41,700) 73,100) 42.00] 36.0 | 75 
32 | Pale yellow 41.6 | 6.83) 37.8 | 6.9 | 6.83] 0.196) 1705 | 47,600! 79,200) 39.2 | 33.7 | 81 
35 | White-yellow 41.6 | 7.7 | 34.9] 8.1 | 7.7 | 0.184) 1695 | 50,400) 83,300] 40.0 | 34.5 | 84 
| GOLD-SILVER-COPPER-NICKEL SERIES 

19 | Pink 41.6 | 4.5 | 50.19 0.171) 1805 | 40,000} 70,000 35.2 | 72 
22 | Pink 41.6 | 5.37| 47.24 0.132] 1770 | 52,000} 80,000) 37.5 | 82.0 | 81 
25 | Pink 41.6 | 6.83) 44.26 0.155] 1795 | 54,100} 86,800) 82.0 | 282] 89 
28 | Yellow-pink 41.6 | 8.29] 40.76 0.090} 1760 | 60,000) 86,600] 32.4 | 29.1] 91 
31 | Light yellow 41.6 | 10.27| 37.74 0.102) 1775 | 64,400] 88,200} 22.6 | 22.0] 94 
34 ite 41.6 | 11.11} 34.9 20.0 


There is, however, an increase in the hardness, yield point and 
ultimate strength as the percentage of nickel and silver increases. The 
elongation and reduction of area decrease as the ultimate strength 
increases, and as the percentage of silver and nickel increases. 
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The melting point varies slightly with the increase of silver and 
nickel, while the corrosion loss in general decreases. ‘The corrosion loss 
is less in these alloys than in the gold-copper-nickel group and less than 
in any of the alloys tested in this investigation. 

It is possible to use these alloys, but they are hard to cast and do not 
fabricate easily. 


GENERAL Discussion 


When silver is present in any of the 10-karat gold alloys, the cor- 
rosion loss is greatly reduced. Silver tends to change the brass yellow 
color to a milder and softer yellow shade. 

Nickel is a whitening agent; it tends to reduce corrosion loss and 
increase the hardness, yield point and ultimate strength. Zinc, on the 
other hand, tends to increase the corrosion loss and decrease the hardness, 
yield point and ultimate strength. 

All of the 10-karat gold alloys show a tendency to tarnish when sub- 
mitted to a moist hydrogen sulphide gas test for 2 hr. All of the 10-karat 
gold alloys will stiffen to some extent upon aging, although the amount 
may be slight. 

In this investigation it is difficult to say what causes the marked 
changes in the alloys of one particular group. At the time of writing 
this paper, the author is not in a position to say just what the exact 
causes may be, but it is suggested that intermetallic compounds play a 
very important part. It is almost impossible to compare one group 
directly with another group of a different composition, although the 
group may contain some of the same elements. 

The data from which the curves were derived are shown in Table 1. 
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Effect of Composition on Color and Melting Point of 10-karat, 
12-karat and 14-karat Gold Alloys 


By Tracy C. Jarrett,* Junior Memser A.J.M.E. 
(New York Meeting, February 1939) 
Tue alloying of various elements with gold to produce different colors 
is an old art, but the effect of each element or combination of elements 


is not generally known. Investigations have been made in this field by _ 


F. E. Carter,! E. M. Wise,? and L. Sterner-Rainer.’ It is the intent of 
this paper to present in schematic diagrams the effects of various ele- 
ments upon the color and the melting point of gold alloys. 

In this investigation 2-oz. melts made in a high-frequency induction 
furnace were used for all tests. The melting points were determined 
by the use of a calibrated chromel-alumel thermocouple sealed in a thin- 
walled alundum tube. The couple was then submerged in the molten 
metal and the freezing and melting points were determined by using a 
Leeds and Northrup potentiometer. By checking several melts using 
copper, zinc and gold, it was found that the accuracy of determining 
the melting point was within +5° F. 

To determine the differences in colors and to classify them, a wet 
tissue paper was placed over the polished samples and examined under 
a uniform white light. The 2 by 4 by 0.045-in. samples were cut from 
50 per cent cold-worked strip. The original ingot was 3 by 14 by 34 in. 
This visual comparison, although not scientifically exact, served as a 
quite satisfactory means for determining and classifying these differences. 

The base alloys, or “hardeners,’’ were first made up and analyzed, 
after which the gold and silver were added. This method of making up 
the alloys was chosen so that the same base alloy could be used for 
the gold alloys of different karats. 

The first series consisted of gold, copper, zine and nickel, the copper 
comprising from 85 to 65 per cent of the content of the ‘‘ hardener” and 
the zine and nickel replacing copper. The second series consisted of 
gold, silver, copper, zinc and nickel, the copper comprising from 85 to 
65 per cent of the content of the hardener with the silver, nickel and 
zine replacing copper. 

There was no particular reason for choosing these combinations, 
except that they gave a color range from red-pink to white. 


Manuscript received at the office of the Institute March 28, 1939. Issued as T.P. 
1091 in Mrrats TrcHnoioey, September 1939. 

* Assistant Metallurgist, American Optical Co., Southbridge, Mass. 

1 References are at the end of the paper. 
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In Figs. 1 to 6 the maximum and minimum composition limits are 
shown with their respective colors and melting points. The gold content, 
as shown in the diagrams, depending upon the quality, is kept constant, 
and the other elements are varied to produce the different colors. 

10-karat Gold Alloys.—In the 10-karat gold alloys, it appears that 
with increasing amounts of zinc there is a decided change in the color 
from orange yellow to brass yellow (Figs. 1 and 2). When zinc and 
silver are added in equal amounts to the gold-copper alloy, the yellow 
color is still maintained. The melting points of the 10-karat gold alloys 
containing both zinc and silver are slightly lower than when zinc only is 
present, and in both cases the melting point is lowered as the zinc con- 
tent is increased. 

When increasing equal amounts of zinc and nickel are added to the 
gold-copper alloy, a trend toward white is apparent. With increasing 
(equal) amounts of zinc, silver and nickel, the color tends to go to the 
yellow-white side. The melting point, when zinc and nickel are present, 
remains constant, and when silver, zinc and nickel are present the melting 
point decreases as the proportions of these elements increase. 

When nickel is added to gold and copper, the color becomes whiter 
as the nickel content increases, and the melting point increases. When 
nickel and silver in equal parts are added to the gold-copper alloy, the 
color tends to go to the white-pink as the nickel and silver content 
increases, while the melting point remains fairly constant. 

12-karat Gold Alloys.—The principal differences between the 12-karat 
group (Figs. 3 and 4), and the companion group of 10-karat gold alloys 
are found in the nickel, copper, gold series. The white color produced 
by increasing the amount of nickel tends to go to the pink side in the 
12-karat, while in the 10-karat it becomes whiter. The melting points 
of the 12-karat alloys as compared with the 10-karat in the same series 
are always slightly lower. 

In the 12-karat group, using silver (Fig. 4), the melting points are 
sometimes slightly higher and sometimes slightly lower than correspond- 
ing 10-karat alloys. The color classification is practically the same. 

14-karat Gold Alloys.—In the 14-karat gold alloys (Figs. 5 and 6), 
most of the melting points are slightly lower than those of correspond- 
ing 10-karat or 12-karat gold alloys. The colors are similar to the 
10-karat and 12-karat series, but a few are slightly yellower or whiter. 
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Effect of Cold-work upon Hardness and Recrystallizing 
Behavior of Pure Platinum 


By E. M. Wisz,* MemsBer, AND R. F. Vines,* JUNIoR MemsBer A.J.M.E. 
(New York Meeting, February 1940) 


Ir is known qualitatively that the recrystallization behavior of 


platinum is dependent upon the amount and particularly the nature of — 


impurities present, the amount of prior cold-work and the annealing 
time and temperature, but published data are limited. A study of the 
effects of cold-work and annealing temperature on the hardness of 


a sample of very pure platinum was undertaken to supply part of 


this information. 


CONCLUSIONS 


1. The platinum used in the experiments had a probable platinum 
content of 99.99+ per cent, and had the following mechanical properties 
in the completely softened condition: Vickers hardness number, 39.4; 
ultimate tensile strength, 19,340 lb. per sq. in.; proportional limit, very 
low; elongation, 37.5 per cent in 2 inches. 

2. The effect of cold-rolling on the hardness is shown in Fig. 1. 
The hardness increases rapidly up to 10 to 15 per cent reduction and more 
slowly up to about 75 per cent reduction, beyond which it increases 
more rapidly. 

3. The recrystallization temperatures for a 15-min. anneal, after cold- 
rolling 19, 39.5, 50.8, 66, 80.5 and 89.5 per cent reduction in thickness, 
are approximately 765°, 700°, 635°, 600°, 545° and 425°C., respectively. 


4. The recrystallized grain size of this platinum is a function of the | 


percentage of cold reduction, being larger the lower the percentage 
of cold-work. 

5. Little or no grain growth resulted from subjecting recrystallized 
samples to higher temperatures or annealing for longer times. 


Prior Work 


As already mentioned, data on the recrystallization of platinum are 
scarce. Gmelin’s' handbook, which summarizes data published earlier 
than August 1938, lists values ranging from 400° to 810°C. for the mini- 
mum temperature of recrystallization of samples with rather indefinite 


Manuscript received at the office of the Institute Dec. 1, 1939. Issued as T.P. 
1167 in Merats Tecuno.oey, February 1940. 
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1 References are at the end of the paper. 
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histories. The effect of annealing temperature on the tensile properties 
hardness, electrical conductivity and grain size of cold-worked platinum 
has been studied by several investigators, but generally the observations 
have been limited to the effects obtained after a single degree of cold-work. 
Feussner? studied the recrystallization of hot-worked platinum and found 
the grain size to be larger the higher the annealing temperature and the 
lower the amount of hot-work. Wise and Eash* determined the effect 
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Rate oF HARDENING 


fo) 20 40 60 80 100 
Per CENT REDUCTION 
Fic. 1.—Errect or CoLD-ROLLING ON HARDNESS AND RATE OF HARDENING OF 
PLATINUM. 


of annealing temperature on the tensile properties of platinum and 
platinum alloys reduced 50 per cent in area by cold drawing. ‘They 
found that an annealing temperature of 1000° to 1100°C. was required 
to completely soften C.P. platinum in 5 minutes. 


EXPERIMENTAL PROCEDURE 


A 2 by 354 by 0.240-in. thick bar of platinum that had been hard- 
rolled in a direction parallel to the 2-in. axis was employed. Samples 
from the same melt showed an electromotive force of plus 32 microvolts 
at 1200°C. against platinum of National Bureau of Standards Pt 27 
purity, indicating a probable purity of 99.99+ per cent platinum. This 
bar had a Vickers hardness of 102 to 104 as received, which from the cold- 
rolling curve obtained later indicates that it had been cold-rolled about 
72 per cent. 
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To provide wire for tensile tests, two pieces 3g by 0.240 by 35 in. 
were cut from the bar and reduced to 0.092-in. wire by swaging with 
intermediate 15-min. anneals at 800°C. at approximate reductions of 
50 per cent in area. A final cold reduction of 53.5 per cent in area was 
used in obtaining the 0.092-in. wire for test. The tensile tests were made 
in a 1000-lb. Amsler testing machine using either the 100 or 200-Ib. scales. 
An Anderson extensometer with a 2-in. gauge length was employed. The 
proportional limit of the completely annealed samples was definitely 
below 2000 lb. per sq. in. but could not be determined accurately. 

The remainder of the original bar was annealed at 800°C. for 15 min. 


and water-quenched. This treatment reduced.the Vickers hardness ~ 


number to 41.6. It was then cold-rolled to a reduction of 48.3 per cent, 
the direction of rolling being 90° to that used in the prior rolling. Rean- 
nealing as above yielded a Vickers number of 42.4. The bar was then 
re-rolled in the same direction to obtain a work-hardening curve. Pieces 
approximately 114 by 2 in. were cut from this bar after reductions in 
thickness of 19, 39.5, 50.8, 66, 80.5 and 89.5 per cent; the odd values being 
the result of a desire to avoid light passes and not more than two passes 
were employed between the reductions indicated. ‘These pieces were cut 
into smaller samples and annealed at temperatures ranging from 300° 
to 1100°C. | 

A small electric furnace, automatically controlled, was used for the 
annealing treatments. The annealing times noted are times at tempera- 
ture and unless otherwise mentioned the samples were water-quenched 
after annealing. Tensile-test wires were placed in small-bore refractory 
tubes for annealing to maintain straightness and were air-cooled 
after annealing. 

Hardness tests were made on the Vickers hardness tester, using the 
diamond pyramidal indenter. Where possible, a load was selected to 
give a diagonal reading of 400 or more units, although loads less than 
5 kg. or more than 30 kg. were not used. At least three readings were 
taken on each sample, the average being reported. In general the 


variation of the individual readings from the average value was less . 


than one hardness number but on partially recrystallized samples greater 
variation was observed. On cold-rolled samples, the indentation diagonal 
parallel to the direction of rolling was longer than that in the direction 
perpendicular to rolling. 


RESULTS AND Discussion 


Effect of Cold-rolling on Hardness.—Cold-rolling causes a rapid increase 
in hardness up to 10 to 15 per cent reduction in thickness, a more gradual 
increase between 15 and 75 per cent reduction and then a slightly more 
rapid increase up to 90 per cent reduction, as shown in Fig. 1. The 
latter increase is believed to be real and has been previously noted in the 
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tensile strength of cold-worked aluminum.‘ Reductions above about 
80 per cent also sharply alter the trend of the curve for recrystallizing 
temperature vs. percentage of reduction, as will be discussed later. 

The rate of hardening (increase in hardness/percentage reduction), 
which was calculated for each 10 per cent interval, is shown in Fig. 1, 


Vickers HARDNESS 


ANNEALING TEMPERATURE °C 
Time-15 MINUTES 
Fic. 2.—ErFrect OF ANNEALING TEMPERATURE ON HARDNESS OF COLD-ROLLED 
PLATINUM. 


which indicates that the rate of hardening decreases rapidly up to 30 or 
40. per cent reduction, gradually increases up to 70 or 80 per cent 
reduction and then increases rapidly. 

Effect of Annealing on the Hardness of Cold-rolled Platinum.—Anneal- 
ing curves for platinum, reduced 19 to 89.5 per cent in thickness by cold- 
rolling and annealed for 15 min. at temperatures ranging from 300° to 
1100°C., are shown in Fig. 2. It is evident that as the percentage of cold 
reduction is increased, the minimum temperature necessary for complete 
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softening (complete recrystallization) is reduced. Observation of etched 
samples showed that completely softened samples had fully recrystallized. 
Once the sample has been completely recrystallized, the hardness is not 
materially lowered by increasing the temperature or (from the results 
of additional experiments) the time of annealing. 

Effect of Cold-work and Annealing Temperature on Grain Size.—The 
pieces used in the annealing tests were etched without polishing to reveal 
the grain size near the surface. A number of etchants were investigated 
in an attempt to obtain a reagent that would selectively attack the grain 
boundaries, but none was found. Aqua regia, which was finally used, 
produces a rather flat etch, making grain counts rather difficult. In 
spite of this difficulty it was obvious from visual observation of etched 
samples that the grain size, once the sample had recrystallized, was not 
increased by higher temperature or longer anneals. It was also apparent 
that the ultimate recrystallized grain size was a function of the percentage 
of cold reduction, as generally occurs. These facts are not clearly brought 
out in Table 1, where the smallest amount of cold reduction was 19 per 


TaBLe 1.—Relation between Amount of Cold-rolling and Grain Size 
Developed on Annealing 


Cold Reduction, Per Cent 
Annealing 
Temperature, 19 39.5 50.8 66 80.5 
Deg. C. 
Number of Grains per Sq. Mm. 

1100 1.3 2.3 2.0 et!) PAST h 
900 1.5 2.2 2:2 24 2.9 
800 1.3 
700 1.8 2.2 2.0 222 
600 mek Peal 2.2 


cent, but they become increasingly evident at lower cold reductions. 
Thus, in samples cold-rolled 6.1, 8.1 and 10.2 per cent and annealed at 
1100°C. for 15 min., the diameter of the average grain in the plane of 


rolling was approximately 5 mm., 2 mm. and 1 mm., respectively. A . 
sample reduced 3.1 per cent did not recrystallize at 1100°C. but on — 
annealing at 1316°C. recrystallized, yielding grains with an average — 
diameter of 9 mm. in the plane of rolling. It should be noted that.in — 


these samples the maximum dimension of the grains was generally 
greater than the thickness of the sheet and it is possible that this may 


have had some influence upon the results. Torch annealing of the sample — 


‘ 


cold-rolled to 3.1 per cent reduction at a temperature near the melting — 


point (1773°C.) did not increase the grain size beyond that obtained after 
annealing at 1316°C. Similarly, the grain size of a sample reduced 


E. M. WISE AND R. F. VINES 469 


50.8 per cent was not noticeably larger after annealing at 1316°C. than 
after annealing at 800°C. Thus it appears that little if any grain growth 
occurs in this sample of platinum in the absence of stress. Other experi- 
menters have noted that some samples of platinum behaved in a manner 
similar to that described herein, whereas other samples showed marked 
grain growth. Palladium also shows both behaviors. At present the 
factors responsible for these differences in behavior are not known. 
Recrystallization Temperature.—From the hardness data, the recrystal- 
lization temperatures for platinum cold-worked 19, 39.5, 50.8, 66, 80.5 
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Fic. 3.—RELATION BETWEEN PERCENTAGE OF COLD REDUCTION OR COLD-ROLLED 
HARDNESS AND MINIMUM RECRYSTALLIZING TEMPERATURE OF PLATINUM FOR 
15-MINUTE ANNEALS. 
and 89.5 per cent reduction in thickness are approximately 765°, 700°, 
635°, 600°, 545° and 425°C., respectively, for 15-min. annealings. Hard- 
ness changes become insensitive indicators of recrystallization at lower 
amounts of cold-work so visual observation of the changes in grain size 
was used in estimating the recrystallization temperatures for reductions 
below 19 per cent. The combined result of these hardness and grain-size 
studies is given in Fig. 3, which shows the approximate relation between 
cold-work and the temperature required to effect complete recrystalliza- 
tionin15 min. Also included in this figure is the derived relation between 
the cold-worked hardness and the recrystallization temperature. From 
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this figure the marked effect of cold-work in decreasing the recrystalliza- 
tion temperature is apparent. The sample reduced 89.5 per cent in 
thickness appears to be out of line, but it is to be noted that this reduction 
is within the range where the rate of hardening upon cold-rolling increases 
rapidly. The minimum recrystallization temperature for a fixed reduc- 


tion is also dependent upon the annealing time, but this was not exten- — 


sively investigated. However, hardness numbers given in Table 2 show 
that platinum rolled 80 to 90 per cent can be completely recrystallized 
at 400°C. within 48 hours. 


TaBLE 2.—Annealing-hardness Tests on Pure Platinum 
VickER’s HarpNESS NUMBERS 


Tensile Properties—The tensile properties of this platinum after 
cold-swaging to 53.5 per cent reduction in area to 0.092-in. dia. were: 
tensile strength, 29,500 lb. per sq. in.; proportional limit, 18,500 lb. per 
sq. in.; elongation, 4.5 per cent in 2 in.; hardness (on end of rod), 80.5 
Vickers. It may be noted that the hardness values obtained on trans- 
verse sections of the swaged rods differed from hardness values obtained 
on sheet rolled to a similar reduction. The tensile-strength values of 
annealed samples of platinum were not as uniform as hardness values 
obtained on sheet. For samples annealed between 700° and 1100°C. for 
15 min., the tensile strength averaged 19,340 lb. per sq. in., the minimum 
value being 18,350 and the maximum 19,900 lb. per sq. in. The change 
in tensile properties with annealing temperature over the range 700° to 
1100°C. is scarcely greater than the scatter in the values for fixed tem- 
peratures, which is not surprising in view of the virtual absence of grain 
growth. The average tensile properties for this annealed platinum are: 
tensile strength, 19,340 lb. per sq. in.; proportional limit, very low; 
elongation, 37.5 per cent in 2 in.; havdwceh (on end of rod), 39.4 Vickers. 


SUMMARY 


The effect of cold-work and annealing temperature on the hardness, 
tensile properties, grain size and recrystallization temperature of a very 
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pure platinum has been determined. It has been shown that the recry- 
stallized grain size, as disclosed by etching the unpolished surf ace, and the 
recrystallization temperature are complex functions of the percentage of 
cold reduction or the cold-rolled hardness. Time is also an important 
factor in determining the recrystallization temperature but has not been 
extensively investigated. Increasing the annealing temperature or time, 
once recrystallization has been completed, has very little effect. on the 
grain size, hardness or tensile strength of this sample of platinum. 
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DISCUSSION 
(Cyril Stanley Smith presiding) 


G. Sacus, * Cleveland, Ohio.—It has been pointed out by Jeffries and Archer that 
abnormal grain-growth characteristics may be caused by the effect of the heating rate. 
Thus a very peculiar type of excessive grain growth causes some difficulties in copper 
manufacturing. The development of very large grains appears to be restricted to 
heavy reductions and low annealing temperatures, while higher annealing tempera- 
tures produce a medium-sized grain, probably because of the higher rate of heating. 


C. 8. Srv1u, t Newark, N. J.—Fig. 2 indicates that the Vickers hardness for annealed 
platinum is the same for all reductions; this is at variance with results we have 
obtained from tensile tests, which show that a lower reduction in area between anneals 
during working results in a metal of lower tensile strength and elongation than that 
obtained by heavy reductions. Using an 800°C. working anneal and a 15-min. final 
anneal at various temperatures, we have found a tensile strength of 18,900 lb. per 
sq. in. with a 26 per cent elongation in 2 in. for 50 per cent reductions between anneals, 
while for 93.8 per cent reductions the figures were 19,600 lb. per sq. in. and 35 per cent. 
The results were the same for all final annealing temperatures above that of full 
softening. If the working anneal was increased from 800° to 1200°C., we found only 
slight variations from these figures, with a tendency, however, to lower values. 

As regards grain size obtained in the tests described above, we found that it was 
influenced by the temperature of final anneal—the higher the temperature, the larger 
the grain. The size was also affected by the temperature of the prior working anneal. 


However, the reduction between anneals had the greatest influence. 
* Assistant Professor, Metallurgical Department, Case School of Applied Science. 
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In explanation of the divergence of our results from those of the authors, we 
believe it lies in the difference of the size of test sample; we have used 0.050-in. wire 
and the grains were always smaller than the diameter of the wire, while Wise and Vines 
state that ‘‘the maximum dimensions of grains was usually greater than the thickness 
of the sheet.” 

We believe that other factors than temperature and reduction influence the 
recrystallization habit of platinum, and are investigating this phase of the problem. 
We mention this merely to advise caution in drawing conclusions at present on recrys- 
tallization phenomena in platinum. 


B. Brenner,* New York, N. Y.—In referring to relatively pure platinum, “‘com- 
mercial’? (INCO) platinum is frequently better than plus 80 microvolts versus Pt 27 
at 1200°C., or about 99.99 per cent pure. A differentiation, therefore, between ‘‘very — 
pure” platinum of plus 32 microvolts versus Pt 27 at 1200°C. and “‘extremely pure” 
platinum, which might be zero to Pt 27, seems incongruous. However, aside from 
cold reduction and purity, the nature of impurity present certainly affects the 
recrystallization temperature. C.P. platinum wire minus 5 microvolts to minus 6 
microvolts versus Pt 27 at 1200°C. with a corresponding purity (excluding gaseous 
impurities) of about 99.9999 per cent with a reduction of about 90 per cent recrystal- 
lizes at 400°C. within one hour. I consider elongation an excellent criterion for the 
progress of recrystallization. 

In order to elucidate and understand the irregular behavior of C.P. platinum as to 
grain growth, it seems necessary to consider also the effect of absorbed oxygen that is 
liberated and migrates into the grain boundaries above about 600°C. 

Some observations as to the effect of cold-work upon the tensile strength of C.P. 
platinum wire might be of interest here. With reductions of above 99.8 per cent, its 
tensile strength increases from 60,000 to over 100,000 lb. per sq. in. Wire thus 
reduced recrystallizes below 400°C. in about one hour. 


F. E. Carrer, + Newark, N. J.—Before broad conclusions can be drawn on recrys- 
tallization of metals, several factors must be taken into account. Our experience with 
the recrystallization of platinum has made it clear that eventual grain size is very 
susceptible to previous work and heat-treatment. 


W. B. Pricz,{ Waterbury, Conn.—Not enough attention has been given to the 
effect of small impurities in inhibiting grain growth. Certain impurities in the third 
place of decimals will inhibit grain growth even though the alloy has been annealed 
five or six times at the same temperature. The grain size will remain the same when 
the material is annealed at higher temperatures, 


H. E. Srauss,§ Newark, N. J.—Several investigations on platinum in our 
laboratories have failed to produce concordant results. Some years ago a sample of 
sheet of slightly higher purity (as determined by thermal electromotive force) than 
that used by Wise and Vines was tested after 85 per cent cold reduction. A hardness 
curve similar to that of the authors was found, but with a sharper break between 300° 
and 400°C. ; after annealing, the grain size, including any grain growth, decreased from 
400° to 650°C., and then increased regularly to 1600°C. Later Mr. Sivil, also of our 
laboratories, tested another sample as wire and obtained results that tended to show 
that grain size was little affected by temperature. More recently tests on a much 
purer sample were made, again in wire form, and the grain size (including growth) 


* Sigmund Cohn, Platinum. 

+ Physical Metallurgist, Baker Platinum Works. 

t Chief Chemist and Metallurgist, Scovill Mfg. Co. 

§ Research Physicist and Metallurgist, Baker and Co. 


DISCUSSION 473 


showed a definite maximum at an intermediate temperature, which is strongly 
reminiscent of a germinative temperature; but the maximum grain size decreased with 
either increased time of annealing or subsequent higher temperature annealing. We 
are investigating the causes of such contradictions at the present time. 

If one may judge from platinum, some metals, perhaps only pure ones, are able to 
achieve a release of strains and a certain degree of atomic ordering and recrystallization 
before full, approximately perfect recrystallization takes place. The units in such 
cases, to judge from platinum, are larger and more rambling in appearance than those 
resulting from the later, more perfect ordering. The looser, less perfect structure 
apparently can organize a larger volume than the more perfect type of crystallization; 
and further annealing actually produces a diminution in grain size. 


E. M. Wist anv R. F. Vines (authors’ reply).—It is well known that several 
factors in addition to the amount of cold-work affect recrystallization behavior, but in 
our study the amount of cold-work was the important variable. Our conclusions, 
particularly those relating to freedom from grain growth, strictly apply only to 
platinum of similar purity processed as indicated. However, it is interesting to note 
that other investigators using platinum of equal or even higher purity obtained 
results on annealing temperature and tensile strength agreeing closely with those 
found by us. 

With regard to Mr. Sivil’s observations on the effect of the amount of prior cold- 
work upon the tensile strength of annealed platinum, it will be noted from Table 2 
that there is also a tendency for the samples given high cold reductions to have a 
slightly higher annealed hardness than samples given low cold reductions. However, 
this difference is no greater than that produced by variations in annealing temperature 
for a single cold reduction, is almost within the limit of experimental error and would 
be difficult to show in Fig. 2. We also agree with Mr. Sivil with respect to the 
dominating influence of the amount of cold-work in determining grain size, but the 
increase in elongation with increased amounts of cold-work prior to the final anneal 
observed by him seems greater than would be expected from the change in grain size 
and may be due in part to the development of preferred orientation. In the event 
that minute inclusions of low solubility are present, their residual amount and size 
would be influenced by the prior annealing temperature. 

Any divergence between our results and those of Mr. Sivil is probably not due to 
the size of the test sample, since most of our samples were thicker than the 0.050-in. 
diameter wire he used; the quotation ‘‘the maximum dimension of the grains was 
usually greater than the thickness of the sheet’’ applying only to specimens reduced 
10.2 per cent or less. 

The terminology employed in designating the purity of sensibly pure metals is 
inadequate and for this reason we stated the probable platinum content of the sample 
used, referring to it indiscriminately as ‘‘pure” and “very pure” in the text. As 
previously noted, the nature and state of combination of the impurities present are 
important in determining recrystallizing behavior but convenient and reliable methods 
of determining traces of impurities are not available. 


R. F. Ment, discussion on page 168. 


Tensile Strengths at Elevated Temperatures of Fine Wires 
of Some Platinum Alloys — 


By H. E. Srauss,* Memser A.J.M.E. 
(New York Meeting, February 1939) 


Tue short-time tensile-strength test, while it has not attained the 


practical importance of the creep test at elevated temperatures, has the - 


advantage of being rapid and is satisfactory for determining relative 
strengths. For platinum and its alloys, which frequently are used at high 
temperatures under ill-defined conditions, the short-time test provides 
useful data that aid in the selection of the most promising alloy for each 
use. Measurements have been made upon 13 alloys, using wire 0.0031 in. 
in diameter, the choice of alloys and of wire size being determined by the 
requirements of a practical problem. Later the measurements were 
extended to higher temperatures by the use of heavier wire, 0.010 in, 
in diameter. 


APPARATUS 


The use of fine wire made the necessary equipment very simple, since 
no effort was made to measure the elongation. A small platinum-wound 
horizontal furnace was used, )4 in. in internal diameter by 1 ft. long, with 
the wire threaded through it. The wire, clamped at one end while the 
other ran over a ball-bearing pulley, of a total length of 29 in., was 
loaded directly by running sea sand into an attached basket, making the 
rate of loading and not of elongation constant. The sand flowed from a 
funnel, under a head of 3 in., into the basket 3 in. below the orifice, 
at the rate of 170 grams per minute. Pulley friction and bending resist- 
ance of the wire as well as the force of impact of the sand could be neg- 


lected, being 3 grams and 0.5 grams, respectively. Furnace temperature . 


was uniform within +5° C. over a length of 3 in., although a drift with 
time occurred, the largest amount being 20° C. No provision was 
necessary for a controlled atmosphere. 

In making the measurements, the furnace was brought to equilibrium 
before being used, and the temperature was measured with a platinum 
platinum-10 per cent rhodium thermocouple and a _high-resistance 
pyrometer before and after all the tests at one temperature. The wire 
sample, after being threaded through the furnace and attached to the 
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basket, was drawn back into position, clamped, and immediately loaded 
to avoid elongation before the test proper. It was assumed that these 
fine wires reached temperature practically instantaneously. The test 
wire was always subject to an appreciable initial load, unlike the condi- 
tions of the standard tensile-strength test; this being constant and 
35 grams, the weight of the basket, in the first series of measurements, and 
in the later series being made equal to 20 per cent of the breaking load as 
determined by a preliminary test. 


RESULTS 


The first tests, made on fine wires, were at moderate temperatures, but 
later, when it was decided to extend the temperature range, the fine wire 
was found too weak, and a larger size became necessary. Unfortunately, 
only a small supply was available and it was not possible to use this size 
at all temperatures, but it is obvious that different sizes, if loaded inthe 
same times—that is, at the same rates per unit area—should yield 
identical results. Ransley and Smithells,! forexample, have shown that 
with nickel the results of tensile-strength measurements with fine wires 
are in accord with those made on heavier wire. By test a loading rate of 
980 grams per minute was found to be convenient and to give the same 
results as 170 grams per minute with the smaller size. 

The measurements were made on two groups of alloys, all of approxi- 
mately the same melting point and all solid solutions. One group, com- 
posed of binary alloys of platinum with rhodium or iridium and ternary 
alloys with rhodium and iridium, was received as wire at 0.010 in., after 
somewhat varied histories. These were annealed at 1200° C. and drawn 
to 0.0031 in., a reduction of 90 per cent. The other group, composed of 
ternary alloys of platinum with rhodium and ruthenium, received a 
reduction of 98.5 per cent from 0.025 in. to 0.0031 in., after an anneal at 
1000° C. The alloys were tested in both the hard and the annealed 
condition. Although above the annealing point the measurements 
on the hard wire should be the same as for annealed metal, all the data are 
given to show the manner of the change of strength as the annealing 
temperature range is crossed. This information is helpful in understand- 
ing similar behavior in annealed wire, if the heat-treatment has not fully 
removed the working strains. 

The two sets of wires were tested independently, and each set was 
tested separately in the hard and annealed condition. The alloys were 
tested in random order at each temperature to avoid spurious results from 
any furnace drift and the temperatures were selected in irregular order to 
reduce systematic errors that might arise as the measurements progressed. 
Three trials were made with each alloy at every temperature and the 
averages are given in the figures, in smooth curves. 


1 References are at the end of the paper. 
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In this experiment the important data are the relative behaviors, as 
represented by the smooth curves, of a number of alloys, and the general 
behavior of all the alloys as the temperature of testing is increased. The 
numerical values of the tensile strengths at each temperature, being 
subject to a number of chance errors and being determined in a special 
manner, are less important, and may even be misleading if compared with 
other experiments. For these reasons the results are given simply in 
grams breaking load; although, for completeness, the tensile strengths are 


Breaking Load, Grams 


200 400 600 600 1000 1200 
Temperature, °C 


Fig. 1.—BREAKING LOADS OF FIRST GROUP OF WIRES WHEN HARD-DRAWN 90 PER CENT. 


indicated in the figures. The conversion factor to change from breaking 
load to tensile strength in pounds per square inch is 292. 


Discussion oF RESULTS 


The alloys almost invariably maintained their relative strengths at all 
temperatures, either when hard, as in Figs. 1 and 2, or annealed, as in 
Figs. 3 and 4. Wise and Eash? found a similar result with platinum 
alloys and palladium alloys separately at temperatures up to 1100° C., 
except that platinum with 10 per cent rhodium maintained its strength 
better than the other alloys. The present results do not show any 
essential differences between rhodium and iridium alloys. Ransley and 
Smithells,* in testing different grades of nickel, found that, except for 
a special refined nickel, all maintained their relative strengths to 1000° C. 
Thus it appears to be true that solid solutions of the same predominant 
metal maintain their relative order of strengths at all temperatures not 
too close to the melting point. 
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Comparison of the curves for annealed and hard-worked wires, 
particularly Fig. 3, show that the fully annealed alloys tend toward a 
linear relation between decline in strength and increase in temperature, 
although there is still a change in the relation at the annealing point. 
Wise and Eash? found much the same linear relation, using temperatures 
to 1100° C., although Ransley and Smithells! found it only in a specially 
refined nickel and observed arrests at 300° to 450° C. with the other 
grades. Hard wires exhibit a marked drop in strength at the annealing 
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Fig. 2.—BREAKING LOADS OF SECOND GROUP OF WIRES WHEN HARD-DRAWN 98.5 
PER CENT. 


point, and the question arises whether similar breaks in the curves of 
annealed wire indicate incomplete removal of initial internal working 
strains or merely a difference in the rate of removal, above and below the 
annealing range, of the strains developing during the test itself. 

In Fig. 3 the curves extrapolate naturally to the solidus points, show- 
ing how the melting points will modify the relative order of strengths at 
temperatures sufficiently high to make the differences in melting point 
significant. A corollary of an approximately linear temperature-tensile 
strength curve is that the melting point has a profound influence upon the 
short-time tensile strength. At a temperature that is a given fraction 
of the melting point, a metal maintains the same fraction of its tensile 
strength, which in the centigrade system should be measured at 0°. 
Thus, of two alloys of equal strength at room temperature, at an elevated 
temperature the stronger one will be that with the higher melting point. 
Or, all alloys showing such a linear relation, at temperatures that are 
equal fractions of their respective melting points, retain equal fractions 
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of their strength as measured at the base temperature. Thus the alloys 
of Fig. 3 maintained 46 to 47 per cent of their strengths at half their melt- 
ing points. The data of Wise and Eash? show that platinum at half its 
melting point (887° C.) retained 32 per cent of its strength, and palladium 
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(777° C.) retained 34 per cent, while Ransley and Smithells,! also deform- 
ing their samples at a constant rate, found that a refined nickel (726° C.) 
retained 31 per cent of its strength in close agreement with the results of 
Wise and Eash. The difference from the present results may lie in the 
different manner of testing. On the other hand, Wise and Eash? found 
vhat at 1100° C., platinum, with a melting point of 1773° C., retained 
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16.6 to 18.8 per cent of its strength, while palladium, melting point 
1554° C., retained only 10 to 11.2 per cent. 


CONCLUSIONS 


1. Alloys that are simple solid solutions with practically equal melting 
points maintain their relative order of strengths at all temperatures not 
too close to the melting point. 

2. The loss in strength with increase in temperature tends to be an 
approximately linear relation in a fully annealed solid solution. Material 
with working strains shows a rapid decrease in strength at the annealing 
range of temperatures. 

3. As a result of the linear relation, it follows that different alloys 
retain equal fractions of their strengths at equal fractions of their melting 
points and that a higher melting metal maintains its strength better than 
a lower melting one. 
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DISCUSSION 
(Frances Hurd Clark presiding) 


R. Vinzes,* Bayonne, N. J.—The conclusions drawn by Dr. Stauss would be 
particularly useful if they could be used to estimate strengths at high temperatures 
from known room-temperature properties. However, it appears that conclusions 
1 and 3 are contradictory. Conclusion 1 (that the alloys maintain their relative 
order of strengths at all temperatures) is apparently valid for the alloys that were 
tested, but certainly would not be if platinum alloys melting at a lower temperature 
than pure platinum had been included in the tests. For example, a 20 per cent Ni, 
80 per cent Pt alloy would have a tensile strength, at room temperature and in the 
annealed condition, higher than any of the alloys used by the author, but at 1500°C. it 
would be partly molten. However, conclusion 3 (that the higher melting alloy main- 
tains its strength better than a lower melting alloy) would apply in either case. This 
conclusion is also in agreement with the results given by Wise and Eash, who showed 
that a 10 per cent rhodium-platinum alloy, the highest melting alloy they used, main- 
tained its strength better than the others. 

The author used an extremely rapid rate of loading for such fine wires, and the time 
of loading for the weaker wires was as low as 6 sec. A finite time would be required 
to note that a wire had broken and shut off the sand. I believe this overshooting 
of the breaking load is at least partly responsible for the fact that the author found 
that platinum maintained 46 to 47 per cent of its strength at half the melting point 
in contrast to the 31 per cent found by Wise and Hash. 

The author said that he did not think this was so, as the curves extrapolated 
naturally to the melting point. I replotted the reported values on a more open scale 
and found that the points, especially those from 1100° to 1500°C., did not lie on a 
smooth curve and that the curves drawn could be extrapolated with equal accuracy 
to various temperatures, depending upon how the drop at 1000°C. (Fig. 3) was 
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weighted. Since there are no values reported for 1000°C. and the test procedure 
was changed between 900° and 1100°C., the data available do not permit extrapolation. 


H. E. Sravuss (author’s reply).—Conclusions 1 and 2 are supplementary, not 
contradictory; or perhaps somewhat more logically, conclusion 1 is a specialized corol- 
lary of conclusion 3. Conclusion 1 applies under certain limited conditions, and under 
these conditions indicates that curves of the type shown in the figures of the text do 
not cross before the final intersections as they approach their respective melting points 
(solidus points, of course). The example of the platinum-nickel alloy somewhat 
stretches the important qualification in the paper of “‘practically equal melting 
points,’’ and obviously its curve would have to cross the others at a lower temperature 
than did the alloys under test. Conclusion 3 is the more general formulation, but is 
in the nature of an extrapolation of the experimental results given in the paper. 


The error suggested by Vines is the overshooting of the breaking load because of the . 


time required to intercept the sand stream. Essentially this is the reaction time of 
the operator. This error produces a displacement of the breaking load-temperature 
curves parallel to themselves, but does not change the slope. However, this error will 
cause increasing fractional errors in the breaking loads as the latter decrease. The 
magnitude of the overshooting is not great enough to account for the difference 
observed (31 per cent for Wise and Eash and 45 to 47 per cent for me) of the original 
breaking load at half the melting temperature. The 6 sec. is the shortest time, not a 
constant time. The values 45 to 47 per cent given in my paper do not depend upon 
single determinations upon platinum but upon many measurements on many alloys 
with greatly different breaking loads and times of breaking, an indication that there 
is no large systematic error. The curves can be extrapolated as a group, without 
forcing, to their respective solidus points, and there seems to be no reason for extra- 
polating them elsewhere or for assuming a large systematic error. 

The difference in the fraction of strength maintained at high temperatures as 
determined by various investigators lies rather in the differences in experimental 
procedures. The earlier workers used a constant rate of straining or stretching; I used 
a constant rate of stressing or loading. Neither is completely right; both were con- 
venient. In both cases the wires finally broke from the integrated results of complex 
time-load relationships. If the constant rate of loading produces the more nearly 
linear relation between breaking load or tensile strength and temperature, this is an 
important point in its favor. It is not, however, the purpose of the paper to insist 
that such is the case. 
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Metals, 168 
Moat, R. F. anp Ruinus, F. N.: Simultaneous 
Diffusion of Nickel and Silicon in Solid 
Copper, 301 
Microscopic study: brass: recovery and recrystal- 
lization in long-time annealing, 170 
cobalt-nickel-silicon alloys: between 0 and 20 
per cent Si, 373 
copper: internal oxidation, 257 
copper-nickel-phosphorus alloys: solubility 
relationships, 354 
silicon-copper alloys: copper-rich: constitu- 
tion and microstructure, 313, 334 
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Nzxson, H. R. anp Harrineron, R. A.: An Elec- 
tron Diffraction Study of Anodic Films, 
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Nickel: diffusion in solid copper, 301 
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Orientation: metal crystals and grains: determina- 
tion by etch pits, 76 
Oxides: free energy of formation, 257 
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Pearson, C. E,: Discussion on Extrusion of Tin 
and Its Alloys, 398 
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from solid solution, 85 
Phelps Dodge Corporation: study of alpha solu- 
bility limit and first intermediary 
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Platinum: pure: hardness: effect of cold-work, 464 
recrystallizing behavior: effect of cold- 
work, 464 
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elevated temperatures, 474 
Poisson distribution equation: age-hardening of 
aluminum alloys, 98, 109 
Pole figures. See X-ray 
PouusHKIN, E. P.: Discussion on Internal Oxida- 
tion in Alpha Solid Solutions of Copper, 
286 
Precipitation from solid solution: continuous: 
copper-aluminum alloys: crystallo- 
graphic mechanism, 85 
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discussion, 48 

Recrystallization in metals (see also Damping, 
Internal Friction, etc.; also names of 
metals): 

crystallite rotation, 161 
effect of recovery on process, 163, 167 
in long-time annealing of 70-30 brass, 170 
mechanism, 161 
rate of nucleation and growth, 168, 172 
review of accepted facts, 170 , 
theory: Burgers: comments by Burgers, 145 
disagreement with, 167 
modifications, 142 
Taylor’s local distortion: agreement 
with, 167 
disagreement with, 139 
test, 139 
twinning between different grains, 213 
variables, 168 
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